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To seek a better understanding of the compositional and environmental factors affecting the
corrosion behavior of alloys in sulfur-rich atmospheres at temperatures above 600oC, relevant to
advanced combustion systems for power generation, eight chromia-scale-forming commercial
alloys were tested at 750oC in gases with a base composition of N2-15%CO-3%H2-0.12%H2S.
This base composition was made more oxidizing by introducing two different levels of water
vapor, 0.6% and 3%, into the reaction gas. Five model alloys were also prepared to study and
verify the effects of major alloying elements, Cr, Co and Ni, on sulfidation resistance. The
additional three model alloys were prepared to systematically study the effects of minor alloying
elements Ti, Al and Mo. Finally, another group of three model alloys was made to study the
individual effect of titanium on sulfidation resistance.
All alloys eventually exhibited breakaway behavior. A protective Cr2O3 scale formed
initially and then broke down. The mechanistic process of the breakaway corrosion was assessed.
As for the effects of major alloying elements, it was found that the alloys with a Ni/Co mass ratio
near to unity had less weight gain and hence, superior sulfidation resistance. This is because
when the Ni/Co ratio is near unity, Ni and Co availability are both sufficiently low to suppress
their external sulfidation and consequently extend the incubation period. In the range of the
alloys studied, 10-40wt.%Co, weight gain decreased with an increase in the alloy cobalt content.
Similarly, weight gain decreased with an increase in alloy chromium content in the range of 19iv

28wt.%. Nickel was found to have a detrimental effect by increasing the tendency to form a
liquid reaction product. This tendency increased with increasing nickel content in the alloy.
Besides major alloying elements, the judicious addition of minor alloying elements, Al,
Ti and Mo, was found to have a significant effect to improve sulfidation resistance. This is
because the minor additions promoted the formation of an oxide-enriched scale layer-comprised
of Al2O3 and oxides containing Cr and Ti. This oxide-enriched scale layer was inferred to have
inhibited the outward diffusion of base-metal elements, thus mitigating external sulfidation and
consequently internal corrosion. It was found, based on the model alloys study, that remarkable
sufidation resistance could be conferred to an alloy by maintaining an Ni/Co mass ratio near
unity, and adding minor amounts of Al, Ti and Mo. A particularly sulfidation-resistant model
alloy had the compostion of 33.1Ni-22Cr-34.9Co-2.5Al-2.5Ti-5Mo (in wt.%).
The individual effect of titanium was found to promote oxide-scale formation by shifting
the kinetic boundary to a lower oxygen partial pressure. Titanium was observed to exist with Cr
as complex oxides, which nevertheless acted as an effective barrier inhibiting the outward
migration and subsequent external sulfidation of the base-metal elements.
In addition to the effects of major and minor alloying elements on sulfidation resistance,
the mechanisms associated with the sometimes observed formation of whiskers, voids and
nodules were assessed.
In the second part of this thesis, alloys Fe-30wt.%Mo-5wt.%Al and Fe-30wt.%Mo10wt.%Al were studied in a simulated syngas atmosphere. It was found that alloy Fe-30Mo-10Al
had better sulfidation resistance than conventional Ni-Cr-Co high-temperature alloys. The good
corrosion resistance was attributed to the formation of a very thin Al2O3 layer on the surface of

v

the alloy, identified by XPS analysis. The effect of Al level on sulfidation resistance was also
studied and explained.
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1.0

INTRODUCTION

Since the energy crisis in the 1970s and subsequent price rise in the cost of fossil fuels,
great efforts have been made to increase the efficiency of fossil-fuel burning power plants
by increasing their operating temperature. The current operating temperature of the most
efficient fossil-fueled power plants is around 600oC, however, it is predicted that the
operating temperature will increase by another 50 to 100oC in the next 30 years[1].
Besides the effort to improve efficiency by increasing the operation temperature,
environmental safeguards, such as reducing the emission of NOx, have also been
implemented in recent years[2]. Combustion at high temperature and low oxygen partial
pressure is done to reduce the emission of NOx. A low NOx atmosphere usually contains
about 15% carbon monoxide, 3% hydrogen, 0.12% hydrogen sulfide and 3% steam and
nitrogen[3] , resulting in a very low oxygen partial pressure of about 10-20 atm, which is
“reducing” from the standpoint of iron and nickel oxidation (i.e., FeOx and NiO
formation is thermodynamically not possible). The existence of a reducing atmosphere in
the burner prevents the formation of NOx. However, sulfur in the coal reacts to form H2S
under such conditions, which can accelerate the corrosion rate of the waterwall tubes,
leading to a significant increase in structural materials wastage

[3]

. In addition to the

accelerated wastage, commonly used overlay alloys, such as 309 stainless steel and alloy
622, also show circumferential cracking due to preferential sulfidation attack
1

[4-6]

. Some

Thyssenkrupp VDM alloys, such as Alloy 33, 50 and 59, were studied under this kind of
atmosphere[3], but results on other commercially available alloys are generally limited.
Some efforts conducted many decades ago, such as those stemming from EPRI and
COST programs[7], have studied the available materials used at about 600oC in the
operating environments which have a combination of very low oxygen partial pressure
and relatively high sulfur partial pressure. In general, however, there remains very limited
understanding of corrosion processes of alloys exposed to environments relevant to low
NOx combustion systems, particularly at temperatures above 600oC. To that end, the
operation of fossil power plant at higher temperatures in the near future needs much more
reliable guidance for material selection and alloy design.
Accordingly, the first aim of this thesis study is to seek a better understanding of
the environmental and compositional factors affecting the corrosion behavior of some
commercial alloys at temperatures above 600oC. The results from this study will provide
valuable guidance for material selection and design in the environments relevant to
modern low-NOx combustion systems. Model alloys will also be prepared to complement
the testing and analyses of the commercial alloys.
As indicated above, most conventional oxidation-resistant alloys do not have
acceptable sulfidation resistance under the condition where sulfidation is the favored
mode of attack[8,

9]

. This is because the sulfidation rate of most major metallic

constituents in conventional high-temperature alloys are generally 104-106 times higher
than their oxidation rate[10, 11]. The main reason for this is the greater extent of nonstoichiometry in sulfides compared with the oxides[12]. The defect concentration in
common sulfides is orders of magnitude higher than in corresponding oxides.
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Consequently, the diffusion through sulfide scales is very fast, and, hence, the growth
rate of sulfides is fast. By contrast, a number of refractory metals, such as Mo and Nb,
are highly resistant to sulfur corrosion, with the sulfidation rate comparable to the
oxidation rate of Cr[13]. The excellent sulfidation resistance of refractory metals results
from the very low deviations from stoichiometry, and thereby, the low defect
concentrations in the sulfides of these metals. Research has shown that the predominant
defects in these sulfides, as in refractory metal oxides, are S interstitials

[12-14]

. As a

consequence, in contrast to common metals, sulfide scales on refractory metals grow
relatively slowly by inward diffusion of sulfur. In 1974, Strafford et al.[15] was the first to
systematically assess whether the addition of refractory metals is beneficial to the
sulfidation resistance of the common base metal. Douglass and colleagues

[11, 16-18]

subsequently showed that refractory metal sulfides provide moderate protection when
added to common base metals, cobalt, iron and nickel. A study by Kai and Douglass[19]
assessed the effect of addition of Mo to pure iron over the temperature range 600-980oC
in a H2/H2O/H2S mixture having a sulfur pressure of 10-5atm. The result showed that the
addition of Mo can reduce the corrosion rate by about half an order of magnitude.
However, even if the Mo content exceeds 30wt.%, the sulfidation rate of the Fe-Mo
binary alloys cannot decrease further owing to the intercalated structure of MoS2, which
is consequently permeable to transition metals. Wang et al.[20] observed that there is a
dramatic decrease in sulfidation rate when adding Al to an Fe-Mo alloy over the
temperature range of 700-900 oC in 0.01atm sulfur vapor. The sulfidation rate of an FeMo-Al alloy is even slower than that of pure Mo. The reason for this beneficial effect is

3

because of the formation of the spinel, AlxMo2S4, which slows down the outward
diffusion of the base-metal ions[20, 21].
However, all past research on the sulfidation of Fe-Mo-Al alloys was
performed in sulfur vapor or H2-H2S mixed gas. Surprisingly, little work has been done in
the past to investigate the corrosion behavior of Fe-Mo-Al alloys in other simulated highsulfur and low-oxygen industrial atmospheres, such as syngas. Syngas, produced from
coal gasification, is a mixture of gases, predominantly H2S, CO, H2, CO2 and H2O(g).
There is variance in syngas compositions due to the differences in gasifier type, feedstock
and operation parameters. A recent NETL study[22] provides the range of syngas
compositions produced in various gasifier types.
Related to syngas technologies, hydrogen separation provides a pathway for
economical hydrogen production. At present, the commonly used metallic materials for
membranes are pure metals, such as palladium, vanadium and tantalum, or binary alloys
of palladium, such as Pd-40Cu and Pd-23Ag[23]. They are not only expensive, but also
susceptible to contaminants commonly found in syngas, sulfur in particular. Therefore, it
would be greatly significant to find cheaper functional materials which have both good
corrosion resistance and permeability to hydrogen. The Department of Energy (DOE),
Energy & Environmental Research Center (EERC) and National Center for Hydrogen
Technology (NCHT)[24-29] have been doing research to identify viable new hydrogen
separation materials. However, little research has been done on the Fe-Mo-Al alloy, so it
is highly worthwhile to investigate whether such an alloy system can offer a simple and
inexpensive solution for hydrogen separation. Therefore, another goal of the current

4

study is to determine the possibility of functional usage of Fe-Mo-Al alloys as a
membrane in syngas through studying their corrosion behavior.
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2.0

BACKGROUND

Sulfur is generally present as an impurity in fuels or feed stocks. Sulfidation is a
common corrosion attack. Many high-temperature commercial processes, such as oil
refining, coal gasification and fossil-fuel conversion, contain both sulfur and oxygen. The
high-temperature corrosion of metals and alloys in these oxidizing-sulfidizing
environments has been reviewed by Gesmundo el al.[30], Stroosnijder and Quadakkers[31],
Stringer[32] and Gleeson[10]. Sulfidation and oxidation have similar mechanisms, but they
also have several differences. Firstly, sulfidation is more complex than oxidation because
the number of stable sulfides is greater than that of the corresponding oxides. Secondly,
the low melting point of some sulfide eutectics increases the complexity. For example,
the melting point of the Ni, Co and Fe eutectic is 645oC, 880oC and 985oC, respectively.
The formation of liquid reaction products is catastrophic to corrosion resistance because
they can penetrate down through the chromium oxide scale into alloy substrate, causing
the early breakaway of the protective chromium oxide scale and severe internal
corrosion. Furthermore, sulfidation rates of most alloying elements in high-temperature
alloys are generally 104-106 times higher than their oxidation rate[10].
In environments with low-oxygen and high-sulfur potentials, sulfidation can be
the main type of corrosion; although there can be a competition between sulfidation and
oxidations since oxides are generally more stable thermodynamically than comparable
6

sufides.

The

following

background

consists

of

four

topics:

thermodynamic

considerations, kinetic considerations, the effect of alloying elements on sulfidation
resistance and test results of some high-temperature alloys.

2.1

THERMODYNAMIC CONSIDERATIONS

2.1.1 Gas phase equilibrium

Usually, the sulfidizing-oxidizing atmospheres can be classified into two types, SO2
bearing gas (such as hot corrosion in gas turbines) and environments with low-oxygen
and high-sulfur potentials. Many industrial atmospheres such as low NOx burners in coalfired boilers and coal gasification belong to the latter one. The two kinds of sulfidizingoxidizing industrial operating conditions can be indicated in oxygen-sulfur-temperature
diagram, as shown in Figure 2.1.
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Figure 2.1

Oxygen-sulfur-temperature diagram indicating some industrial operating

conditions[33]

The atmosphere with low-oxygen and high-sulfur potentials is of primary interest in
this thesis study. It usually contains H2O (g), H2, H2S and CO. It can be characterized by
equilibrium partial pressures of oxygen (PO2) and sulfur (PS2), which are determined by
the reaction (2.1) and (2.2), respectively.

(2.1)

(2.2)

The condition for equilibrium is given by equation (2.3) and (2.4),
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(2.3)

(2.4)

K1 and K2 are equilibrium constants of reaction (2.1) and (2.2),

and

are

the standard Gibbs free energy change for reaction (2.1) and (2.2) in the unit of J/mole,
respectively. R is the gas constant and T is the absolute temperature. From equation (2.3)
and (2.4), equation (2.5 ) can be obtained.

(2.5)

The ratio of PO2/PS2 can be the measurement of the aggressiveness of a given
environment. The lower the ratio, the more aggressive is the atmosphere.
The equilibrium sulfur and oxygen partial pressures can be calculated under the
assumption of equilibrium conditions and the law of mass action using standard
thermodynamic software, such as HSC software[34]. The PO2 and PS2 of low NOx burners
are about 10-20atm and 10-7atm, respectively. Base metal oxides such as NiO, FeO are not
stable, thus the environment is reducing. However, the oxygen partial pressure is high
enough for Cr2O3 to be thermodynamically stable.
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2.1.2 Equilibrium associated with gas-solid reactions

When a metal is put in the environment with high-sulfur and low-oxygen potential, the
sulfidation reaction may occur according to reaction (2.6),
(2.6)

The condition for equilibrium is given by Equation (2.7),

(2.7)

K6 is equilibrium constant of reaction (2.6),

and

are the chemical

activities of MxSy (metal sulfide) and M (metal), respectively, and can be taken to unity in
the standard state condition. Equation (2.7) defines the sulfur partial pressure for
equilibrium between metal and metal sulfide. This pressure is called the sulfide
dissociation pressure. When the sulfur partial pressure in the environment is higher than
the sulfide dissociation pressure, sulfide will form. The same sort of analysis can be
applied to the formation of oxides. An Ellingham diagram, as shown in Figure 2.2, can
help determine whether the sulfur potential in an environment is high enough to form
sulfides[35]. “The sulfur partial pressure in equilibrium with a sulfide (dissociation
pressure of sulfide) can be read from Figure 2.2 by drawing a straight line from point S
through the free-energy line of the sulfide phase through the temperature of interest, and
intersecting with the PS2 scale. The intersection at the PS2 scale gives the sulfur partial
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pressure in equilibrium with the sulfide phase”[36]. For example, the dissociation pressure
of CrS at 800 oC is indicated by the point 1 in Figure 2.2. An Ellingham diagram can also
help to determine the relative stability of metal sulfides. The lower the free energy line
the more stable is the sulfide. For example, Ni3S2 is less stable than FeS and CrS.

Figure 2.2 Standard free energy of formation of selected sulfides[35]
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2.1.3 Stability diagrams

The thermodynamic relationship between the oxidants, such as oxygen and sulfur, and
the metal can be expressed in the metal-oxygen-sulfur stability diagram. Perkins[37] ,
Hemmings and Perkins[38] discussed how the stability diagram can be used to aid the
understanding of the corrosion behavior of metals in the environment containing both
sulfur and oxygen.
The stability diagram for a metal, M, exposed to an atmosphere containing
sulfur and oxygen, can be determined by considering the reactions as follows.
(2.8)

(2.9)

(2.10)

From reaction (2.8) and (2.9), dissociation pressure for M and MO, M and MS
equilibrium can be obtained. From reaction (2.10), we know that the transition from
oxidation to sulfidation should occur when:
(2.11)
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Where

is the equilibrium constant of equation (2.10). From equation (2.11),

the thermodynamic boundary between sulfide and oxide in the Metal-S-O stability
diagram can be determined.
Figure 2.3 is the stability diagram of the metal-S-O system. This is a simplified
stability diagram; a complete diagram should include sulfates. However, only the simple
diagram is discussed here since sulfate does not form in the gas atmosphere studied in
this thesis. The atmosphere covered by the present study is located in the upper right area.
Some industrial atmospheres, such as low NOx burners and coal gasification, are located
in this region. In the upper left region, sulfides are stable phases since the oxygen partial
pressure in this region is too low to stabilize chromium oxides. The sulfur vapor and H2H2S mixtures are located in this region.
The lines representing equilibrium between metal and metal sulfides, metal and
metal oxide, metal sulfide and metal oxide are labeled in the figure. The equilibrium
boundary between metal sulfide and oxide is called the thermodynamic boundary, as
shown in Figure 2.3.
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(A)
(B)
(C)
[37]
Figure 2.3 Schematic stability diagram for the M-S-O system and possible reaction
paths and products for a pure metal

The possible corrosion products cannot be predicted only by a stability diagram.
Some kinetic factors are also important. Kinetic factors greatly influence the corrosion
behavior of high-temperature alloys. They affect not only the reaction rate but also the
morphology of the corrosion products. Due to kinetic factors the corrosion products
formed may be different from what is predicted by thermodynamics. For example, a pure
14

metal exposed to a gas composition 1 in Figure 2.3 can form several types of corrosion
products depending on the activity gradient of oxygen and sulfur developed in the surface
scale. Since gas composition 1 is located in the metal oxide stable regime, the oxide of
the metal will form. If the oxide is a good barrier to sulfur and oxygen, the activities of
oxygen and sulfur will decrease rapidly through the scale from the surface to the scale
metal interface along a reaction path from “1” to “2” in Figure 2.3. The sulfur activity at
the scale/metal interface, as represented by point 2, is so low that metal sulfide cannot
form beneath the oxide scale or internally in the metal. The scale structure is shown in
Figure 2.3(A). If the oxide is not a good barrier to sulfur, the activities change along path
“1” to “3” from the surface to the interface. In this case, metal sulfides form internally or
as a sulfide layer beneath the oxide scale, as shown in Figure 2.3(B) and (C)[39].
The actual oxide to sulfide transition at a given PS2 actually occurs at a higher
PO2 than that predicted from equilibrium calculations[40]. The experimentally determined
boundary corresponding to a transition between sulfides and oxides is called the “kinetic
boundary”. Figure 2.4 shows the kinetic boundary for 310 SS at 875oC .The actual PO2
values for the transition from chromium oxide to chromium sulfide formation are about
three to four orders of magnitude higher than the equilibrium values. The location of the
kinetic boundary depends on some kinetic factors such as: gas composition and flow rate,
surface finish of the alloy, total pressure, and alloy composition. The gas flows through
the testing system, the lower the flow rate, the closer to the equilibrium. At the surface of
the reaction product, the dynamics is very different from that of the bulk gas. Theoretical
prediction of the location of a kinetic boundary is currently not possible.
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Figure 2.4 Kinetic boundary for 310 SS at 875oC

Why does the actual oxygen partial pressure to form chromia scale deviate so much
from the equilibrium oxygen partial pressure of M and MO equilibrium? One explanation
is the solid solution effect[41]. The other explanation is the reduction of sulfide activity to
less than unity[42]. Another reason might be that the dissociation of H2S is much easier
than that of H2O because the H-S bonding is weaker than the H-O bonding, reflected by
the lower standard free energy of formation of H2S compared to that of H2O[43]. All these
possible and proposed explanations reflect the fact that there is not a complete
understanding of why the formation of MO occurs at higher oxygen partial pressure than
that of M/MO equilibrium.
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2.2

KINETIC CONSIDERATIONS

Although the thermodynamic considerations as discussed in the previous part are
undoubtedly useful in the analysis of the likely mode of corrosion of a given alloy,
kinetic factors such as diffusivity of the different alloying elements will influence the
suitability of a material for long-term application.
In the absence of liquid formation, like oxides, most sulfide scales grow
according to the parabolic rate law, reflecting rate control by solid-state diffusion.
However, the sulfidation rate constants for most metals are much higher than their
oxidation rate, as shown in Figure 2.5. This is because sulfides have the greater extent of
non-stoichiometry than oxides, meaning that a higher defect concentration exists in
common sulfides than in the corresponding oxides, thus leading to the rapid growth rate
of sulfide scales. Solid-state diffusion, kinetic rate laws, defect structures and transport
properties of some common metals are covered in this section.
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Figure 2.5 Collective plot of the temperature dependence of the sulfidation and oxidation
rates of some metals[44]

2.2.1 Solid-state diffusion

In the solid state crystal, diffusion within the lattice occurs by either interstitial or
vacancy mechanism and is referred to as lattice diffusion[45]. Atoms or ions are able to
move because they vibrate around their mean position. The existence of point defects,
such as vacancies and interstitials, permits the possibility for an atom to jump into an
available lattice site. Figure 2.6 shows two common point defects in a pure, singlecomponent solid: a vacancy and an interstitial atom.
Movement via vacancy mechanism is the most common way in which diffusion
occurs. Clearly, diffusion by this way is proportional to the concentration of vacancies.
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Another way of diffusion is by the movement of interstitial species to an adjacent
interstitial site[46]. This is impossible in pure metals because the atoms are large, but
operates for interstitial impurities such as C, H, N and O dissolved in metals. No matter
which mechanism works, the concentration of defects is an important factor in the
particle movement rate.

Figure 2.6 An vacancy and interstitial defect in a single-component crystal lattice

Self-diffusion in pure metals occurs via vacancies. It takes place in the absence of
concentration (or chemical potential) gradient. This type of diffusion can be followed
using radioactive isotopic tracers. The tracer diffusion is usually assumed to be identical
to self-diffusion. In three dimensions, the diffusion coefficient can be related to the jump
frequency of the atoms by Equation (2.12) that is
(2.12)
Where

is jump distance,

is jump frequency. If an atom has enough thermal

energy to overcome the activation energy barrier to migration,
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Gm, it can make the

jump. The possibility of a successful jump is give by exp (- Gm/RT), the same for the
case of interstitial migration. However, the adjacent sites are not always vacant. The
possibility that an adjacent site is vacant is given by zXv, where z is the number of the
nearest neighbor, Xv is the possibility that a site is vacant, which is just the mole fraction
of vacancies in the metal. Combining all these possibilities gives the possibility of a
successful jump as Equation (2.13):
(2.13)
Where

is vibration frequency of the atoms. If the vacancies are in

thermodynamic equilibrium,
(2.14)
Combining Equations (2.12), (2.13), (2.14) gives
(2.15)
Substituting G= H-T S, and for most metals
and

is ~1013(S-1). In fcc metals z=12

the jump distance. Equation (2.15) can be rewritten as
(2.16)
Where

and

Chemical diffusion occurs in a presence of concentration (or chemical potential)
gradient and it results in net transport of mass. The diffusion coefficients for self-diffusion
and chemical diffusion are generally different because the diffusion coefficient for chemical
diffusion is binary and it includes the effects due to the correlation of the movement of the
different diffusing species.
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Defects in the solid-state crystals, such as dislocation, grain boundaries, and
interfaces, have more open structures. As atom migration along these defects is faster than
in the lattice, these defects become high-diffusivity paths. Figure 2.7[47] shows the diffusion
results collected for NiO. Atkinson et al.[48] reported that the oxidation of NiO is controlled
by the outward diffusion of Ni ions along grain boundaries in the NiO film at temperature
below 1100oC. Whether the transport of atoms is via lattice diffusion or high-diffusivity
path depends on temperature and grain size. Usually, small grain sizes and low temperature
are favorable for grain boundary diffusion[47].

Figure 2.7 Transport paths for NiO[47]
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2.2.2

Parabolic rate law and linear rate law

2.2.2.1 Parabolic rate law
When a metal is put in the sulfur-containing gas, the sulfide will form if the partial
pressure of sulfur in the gas is above the dissociation pressure of the metal sulfide. When
a sulfide layer develops to a relatively uniform thickness, its growth may be represented
by a kinetic “law”, typically parabolic for protective behavior, and linear for nonprotective behavior. The two basic kinetic laws will be discussed in this part. Since
sulfidation has similar mechanisms with oxidation, the growth of oxide can be used as an
example to explain the growth process and rate.
Figure 2.8 is the schematic cross-sectional view of a growing oxide scale. The
overall oxidation process includes the following steps [49].
(1) Delivery of oxidant to the scale-gas interface via transfer in the gas phase.
(2) Incorporation of oxygen into the oxide scale (scale gas interaction).
(3) Delivery of reacting metal from the alloy to alloy-scale interface.
(4) Incorporation of metal into the oxide scale.
(5) Transport of metal and/or oxygen through the scale.
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Figure 2.8 Reactions and transport processes involved in growth of an oxide scale

In step (1), the gas phase mass transfer rate can be calculated with the methods
of fluid dynamics. In step (2), the surface chemistry can be used to analyze scale-gas
interactions. In step (4), interfacial redox reactions are rapid and do not usually contribute
to rate control. Although each step could become a rate-controlling process, step (3) and
(5) related to the solid-state mass transfer by diffusion in the oxide and alloy, are
commonly the rate control processes.
The parabolic rate law results, as shown in equation (2.18), when the growth
rate of a compact scale is controlled by diffusion of some species through the scale. The
concentrations of diffusing species at oxide-metal and oxide-gas interfaces are assumed
to be constant. The diffusivity of the oxide layer is also assumed to be constant and
therefore independent of composition. Increase in scale thickness, x, corresponds to an
increase in the diffusion distance for O2- and M2+, so that,
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（2.17）

If no scale is present at t=0, this gives
（2.18）
where kp is the rate constant in the unit cm2s-1, and x=0 at t=0.
When weight change of the sample is measured,

（2.19）

Kw has the unit g2cm-4s-1. For an oxide of stoichiometry MxOy, the relationship
between kp and kw is
（2.20）
Figure 2.9 is the simplified diffusion model for mass transport through growing
metal oxide scale. In the figure, C represents concentration of diffusing species, and C1
and C2 represent their boundary values.
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Figure 2.9 Simplified diffusion model for mass transfer through growing metal oxide
scale

The rate of diffusion in one dimension is described by Fick’s first law[50] as
（2.21）
where J is flux, D is the diffusion coefficient and C is the concentration of a
component. The partial derivation in Equation（2.21）is now approximated by the
difference in boundary values
（2.22）
where C1, C2 are the diffusing component concentration at the scale-gas and
scale-metal interfaces, respectively.
If diffusion is rate controlling, then the interfacial processes must be rapid and
may be assumed to be locally at equilibrium. This is to say C1, C2 are time invariant.
Equation（2.22（2.22） is seen to be equivalent in the form to Equation（2.17）, and
we may write
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（2.23）

where

is the volume of oxide formed per unit quantity of diffusing species.

Equation（2.23）was first derived by Wagner[51], who showed that the scaling rate was
determined by oxide properties: its diffusion coefficient and its composition when at
equilibrium with metal and oxidant. The rate constant by Wagner’s theory of parabolic
oxidation is
（2.24）
Where DM is the diffusion coefficient of metal through the scale,

are

chemical potentials of metal at metal-scale and scale-gas interface.

2.2.2.2 Linear rate law
An oxidation process is controlled by gas-phase transport and /or phase boundary
reaction in a certain stage before the transition to parabolic, solid-state diffusion
controlled kinetics. The linear rate law, Equation (2.25), is usually observed at this initial
stage of oxidation.
(2.25）
where kl is the linear rate constant. The unit of kl is cms-1 if scale thickness is
measured, g cm-2s-1 if scale mass change is measured. Figure 2.10 shows the linear rate
and parabolic rate regimes during oxidation of pure metal.
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Figure 2.10 Illustration of the two oxidation rate regimes

In the initial stage of oxidation, the scale is so thin that diffusion through it is too
fast to be rate limiting, and the phase boundary reaction is usually rate-controlling. In this
case, the metal-oxide and oxide-gas interfaces cannot be assumed to be in equilibrium. It
can be assumed that the reactions occurring at the metal-scale interface is fast and the
process occurring at the scale-gas interface is rate controlling.
At the scale-gas interface, the processes of phase boundary reaction can be broken
down into several steps, as shown in Equation (2.26), when oxygen molecules are the
active oxidizing species in the gas phase. Step (1) shows that the adsorbed molecules
split to form adsorbed oxygen, step (2) expresses that the adsorbed oxygen attracts
electrons from the oxide lattice to become chemisorbed, step (3) means that the
chemisorbed oxygen incorporates into the lattice.

(2.26)
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An example of linear rate law is oxidation at very high temperature in a dilute
oxygen gas mixture. In this case, the surface process, such as molecular dissociation to
produce adsorbed oxygen, CO2(g)=CO(g)+O(ad), is rate controlling.

2.2.3 Physicochemical properties of metal sulfides

The general properties of metal sulfides, and their non-stoichiometry, lattice defects and
transport properties, have been reviewed by Rao and Pisharody[52], Mrowec and
Przybylsk [13],[44].
Since the sulfur ions are larger than O2-, this leads to M-S bond lengths larger than
the corresponding M-O distances. Sulfides have smaller lattice energy than oxides, which
is reflected in the lower free energy for the sulfide formation (as shown in Table 2.1) and
generally lower melting points of sulfides (as shown in Table 2.2). The low stability of
sulfides means that point defects are easily created.

28

Table 2.1 Free energy of formation for sulfides and oxides at 750oC (KJ/ mole metal)
Sulfide

- G

Oxide

- G

FeS

96.8

FeO

197.6

NiS

65.3

NiO

146.6

CoS

77.9

CoO

161.9

Cr2S3

158.8

Cr2O3

432.7

MnS

210.0

MnO

309.7

MoS2

212.0

MoO2

402.2

TiS

247.8

TiO

444.2

TiS2

357.9

TiO2

758.6
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Table 2.2 Melting points of some sulfides, oxides and metal-sulfide eutectics [53-58]

2.2.3.1 Defect structure
The deviations from stoichiometry and semiconducting properties have been investigated
in many sulfides. Figure 2.11 shows a comparison of the non-stoichiometry of some
sulfides and oxides. As shown in this figure, common metal sulfides have greater nonstoichiometry than oxides, so the defect concentration of metal sulfides is significantly
higher than that in corresponding oxides. However, FeS and MnS are the exceptions.
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Fe1-yS and Fe1-yO have similar non-stoichiometry while Mn1-yS shows smaller
degree of non-stoichiometry than Mn1-yO.

Figure 2.11 Comparison of non-stoichiometry of some metal sulfides and oxides[12]
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The defects structure of some common metal sulfides will be discussed below,
since the understanding of sulfide structure will help to learn about their diffusion
behavior. This will be a further aid to explain the difference in the reaction rate between
sulfides and oxides.
Ferrous sulfides
A number of researchers have studied the defect structure of ferrous sulfide,
FeS[57-61].Iron sulfide is metal deficient with cation vacancies as predominant defects.
Figure 2.12 shows the dependence of non-stoichiometry, y, in Fe1-yS on sulfur pressure
for several temperatures. As shown in the figure, the dependence of y on sulfur pressure
is not a simple power function as in the case of non-interacting defects. The defect
concentration decreases with increasing temperature, similar to ferrous oxides, Fe1-yO.
Libowitz set up a model to deduce that this non-typical dependence of y on sulfur vapor
pressure and temperature is due to the strong repulsive interactions between cation
vacancies[62].
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Figure 2.12 The dependence of non-stoichiometry, y, in Fe1-yS on sulfur pressure for
several temperatures[57-59].

Fe1-yO and Fe1-yS have an analogous defect structure and comparable nonstoichiometry. However, it does not mean that the defect structures are exactly the same.
In both compounds, the predominant defects are cation vacancies, but in FeO there are
also interstitial cations of relatively high concentration. The interstitial cations together
with cation vacancies form extended defects called Koch-Cohen type clusters. However,
interstitial cations are not found in ferrous sulfides.
Nickel sulfides and cobalt sulfides
An analogous defect situation exists in Ni1-yS and Co1-yS. They are metal
deficient with cation vacancies as predominant defects. The nonlinear dependence of
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non-stoichiomery on sulfur pressure can also be explained by the Libowitz’s model.
Figure 2.13 shows the dependence of non-stoichiometry, y, in Ni1-yS and Co1-yS on sulfur
pressure for several temperatures.
It should be stressed that defect concentrations in the sulfides of Fe, Ni and Co
decrease with increasing temperature. This behavior is due to strong repulsive
interactions between cation vacancies.

Figure 2.13 The dependence of non-stoichiometry, y, in Ni1-yS and Co1-yS on sulfur
pressure for several temperatures[57, 63]

Manganous sulfides
Manganous sulfide is a metal-deficient, p-type semi-conductor, the predominant
defects being cation vacancies[64,

65]

. The non-stoichiometry of manganous sulfide is

much smaller than in other sulfides. Manganous oxides have the same type of
predominant defects, with the non-stoichiometry one order of magnitude higher than that
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in manganous sulfide. Figure 2.14 shows the dependence of non-stoichiometry, y, in
Mn1-yS on sulfur pressure for several temperatures.

Figure 2.14 The dependence of non-stoichiometry, y, in Mn1-yS on sulfur pressure for
several temperatures

Chromium sulfides
Cr2S3 is a metal-excess, n-type semi-conductor with interstitial cations as
predominant defects[64,

66, 67]

. Non-stoichiometry decreases with increasing sulfur

pressure, as shown in Figure 2.15. It can be noticed that the value of 1/n decreases with
increasing temperature. The degree of ionization of defects should therefore increase with
temperature, as does the value, n.
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Cr2O3 has a very small degree of non-stoichiometry. The defect concentration
in chromium oxide is much smaller than that in chromium sulfides. The predominant
defects are interstitial cations at low oxygen pressures and cation vacancies at high
oxygen pressures[68] [69].

Figure 2.15 The dependence of non-stoichiometry, y, in Cr2+yS3 on sulfur pressure for
several temperatures[64, 66, 67]

Refractory metal sulfides
Because of the very low deviation from stoichiometry in refractory metal
sulfides, there is still insufficient information on defect structures and transport properties
of refractory metal sulfides. Rau[70]has shown that the maximum non-stoichiometry of
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molybdenum disulfides at 1373K (1100oC) is smaller than 8 x 10-5 moles of sulfur per
mole of MoS2.
It has been shown by marker experiments that the sulfides formed on refractory
metals, such as Mo and W, grow by inward diffusion of sulfur. This means that the
predominant disorder in these sulfides, as in refractory metal oxides, is in the anion
sublattice. As a consequence, in contrast with common metals, sulfide scales on
refractory metals grow by inward diffusion of anions.
We can see from Figure 2.5 that some refractory metals, such as Mo and Nb,
have low sulfidation rates. Refractory metals have sulfidation rates of the same order of
magnitude as the rate of chromium oxidation. The slow sulfidation rate of refractory
metals is due to their very low deviation from stoichiometry, that is, low defect
concentration in these sulfides.

2.2.3.2 Transport properties
When considering transport properties, it is usually suggested that matter transport in
metal sulfides is mainly via point defects at high temperature. Generally, sulfide scales on
all common metals grow primarily by the outward diffusion of cations, and on refractory
metals by inward diffusion of sulfur.
There is a difference in matter transport between metal sulfides and oxides
because melting points of metal sulfides are lower than the corresponding oxides. In
sulfides, volume diffusion is still the dominating method of matter transport at lower
temperature than oxides[44, 71].
Transport properties of defects in sulfides may be described by self-diffusion
coefficients and chemical diffusion coefficients. Figure 2.16 shows the collective plot of
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self-diffusion coefficients in some metal sulfides and oxides. As shown in the figure, the
activation energy of diffusion in sulfides is significantly smaller than that of oxides.
Moreover, the self-diffusion rates of some important metal sulfides, such as Co, Ni, and
Cr sulfides, are orders of magnitude higher than in the corresponding oxides[12]. It is also
clearly seen from the figure that self-diffusion coefficients of cations in common metal
sulfides are many orders of magnitude higher than those of anions in refractory-metal
sulfides.[72]
Figure 2.17 shows a comparison of chemical diffusion coefficients in some oxides
and sulfides. As shown in their figure, the chemical diffusion rate in metal sulfides and
oxides do not differ greatly, therefore there is no big difference in the mobility of defects
in metal sulfides and oxides. In fact, the rate of chemical diffusion in sulfides is generally
higher than that in oxides, but this difference does not exceed one order of magnitude.
The self-diffusion coefficient is a product of defect mobility and their concentration. It
can therefore be concluded that, in general, the higher self-diffusion rate in metal sulfides
results from the high defect concentration and not from the great defect mobility[12].
However, there are exceptions. The defect concentration of Mn sulfide is lower
than its oxide, but the mobility of defects in Mn sulfide is higher than that in the oxide.
Because of this compensation effect, the self-diffusion rates in Mn sulfide and oxide are
similar. Fe1-yS and Fe1-yO have similar non-stoichiometry, but mobility of defects in
Fe1-yS is higher than in Fe1-yO, thus leading to higher self-diffusion rate of Fe1-yS than
Fe1-yO.
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Figure 2.16 The collective plot of self-diffusion coefficients in some metal sulfides and
oxides[12]

39

Figure 2.17 The comparison of chemical diffusion coefficient in some oxides and
sulfides[12]

From the above discussion, it is clear that sulfidation rates of common metals
are generally much faster than their oxidation rate. Figure 2.18 shows a collective plot of
temperature dependence of sulfidation and oxidation rates of some metals. As shown in
the figure, the sulfidation rates of some important metals, such as Ni, Co and Cr, are
significantly higher than that of oxidation. Therefore, sulfide scales on common metals
possess poor protective properties. However, refractory metals have good sulfidation
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resistance because their sulfidation rate being comparable to the oxidation rate of
chromium.

Figure 2.18 Collective plot of temperature dependence of sulfidation and oxidation rates
of some metals[12]
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2.3

ALLOY SELECTION AND DESIGN IN ENVIROMENTS WITH LOW-

OXYGEN AND HIGH-SULFUR POTENTIALS

If alloys have long-term corrosion resistance in environments with low-oxygen and highsulfur potentials, it is required that the alloy forms a slow-growing oxides, typically
Cr2O3 (chromia) and Al2O3 (alumina), which act as barrier to the diffusion of metals or
oxidants through the scale. This is because the rate constants of chromia and alumina are
slower than those of Fe, Co and Ni oxides, as shown in Figure 2.19. Therefore, most
commercial high temperature alloys rely on the formation of either chromia or alumina to
provide corrosion resistance. Fe, Ni and Co are the common base metals for high
temperature alloys. The alloys used in atmospheres with low-oxygen and high-sulfur
potential are mostly chromia formers[73]. Even though alumina scale has superior
corrosion resistance, alloys forming alumina layers are usually restricted to coatings of
the M-Cr-Al type, where M is the base metal such as Ni, Fe or Co. This is because the
aluminum content required for the formation of an alumina scale severely reduces the
mechanical properties and the fabricability of these materials [74-77].
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Figure 2.19 Rate constants of several metal oxides[73]

Gleeson[10] gave an example of alloy selection in this kind of sulfidizingoxidizing environment. Alloy 600(mainly 72Ni-16Cr-8Fe,wt.%) can be used in the
environment which is not very sulfidizing because it is susceptible to rapid sulfidation
attack at temperature above 645oC in highly sulfidizing atmospheres due to the formation
of liquid corrosion products. With the increased amount of Cr and Fe, the melting points
of sulfide scale increase to lower the risk of liquid products formation. Thus, stainless
steel 309 and 310, mainly (Fe-(12-20) Ni-(22-26) Cr, wt.%), can be used where the
atmosphere is more sulfidizing. The alloys with higher Cr and Co contents, such as
Haynes 556(mainly 31Fe-22Cr-20Ni-18Co, wt.%), should be used if the environments
become more severe. Co-rich alloys, such as alloy 160(mainly 37Ni-28Cr-30Co-2.7Si,
wt.%) can be used if the severity of the environment keeps increasing[10].
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Since the corrosion resistance of alloys in environments with low-oxygen and
high-sulfur potential rely on the formation of the protective chromia scale, it is of
significance to understand the compositional and kinetic factors which affect protectivescale formation to provide guidance for alloy design.
Figure 2.20

[78]

schematically shows two limiting cases resulting from the

oxidation of a binary A-B alloy in which AO, a non protective oxide, is less stable than
BO, a protective oxide such as Cr2O3 or Al2O3. It is assumed that the difference in
thermodynamic stability between AO and BO is large, the atmosphere is high enough to
stabilize both AO and BO, and they are mutually insoluble. The two limiting cases shown
are internal BO formation below a rapidly growing AO scale and the external protective
BO scale formation.
The thickness of the internal oxidation region is
(2.27)

where

is oxygen solubility in the alloy,

is the atomic concentration of B in

the bulk alloy. Alloying additions which can effectively increase
beneficial in reducing

[79, 80]

.
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or decrease

are

Figure 2.20 The schematic illustration of (a) internal BO formation below a rapidly
growing AO scale; (b) external protective BO scale formation. BO is thermodynamically
more stable than AO.

There is a critical B content,

, for the transition from internal to external BO,

such as Cr2O3, formation.
(2.28)
where
alloy,

is the oxygen solubility in the alloy,

is diffusivity of oxygen in

is diffusivity of B in alloy, Vm is the molar volume of alloy, Vox is the molar

volume of the oxide,

is a constant,

is the stoichiometric coefficient. This critical

value is dependent on kinetic rather than thermodynamic factors. The value required by
kinetics to form Cr2O3 or Al2O3 is much higher than that determined by thermodynamic
consideration.

45

It can be inferred from Equation (2.28) that the formation of external BO is
favored by a high value of

and a low value of

high diffusion path can increase

more than

It is generally believed that the
Therefore, the critical concentration

for protective oxide can be greatly decreased by reducing grain size[81-83] or increasing the
dislocation density at the alloy surface by mechanical deformation, such as abrasion, sand
blasting and shot peening, and so on[83].
As was mentioned above, there is a critical Cr content for the transition from
internal to external oxide. After the formation of the continuous Cr2O3 layer, it is
necessary to determine if its growth can be sustained. The following example illustrates
how that determination can be made.
An Alloy A-B, with BO more thermodynamically stable than AO, is preoxidized in a low PO2 gas where only BO is stable, followed by in-service exposure to a
higher PO2 gas. It is clear that growth of a continuous BO scale requires a sufficient supply
of B from within the alloy to alloy-scale interface. The resulting subsurface concentration
gradient of B is schematically represented in Figure 2.21. The steepest possible diffusion
gradient of B, or the maximum possible rate of supply of B in the alloy, can be obtained
by setting

equal to zero. Under steady-state condition, this maxium supply of B would

have to equal the rate of consumption of B as a result of the BO scale growth.
Wagner(1952) determined the minimum B content,

, necessary for the sustained

exclusive growth of a BO scale on an A-B alloy. Assuming that DB is independent of
concentration, that the growth of BO scale obeys the parabolic rate law, that solvent
metal A is insoluble in BO, and that the recession of the alloy-scale interface can be
neglected, Wagner derived the criterion shown in Equation (2.29).
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(2.29)

Figure 2.21 Schematic representation of the concentration profile of B in a binary alloy
A-B which forms an exclusive scale of BO

This criterion, derived based on supply rather than establishment, gives only the
minimum B content in the alloy necessary to supply B to the alloy-scale interface at a
sufficient rate to sustain the growth of an established BO layer. The actual B content
necessary for both the establishment and sustained growth of a BO scale will probably be
higher than

due to transient and kinetic effects.

Therefore, the critical amount of Cr in the alloy to form and maintain an external
protective Cr oxide scale is determined by equations (2.28) and (2.29) together. Generally,
Cr content in Fe-Ni alloys is above 18wt% to satisfy the requirements of Equation (2.28)
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and (2.29). However, the Cr content in the alloy is typically kept below 30wt.% to avoid
-Cr precipitation, which reduces both the workability and creep strength of the alloy.

2.4

EFFECTS

OF

ALLOYING

ELEMENTS

ON

SULFIDATION

RESISTANCE

High temperature alloys are typically based on Fe, Ni, Co or their combinations, with the
addition of other alloying elements, invariably including chromium, to improve their
chemical and physical properties[84, 85]. Iron-based alloys are the most common because
of the low cost, but the usage is limited because their high-temperature corrosion
resistance and mechanical properties are inferior to Ni- and Co- based alloys. Sulfidation
resistance of Ni-based alloys is not as good as that of Co-base alloys because of the low
melting point of the Ni-Ni3S2 eutectic mixture. The effects of alloying elements on
sulfidation resistance will be discussed below.
Chromium
As mentioned in the previous part, the corrosion resistance of alloys in
environments with low-oxygen and high-sulfur potential rely on the formation of the
protective chromia scale. Chromium also has beneficial effect on corrosion resistance in
purely sulfidizing atmosphere.
Many researchers studied the sulfidation behavior of Fe-Cr, Ni-Cr and Co-Cr
alloys under a sulfur-vapor pressure of 1atm between the temperature range of 600900oC[56, 86-91]. Figure 2.22[44] shows the sulfidation rate of Fe-Cr, Co-Cr and Ni-Cr alloys
as a function of Cr concentration. The alloys have similar kinetics and mechanisms
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irrespective of the alloy composition and temperature. The corrosion rate is a diffusioncontrolled process. The diffusing species are cations and electrons. Figure 2.23
schematically shows the dependence of sulfidation rate on chromium content at 1073K.
The figure can be divided into three regimes. In regime 1, where the Cr content is below
2at.%, a monophase scale formed which consists of base metal sulfide doped with
chromium. The sulfidation rates of Fe-Cr alloy is comparable to that of pure Fe, and
sulfidation rate of Co-Cr and Ni-Cr alloys are higher than that of pure Co and Ni. The
greater sulfidation rates of these alloys as compared to the pure base metal results from a
higher concentration of cation vacancies in the scale due to the doping effect. In regime
2, a heterophase scale forms. The outer layer consists of base metal sulfide. The inner
layer consists of chromium sulfide-base metal sulfide solid solution, acting as an inner
barrier layer. So sulfidation rate decreases dramatically with Cr content in regime 2. In
regime 3, the scale is single phase, consisting of Cr sulfide doped with base metals, so
sulfidation rate is comparable to pure chromium[12]. It is worth noting that the minimum
Cr content for selective sulfidation of chromium to form the single phase scale
(chromium sulfide scale) in Co-Cr alloys is higher than that in Ni-Cr and Fe-Cr alloys[86].
It should be noted that the kinetics and mechanism of oxide scale formation on FeCr, Ni-Cr and Co-Cr alloys depends similarly on chromium concentration, but the
oxidation rate in regime 2 and 3 is many orders of magnitude smaller than that of
sulfidation, as is illustrated in Figure 2.24. As shown in the figure, the oxidation rate of
chromia formers (about 40% Cr) is four orders of magnitude lower than the sulfidation
rate.
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Figure 2.22 The dependence of sulfidation rate of Fe-Cr, Ni-Cr and Co-Cr alloys on Cr
concentration

Figure 2.23 The dependence of sulfidation rate of Fe-Cr, Ni-Cr and Co-Cr alloys on Cr
composition
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Figure 2.24 The dependence of sulfidation and oxidation rates of Fe-Cr alloys on Cr
concentration

Cobalt
As for the effect of Co on sulfidation resistance, many studies have been
performed on Co-based alloys[21, 86, 88, 92, 93]. The results showed that cobalt-based alloys
generally have better sulfidation resistance than Ni-based alloys and Fe-Ni-Cr alloys. For
example, A.Davin[56,

92]

compared the sufidation resistance of alloy 80Co-20Cr with

Alloy 80Fe-20Cr and 80Ni-20Cr in H2S gas at 800oC. Co-base alloys showed better
sulfidation resistance than Fe and Ni-based alloys, as shown in Figure 2.25. Another
example is the work done by Lai

[94]

, as shown in Figure 2.26. Alloy 6B and 188(cobalt51

based alloys) are better than Alloy 800(Fe-Ni-Cr alloy), Alloy 214, 600(Ni-based alloy)
and 310 stainless steel (Fe-Ni-Cr alloys). Generally, Co-based alloys and Co-containing
alloys have higher temperature capabilities and are more resistant to breakaway corrosion.
This is clearly shown in the study of Howes (Figure 2.27)

[95]

where Alloy 310 stainless

steel, Alloy 800 and Alloy 6B were tested in the MPC coal gasification atmosphere
(24H2-18CO-12CO2- 5CH4-1NH3-0.5 H2S-Bal. H2O, PO2=1.3 x 10-15atm),PS2=7.6 x 107

atm) at 980oC. One reason for the beneficial effect of Co is that the high Co content in

Ni-based alloys reduces the risk of Ni-Ni3S2 eutectic formation at 645oC. Another reason
is because of the lower diffusion rate of sulfur in Co than in Ni.

Figure 2.25 Sulfidation of binary alloys in H2S at 800oC
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Figure 2.26 Corrosion of Fe-Ni-Cr,Ni-base and Co-base alloys at 980oC in the MPC coal
gasification atmosphere with 0.5%H2S, PS2=1x 10-7 atm , PO2=1 x10-22 atm [94]

Figure 2.27 Corrosion behavior of several alloys
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Nickel
For nickel based alloys, increasing nickel content greatly increases susceptibility
to sulfidation attack. Figure 2.28 shows the corrosion rates of high-nickel alloy in the coal
gasification atmosphere with 1.0% and 1.5%H2S. As shown in the figure, sound metal
loss increased with increase of Ni content. The detrimental effect of Ni on sulfidation
resistance is due to the low melting point of Ni sulfide. The formation of liquid sulfide
scale is catastrophic to corrosion resistance. As shown in Figure 2.29, the melting point
of Ni sulfide is low. However, in Ni-based alloys, the melting points of sulfide scale
generally increase with the increased addition of Cr and Fe.

Figure 2.28 Corrosion rates of high-nickel alloys in the coal gasification atmosphere with
1.0% and 1.5%H2S[8]
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Figure 2.29 Melting point of sulfide scale formed on Fe-Ni-Cr alloys

Silicon
Silicon is an important minor element frequently used in high-temperature
alloys. Si addition can be used to improve corrosion resistance by forming a continuous
silica layer, which has a very low growth rate, as shown in Figure 2.30. According to a
study by Nagarajan et al.

[96]

, the Fe-18Cr-2Si alloy exhibited significantly better

sulfidation resistance than Fe-18Cr-0.5Si in 24H2-39H2O-18CO-12CO2-5CH4-1H2S1NH3 (PO2=9.9x10-16atm, PS2=2.4x10-6atm,

c=0.3)

at 980oC for 120 hours. When

present in chromia-former alloys at low concentration (below 3wt%), silicon tends to
segregate at the alloy-scale interface and form, under favorable conditions, a more or less
continuous oxide sub layer below the main chromia[97, 98]. This may help to reduce both
internal sulfidation and carburization. A study by G.Y.Lai[99]also showed the beneficial
effect of Si in the Ni-27wt%Cr alloy in the gas mixture (5%H2-5%CO-1%CO2-

55

0.15%H2S-Ar) at 760oC for 500h, as shown in Figure 2.30. However, a large amount of
Si should be avoided due to its detrimental effects on mechanical properties.

Figure 2.30 The effect of Si in the Ni -27wt%Cr alloy on sulfidation resistance

Manganese
Manganese is another common minor element. It acts as a deoxidizer and
desulfurizer. Mn can have a deleterious effect on an alloy’s sulfidation resistance because
manganese diffuses quickly through the chromium oxide layer and reacts with the
environment to form external sulfide, thus accelerating breakaway corrosion[37].
Azaroff[100] proposed a cation diffusion mechanism in close-packed anion lattices that
involves the jump from alternative, adjacent octahedral to tetrahedral interstices. Cox et
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al.[101] were able to calculate and show experimentally that the cation migration in
chromium oxide by this diffusion mechanism decreases in the order: Mn2+, Fe3+, Fe2+,
Ti3+, Co2+, V3+, Cu2+, Mn3+, Ni2+ and Cr3+. This is quite in agreement with the results of
Perkins et al. [102, 103] who showed that Mn and Fe are easily transported to the surface of
chromia scale to form Mn and Fe rich sulfides. They also suggested that the Mn content
in high-temperature alloys used for coal gasification plants should be kept below
0.1wt%[104].
Titanium
As for the effects of titanium on sulfidation resistance, many research has been
done on Fe-based alloys. Bradshaw and Stoltz found that the addition of 3wt.% Ti to
310SS greatly enhanced sulfidation resistance[105]. They tested 310SS and 3wt.%Ti
modified alloy in an MPC gas mixture with 1% H2S at about 1 atm pressure for 100h at
980oC. The 310SS sample showed some sulfide nodules as well as some spalled oxides,
while Ti-modified 310 showed an adherent oxide scale with no sulfide nodules. They
observed the presence of a significant concentration of Ti in the Cr2O3 layer. They also
tested Alloy 800 and 801 in the same environment for 100 hours at 980oC.The Alloy 800
was totally corroded, while Alloy 801 showed an adherent oxide scale with only about
1.4mg/cm2 weight gain. The only difference in the composition of the two alloys is Ti
content, 0.4% for alloy 800, and 1.1% for Alloy 801. Tiaearney and Natesan[106] also
found that Ti promoted the formation of oxide instead of sulfide in the initial corrosion
stage, thus leading to an increased tendency toward formation of oxide scales and
reduced reaction rates. Table 2.3 contains the addition data showing the beneficial effect
of Ti.
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Table 2.3 Results of corrosion test at 1000 oC for 100h in Ar-30H2-30H2O-1H2S [107]
Alloys

Total affected depth,um(mils)

Comments

>1500(59.1)

Liquid sulfides

650(25.6)

sulfide penetration

330(13.0)

sulfide penetration

62(2.4)

Adherent oxide

38(1.5)

Adherent oxide

34(1.3)

Adherent oxide

310HP(b)

310HP+2%Ti

310HP+3%Ti
Test gas was at 1atm, PO2=1.3 x 10-15atm PS2=1 x10-6 atm; HP indicates high-purity material.

Conversely, according to the study by Natesan[108] in the late 1970s, the addition
of 3wt.% Ti to 310SS and Inconel X-750(mainly Ni-(14-17)wt.%Cr) alloy, increased the
corrosion rate. Baxter and Natesan reported that the addition of 3wt.% Ti to a Fe-25Cr20Ni alloy produced less protective scaling behavior than the corresponding pure ternary
alloy[109]. The recent investigation showed that the addition of Ti to some Fe-Cr-Ni alloys
has essentially no effect on the oxidation and sulfidation resistance in a mixed
atmosphere at 700oC[110]. To date, little work has been done on the effect of Ti in Nibased alloys on sulfidation resistance.

Molybdenum
Molybdenum is used in many high-temperature alloys for solid solution
strengthening. Research showed that refractory elements such as Mo are highly resistant
to sulfur corrosion, with the sulfidation rate comparable to the oxidation rate of Cr, as
shown in Figure 2.5. The excellent sulfidation resistance of refractory metals results from
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the very low deviations from stoichiometry, and thereby, the low defect concentrations in
the sulfides of these metals.
In 1974, Strafford et al.[15] was the first to suggest that addition of refractorymetals should be beneficial to the sufidation resistance of the common base metal. In
1989 or 1990, the work of Douglass, Chen et al.[17] , Gleeson et al.[11,

16]

, Wang et

al.[18]showed that refractory metal sulfides provide moderate protection when formed in
common base metals, cobalt, iron and nickel. For example, The study of W.Kai[19]
showed that the addition of Mo to pure iron in the H2/H2O/H2S mixture can reduce the
corrosion rate by about half an order of magnitude, as shown in Figure 2.31. When the
Mo content is above the range of 10-40 wt%, the corrosion rate is relatively independent
of the Mo content.

Figure 2.31 The effect of Mo in pure iron on rate constants[19]
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An understanding of the structure of Mo sulfide (MoS2) is essential to interpret
the limited beneficial effect of Mo. MoS2, in most cases with a hexagonal structure, is a
layered compound consisting of trilayer S-Mo-S slabs held together by weak van der
Wall interactions[111]. Each trilayer slab consists of two hexagonal (0001) planes of sulfur
atoms and an intermediate hexagonal layer of Mo atoms, which are trigonally prismatic
coordinated to the six surrounding sulfur atoms as shown in Figure 2.32(a)[112]. The most
common allotrope of MoS2 adopts 2H-stacking. In 2H- MoS2 the unit cell extends over
two S-Mo-S slabs, and the Mo atoms in one slab are placed on top of the S atoms in the
other, and vice versa as shown in Figure 2.32[112]. Figure 2.32(a) shows the top and side
view of the crystal structure of 2H- MoS2. In the 2H-stacking, adjacent S-Mo-S slabs are
rotated by 60o with respect to each other and shifted so Mo atoms in one slab are placed
over S atoms in the other and vice versa, as indicated by the black arrows. The distance
between the Mo layers is 6.15 . The light gray parallel piping shows the unit cell. Figure
2.32(b) shows a ball model of hypothetical hexagonal MoS2 cluster with the 2H-stacking.
Notice the alternating edge termination. A

S edge in one layer is directly above a

Mo edge in the layer below and vice versa.
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Figure 2.32 Structure of MoS2 from several perspectives

The layered crystal structure of MoS2 enables the intercalation of foreign ions of
size similar to those of the common base metals. The intercalated foreign ions sit in the
octahedral sites within the Van der Waals gap separating two loosely bound S-Mo-S
sandwiches. The intercalated ions can diffuse at a reasonably rapid rate within the Van
der Waals gap. Although MoS2 is an ineffective barrier against the transport of
intercalated metal ions, it is very protective on pure Mo because the diffusion of both Mo
and S does not seem to occur along the open Van der Waals gap.
Aluminum
Since Mo offers only moderate resistance to sulfidation due to the layer structure
of its sulfide, studies have been done to see if superior sulfidation resistance can be
obtained by the addition of a ternary element which may form a protective inner layer or
interact with MoS2 in a synergistic manner to form a protective sulfide. The effects of
some ternary additions (Al, Cr, Mn, Ti and V) on the sulfidation of Ni-Mo, Co-Mo and
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Fe-Mo have been studied in sulfur vapor of 10-2atm over the temperature range 600900oC, by Chen at el[113], Gleeson at el.[21], Wang and Najarajan[96]. Al was found to be
the most effective addition to improve the sulfidation resistance of the ternary alloys. For
example, Kai and Douglass[114] observed a dramatic decrease in sulfidation rate when
adding Al to Fe-Mo alloys in a H2/H2O/H2S mixture over the temperature range 700980oC. The sulfidation rate of Fe-Mo-Al alloys is even slower than that of pure Mo, as
shown in Figure 2.33. Wang et al.[20] also observed that there is a dramatic decrease in
sulfidation rate when adding Al to an Fe-Mo alloy over the temperature range of 700-900
o

C in 0.01atm sulfur vapor.

Figure 2.33 Effect of Al content on the corrosion kinetics of Fe-30Mo-yAl[114]
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The reason for this beneficial effect is because of the formation of the spinel,
AlxMo2S4, which slows down the outward diffusion of the base-metal ions[20, 21]. Al can
be intercalated into the Van der Waals gaps of MoS2 [20]. When Al3+ is intercalated into
the octahedral sites, considerable strain results because the ionic radius of Al3+, 0.51 , is
smaller than the size of the octahedral site, 0.74 . Intercalation of Al3+ leads to the
formation of Al0.5Mo2S4, which is more protective than MoS2. On the other hand, Fe2+
with an ionic radius of 0.76 fits readily into the octahedral sites with very little strain.
The loosely-bound Fe2+ can readily diffuse through MoS2 and leads to the formation of an
outer layer of FeS. The presence of Al3+ in MoS2 successfully block the diffusion path of
iron through the sulfide, leading to the significant decrease of sulfidation rate.

2.5

INTRODUCTION TO SUPERALLOYS

Superalloys are used in high temperature applications requiring excellent creep resistance
and high temperature strength in addition to good oxidation resistance and surface
stability. Corrosion resistance relies on the formation of protective and slow-growing
oxides scales such as Cr2O3 and Al2O3. Traditionally, superalloys are classified as Fe-,
Ni-, and Co-based superalloys.
Superalloys are mainly strengthened by precipitation of intermetallic compounds,
such as ’ and ”. Other strengthening mechanisms include solid-solution hardening,
carbide precipitation and grain boundary control, directional solidification and singlecrystal generation[115].
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Superalloys have a close-packed FCC structure, which is capable of maintaining
relatively high and reliable tensile, rupture, creep, and thermo-mechanical fatigue
properties at temperatures much higher than BCC systems.
Ni-based superalloys contain Ni as base metal element, the reactive oxide
formers (Cr, about 20wt.%), solid solution strengtheners(Mo, W), carbide formers (Ti,
Ta), and deoxidizers/desulfidizers (Si, Mn). The general functions of alloying elements in
Ni-based superalloys are summarized in Table 2.4[116].
Generally, Ni-based superalloy has a gamma Ni matrix with the garmar prime
precipitates, such as Ni3(Al,Ti), which act as coherent barriers to dislocation movement
through the pinning effect. Therefore, Ni-based superalloys have good creep strength.
The major phases in Ni-based superalloys are as follows[116]:
(1) Gamma Matrix (). The continuous matrix is an FCC nickel-base austenitic
phase called gamma that usually contains a high percentage of solid-solution
elements such as cobalt, chromium, molybdenum, and tungsten.
(2) Gamma Prime(’). Aluminum and titanium, for example, are added in
amounts to precipitate high volume fraction of FCC ’, which invariably
precipitates coherently with the austenite  matrix.
(3) Carbides. Carbon, added at levels of about 0.05-0.2%, combines with reactive
and refractory elements such as titanium, tantalum, and hafnium to form MC
carbide. During heat treatment and service these begin to decompose and
generate lower carbides such M23C6 andM6C, which tend to populate the grain
boundaries.
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(4) Grain boundary ’. For the stronger alloys, heat treatment and service
exposure generate a film of ’ along grain boundaries; this is believed to
improve rupture properties.
(5) Borides. They occur as infrequent grain boundary particles.
(6) TCP-Type Phase. Under certain conditions, platelike phases such as , µ, and
Laves form; this can result in lowered rupture strength and ductility.

Table 2.4 The functions of alloying elements in Ni-based superalloys
Elements

Ni

Co

Fe

Cr

Mo,W

Cb,Ta,Ti

Al

C,B,Zr,Hf

Matrix class
’ class
Grain boundary class
Carbide subclass
Oxide scale subclass

Ni-based superalloys are expensive compared to Fe-based superalloys, but they
have excellent creep strength and toughness at high temperature, as shown in Figure 2.34.
Most stainless steels are produced by AOD (argon-oxygen decarburization) steelmaking
process, but some Ni-rich superalloys are produced by vacuum-induction melting(VIM)
process where alloying, melt treatment, and ingot casting are conducted under vacuum.
Chemical compositions can be better controlled by VIM compared to melting in air.
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However, VIM is more expensive than AOD. For further alloy refinement the VIM or
VAR (vacuum-arc remelting ), ESR (electroslag remelting) are used. The ingot is then
rolled, forged, drawn or a combination of these, to furnish a wrought products (eg. Strip,
plate, tube, bar or wire). Thermomechanical treatments are typically utilized to produce a
wrought product[73].

Figure 2.34 Stress required to produce creep-rupture in 100h for various alloys[117].

Iron-based superalloys are essentially compositional extensions of the austenite
stainless steel. They are much cheaper than Ni-based surperalloys, but they have low
creep strength. They are usually used in furnace, heat-treatment equipment(e.g., basket,
trays),piping systems, domestic appliances.
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Cobalt-based alloys are more expensive than Ni-based alloys. They have higher
melting temperature, and thus provide useful stress capability to a higher absolute
temperature than Ni- or Fe-base alloys. Cobalt alloys offer superior hot-corrosion
resistance. Generally, nickel or iron is added to stabilize the high temperature austenitic
FCC cobalt matrix, but the addition is usually limited to 10wt.% in the cast alloys
because higher levels decrease rupture strength. 20-30wt% chromium is also added to
impart oxidation and hot-corrosion resistance, and solid-solution strengthening to some
extent. But higher chromium content should be avoided to restrain the formation of the
detrimental sigma phase. Carbide strengthening is the primary precipitation hardening
mechanism utilized in cobalt alloys. Another strengthening mechanism of cobalt alloys is
solid-solution strengthening, mainly realized by the addition of refractory elements such
as tungsten and molybdenum.
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3.0

OBJECTIVES

In order to obtain a whole picture of the corrosion behavior of alloys in atmospheres with
low-oxygen and high-sulfur potentials, and to enhance the present understanding of
phenomena and mechanisms related to high-temperature alloys exposed to such
atmospheres, the objectives of this thesis study are as follows.

3.1

OBJECTIVE I

In an effort to reduce the emission of NOx in accordance with recently implemented
environmental regulation, low NOx burners are used in the coal-fueled power plants[2].
Besides the effort to reduce the emission of NOx, improvement of

efficiency by

increasing the operation temperature is another consideration[1]. The combined effect of
the increase in the operating temperature and the usage of low NOx burners has led to
cases of severe wastage of the structural materials. Much research has been done in the
past to study the available materials used at about 600oC in the operating environments
that have a combination of very low oxygen partial pressure and relatively high sulfur
partial pressure. In general, however, there remains very limited understanding of
corrosion processes of alloys exposed to environments relevant to low NOx combustion
systems, particularly at temperatures above 600oC. To that end, the operation of fossil
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power plants at higher temperature in the near future needs much more reliable guidance
for material selection and alloy design.
Accordingly, the first aim of this thesis study is to seek a better understanding of
the environmental and compositional factors affecting the corrosion behavior of
commercial alloys at temperatures above 600oC. The results from this study will provide
valuable guidance for material selection and design in the environments relevant to
modern low-NOx combustion systems. Model alloys will also be prepared to complement
the testing and analyses of the commercial alloys. The specific objectives of this study
are as follows:
1. Study the influence of compositional factors on reaction kinetics, e.g.
- Influence of Cr on the location of the kinetics boundary separating sulfide
formation from oxide formation, with the former being unwanted from a practical
standpoint.
- Effects of Ti addition on reaction kinetics (model alloys will be made for the study),
as preliminary results have indicated that this element can confer improved sulfidation
resistance to a base alloy.
- Assess and elucidate the established benefit of using Co rather than Ni as a major
alloying addition for improved sulfidation resistance.
2. Study the effects of gas composition on surface-reaction pathway, i.e., sulfidation,
oxidation or both.
3. Provide mechanistic explanations on the formation of some morphological
characteristics.
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3.2

OBJECTIVE II

As indicated above, most conventional oxidation-resistant alloys do not have acceptable
sulfidation resistance under the conditions in which sulfidation is the favored mode of
attack[8, 9]. Past research has shown that a refractory element, such as Mo or Nb, has very
good sulfdation resistance

[12-14, 19, 118]

. The addition of Al to an Fe-Mo alloy can further

decrease the sulfidation rate[20]. However, all past research on the sulfidation of Fe-MoAl alloys was performed in sulfur vapor or H2-H2S mixed gas. Surprisingly, little work
has been done in the past to investigate the corrosion behavior of Fe-Mo-Al alloys in
other simulated high-sulfur and low-oxygen industrial atmospheres, such as syngas.
Related to syngas technologies, hydrogen separation provides a pathway for
economical hydrogen production. At present, the commonly used metallic materials for
membranes are not only expensive, but also susceptible to contaminants commonly found
in syngas, sulfur in particular. Therefore, it would be greatly significant to identify
cheaper functional materials which have both good corrosion resistance and permeability
to hydrogen. Much research

[24-29]

has been done to identify viable new hydrogen

separation materials. However, little research has been done on the Fe-Mo-Al alloy, so it
is worthwhile to determine if such an alloy can offer a simple and inexpensive solution
for hydrogen separation.
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Therefore, another goal of the current study is to determine the possibility of
functional usage of Fe-Mo-Al alloys as a membrane in syngas through studying their
corrosion behaviors. The specific objectives are as follows:
1. Characterize the microstructure and phase constituents of the alloys and investigate
the corrosion behavior and the corrosion mechanism.
2. Investigate the effect of different Al levels (5wt.%Al and 10wt.% Al) on the
corrosion resistance and on the diffusion behavior of Fe.
3. Gain a better understanding of the corrosion behavior of two-phase alloys.
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4.0

EXPERIMENTAL PROCEDURES

4.1

COMMERCIAL ALLOYS

Eight commercial Haynes alloys were chosen for testing in the simulated environments of
low NOx burners. The nominal compositions of alloys tested are listed in Table 4.1 The
alloys were divided into four types for analysis: (1) Ni-based, (2) Ni-Fe-based, (3) Ni-Cobased, and (4) Co-based. All of the alloys tested are designated as being Cr2O3-scale
forming when exposed to air.
The test samples were prepared from mill-annealed plates that were received from
Haynes International (www.haynesintl.com). The samples had dimensions of about
10mm ×10mm× (1-3)mm (i.e., the thickness of sheet varied). A 1mm diameter hole was
drilled near the edge of a given sample so that it could be suspended in the furnace.
Samples were polished to a 240-grit finish, cleaned in acetone and then weighed prior to
testing. The laboratory testing system is shown schematically in Figure 4.1. The main
part of this system is a horizontal furnace. The testing system was first vacuum pumped
and then purged with argon gas for about 20 hours to remove oxygen prior to exposing
the samples to the reaction gas. The reaction gas flowed through the system at a rate of
50cm3/min. After thermal exposure for a certain time, the samples were taken out of the
hot zone and cooled to room temperature under an argon gas flow. The exiting test gas
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was bubbled through Na2CO3 solution to trap H2S and then through a Bunsen burner to
burn CO to CO2.

Table 4.1 Chemical composition
Alloy

Composition(wt.%)
Ni

Fe

Co

Cr

Al

Si

Mo

Mn

C

Others

Nii-Fe
based

HR120

37

33

3*

25

0.1

0.6

2.5

0.7

0.05

2.5W*-0.7Nb0.004B-0.2N

Ni- based

230

57

3*

5*

22

0.3

0.4

2

0.5

0.1

14W-0.02 La0.015B*

HR160

37**

2*

29

28

-

2.75

1*

0.5

0.05

-

263

52**

0.7*

20

20

0.6*

0.4*

6

0.6*

0.06

2.4Ti*-0.2Cu*

617

54**

1

12.5

22

1.2

-

9

-

0.07

0.3Ti

R-41

52**

5*

11

19

1.5

0.5*

10

0.1*

0.09

3.1Ti*-0.006B

282

57**

1.5*

10

20

1.5

0.15*

8.5

0.3*

0.06

2.1Ti-0.005B

188

22

3*

39**

22

-

0.35

-

1.25*

0.10

14W-0.03La

Ni-Cobased

Cobased

*maximum, ** as balance.

A premixed

gas

cylinder containing N2-15%CO-3%H2-0.12%H2S

was

designated as being Gas 1. Gas 2 and Gas 3 were obtained by bubbling Gas 1 through
distilled water at a controlled temperature of either 0oC and 25oC to obtain 0.6% or 3%
water vapor, respectively. Gas 3, with 3% water vapor, represents the simulated gas of a
low NOx burner. The gas compositions used are the same as those used by Paul et al. [3].
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Gases 1 and 2 were used to study in greater detail the influence of gas composition on the
corrosion behavior. The exposures were at 750oC (1382oF) unless stated otherwise.
After thermal exposure, the samples were visually inspected and weighed. The
samples were then examined using X-ray diffraction (XRD). Diffraction measurements
were performed on as-formed reaction products and base alloys using a Bruker D8
Discover XRD with LynxEye detector. A Cu X-ray source operated at 40kV and 40mA
was used. Patterns were recorded over a 2θ range of 15 to 95° at a scan speed of 0.4
sec/step with the increment of 0.04o.
After XRD analysis, the samples were mounted with epoxy and then polished in a
suspension to 1 um finish. The surfaces of the samples, as well as the cross-sections, were
observed using scanning electron microscopy (SEM). X-ray energy-dispersive
spectroscopy (EDS) was used to conduct semi-quantitative composition analysis.
Besides the above-mentioned analytical techniques, such as XRD, SEM and EDS,
XPS (X-ray photoelectron spectroscopy) was used to assess the surface composition. The
XPS measurements were performed using a PHI 5600ci instrument with monochromatic
Al Kα X-rays and an analyzer pass energy of 58.7 eV. Elemental concentrations were
calculated from O1s, Si2p3, and Zn2p3 peak areas and calibrated sensitivity factors.
Elemental depth profiles were acquired using argon ion sputtering. The differentiallypumped ion gun was operated at 1.5 × 10−2 Pa and 25 mA. The sputtering rate, calibrated
using a 10 nm-thick Pt standard, was approximately 10 nm/min.
Finally, stability diagrams used to describe the equilibrium phases present at
given temperature, pressure and oxidant (O2, S2) potential were constructed from
thermodynamic data in the HSC software. The activity of metals was approximated to be

74

their mole fraction based on the assumption of ideal behavior. The stability diagrams of
selected alloys are shown in Figure 4.2 and Figure 4.3.

Figure 4.1 Schematic diagram of the apparatus used for corrosion studies

Table 4.2 Gas compositions and oxidant potentials in simulated low NOx burners
Gas
number

Gas composition, vol%

PS2(atm)

PO2(atm)

PH2S(atm)

1

N2-15%CO-3%H2-0.12%H2S

1.3 x 10-7

1.0 x10-25

0.0012

1.3 x 10-7

1.1 x 10-21

0.00119

1.3x 10-7

2.9x 10-20

0.00116

2
3

N2-14.91%CO-2.98%H2-0.6%H2O0.119%H2S
N2-14.55%CO-2.91%H2-3%H2O0.116%H2S

75

Figure 4.2 Stability diagram of Alloy HR-120 at 750℃

Figure 4.3 Stability diagram of Alloy 263 at 750℃
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4.2

MODEL ALLOYS STUDY

Eleven model alloys in total were designed to complement the study on commercial
alloys. All the model alloys were fabricated at the Materials Preparation Center of the
Ames Laboratory (www.ameslab.gov). The alloys are prepared by arc-melting 99.95%
purity particles of the constituent elements in a water-cooled copper hearth in an
atmosphere of high-purity argon that was gettered by melted Ti. After melting for several
times, a given alloy was drop-cast into a 10 mm diameter chilled copper mold. The
resulting alloy bar was then annealed. As will be described in the following sections, the
eleven model alloys were classified into three groups: alloys with different Cr and Co
level (Alloys 1,2,3,4 and 5), alloys modified with minor alloying elements (Alloy 6, 7
and 8), and alloys with different Ti levels (Alloy 9, 10 and 11).
The testing system, test gases and test procedures were the same as those used for
the commercial alloys. The procedures of sample preparation and analytical methods
were also the same.

4.2.1 Model alloys with different Cr and Co levels

After melting and casting, model alloys with different Cr and Co levels were annealed at
1100oC for 24 hours. The nominal compositions are listed in Table 4.3.
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Table 4.3 The composition of model alloys with different Cr and Co level
Alloy
1
2
3
4
5

Composition (wt.%)
Cr (wt.%)
22
22
28
28
28

Ni (wt.%)
58
38
32
52
62

Co (wt.%)
20
40
40
20
10

4.2.2 Model alloys modified with minor alloying elements Al, Ti and Mo

The selected model Alloys 1, 2 and 4 were modified by adding minor amounts of Al，Ti
and Mo. The nominal compositions of the three new model alloys are shown in Table 4.4.
The alloys were annealed at 1100oC for 24 hours.

Table 4.4 The composition of model alloys 6,7 and 8(wt.%)
Alloy

Ni

Cr

Co

Al

Mo

Ti

Ni/Co

6

50.6

22

17.4

2.5

5

2.5

2.9

7

44.8

28

17.2

2.5

5

2.5

2.6

8

33.1

22

34.9

2.5

5

2.5

0.95
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4.2.3 Model alloys with different Ti levels

In order to study the effect of Ti on sulfidation resistance, three other model alloys were
made with different Ti levels: 0.5wt.%Ti, 1.5wt%Ti and 3wt%Ti. The nominal
compositions of the three model alloys are shown in Table 4.5. The alloys were also
annealed at 1100oC for 24 hours.

Table 4.5 The composition of model alloys with different Ti levels (wt.%)
Alloys

Ni

Fe

Co

Cr

Al

Si

Mo

Ti

9

56.5

3

13

20

1.5

0.5

5

0.5

10

55.5

3

13

20

1.5

0.5

5

1.5

11

54

3

13

20

1.5

0.5

5

3

4.3

IRON-MOLYBEDNUM-ALUMINUM ALLOYS

The preparation of Fe-Mo-Al alloys was the same as that with the models alloys
mentioned above, except that annealing was performed at 1000oC for 50 hours. The
chemical compositions of the two alloys were Fe-30wt.%Mo-5wt.%Al and Fe30wt.%Mo-10wt.%Al. Table 4.6 shows the composition of the simulated syngas
atmosphere.
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Table 4.6 Gas compositions of simulated syngas
Gas No.
4
5

Gas composition, vol%
30%CO2-1%CO-0.005%H2S-19%H2O-H2
30%CO2-1%CO-0.01%H2S-19%H2O-H2

The test temperature was 500oC. The testing system was same as that used for the
commercial and model alloys. The sample-preparation procedures were also same as
those used for the commercial alloys.
Figure 4.4 presents the calculated stability diagram for alloy Fe-30Mo-5Al at
500℃, as determined on the assumption of ideal alloy behavior. Since there is not a
significant difference in Al content between the two alloys, the diagram is considered
suitable for both alloys.

Figure 4.4 Stability diagram of alloy Fe-Mo-Al at 500℃
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5.0

5.1

RESULTS AND DISCUSSION

CORROSION BEHAVIOR OF COMMERCIAL ALLOYS

5.1.1 The influence of composition on the kinetic boundary

Figure 5.1 summarizes the primary type of scale (oxide or sulfide) that formed on
selected alloys after testing for 100 hours at 750oC in the three gases. The dot and triangle
represent oxides and sulfides, respectively. The dashed line represents an estimation of
the threshold oxygen partial pressure above which a protective chromium oxide scale
forms. As shown in this figure, and as would be expected, Cr content greatly affects this
threshold PO2. With an increase in chromium content, the threshold PO2 decreases. Low
threshold oxygen partial pressure favors the formation of protective Cr oxide. This result
verifies the established beneficial effect of Cr.
However, the trend shown in Figure 5.1 is not entirely straightforward, as a
protective oxide scale formed on alloy 263, after testing for 100 hours in Gas 2, even
though it contains only 20 wt.%Cr. As will be verified and discussed in more detail in a
later chapter, this is due to the effects of minor alloying elements such as Al, Ti and Mo.
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Figure 5.1 The influence of Cr content on the threshold oxygen partial pressure to form
protective chromium oxide

The information of the primary scale type can also be used to determine the
kinetic boundary in the oxide-sulfide stability diagram for a given alloy. The stability
diagrams for Alloys 120 and 263 are shown in Figure 5.2. The alloys are assumed to be
ideal, so that the activities of the alloying elements such as Cr are approximated to be
equal to their mole fraction for the purpose of calculating equilibrium boundaries.
Sulfides formed on Alloy 120 in Gases 1 and 2, while oxides formed in Gas 3. Therefore,
the kinetic boundary is located somewhere between Gas 2 and Gas 3, as shown in Figure
5.2. For Alloy 263, sulfides formed in Gas 1, while oxides formed in Gases 2 and 3.
Thus, the kinetic boundary for this alloy is located between Gas 1 and Gas 2, as shown in
Figure 5.2.
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Figure 5.2 clearly shows that the alloy composition greatly influences the
location of the kinetic boundary. The kinetic boundary of alloy 263 favors the formation
of Cr oxide at a lower oxygen partial pressure. It is obviously shown from this result that
the location of kinetic boundary is alloy dependent, but not solely related to Cr content,
as it also depends on other alloying elements such as Al, Ti and Mo. The effects of these
elements will be discussed in more detail in a later chapter.
Since Gas 1 is the most reducing Gas, it is therefore expected to be the most
aggressive. The results shown in the following are focused mainly on Gas 1.
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Figure 5.2 Kinetics boundaries of Alloy HR-120 and 263 at 750℃
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5.1.2

The influence of composition on weight gain

Figure 5.3 compares the weight gains after testing for 100 hours in Gas 1. The
figure shows that the Ni-based alloy has the greatest weight gain, followed by the Ni-Febased alloy and then the Co-based alloy. Ni-Co-based alloys exhibit the smallest weight
gain. Weight gain can be a reasonable measure of corrosion resistance, thus it is inferred
that the Ni-Co based alloys have the best corrosion resistance compared to Ni- based, NiFe based and Co- based alloys.
It is common to consider Cr as the main variable for conferring sulfidation
resistance, as well as Co[119]; however, the results of Alloys 160 and 263 highlight that
there are more factors to consider. Alloy 160 contains high levels of Cr and Co, which
contribute to the good corrosion resistance. But the Cr content of Alloy 263 (20wt.%) is
not high and it has the least weight gain among all alloys tested( Figure 5.3) When
comparing the compositions of the two alloys, it can be deduced that the minor amounts
of Al, Ti and Mo in Alloy 263 play an important role to improve its sulfidation resistance.
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wt.%

Ni

Fe

Co

Cr

Al

Si

Mo

Mn

C

Others

160

37**

2*

29

28

-

2.75

1*

0.5

0.05

-

263

52**

0.7*

20

20

0.6*

0.4*

6

0.6*

0.06

2.4Ti*-0.2Cu*

Figure 5.3 Comparison of weight gains after testing for 100 hours for Gas 1

The collective influence of Co, Ni and Fe in imparting sulfidation resistance is
shown in Figure 5.4, which plots in a Cr-Co-(Ni+Fe) Gibbs triangle the effective
compositions of these alloys, along with the corresponding weight-gain values (mg/cm2)
after testing for 100 hours in Gas 1. As shown in this figure, Cr contents in the alloys are
within a relatively narrow range of 19-28wt.%, but weight gains vary significantly. The
results here show that not just Cr, but other alloying elements also affect the sulfidation
resistance. For instance, it is clearly shown in Figure 5.4 that the weight gains tend to
increase with the increase in (Ni+Fe) content. However, there is an exception indicated
by the triangle in Figure 5.4 which is the Alloy 263 with a weight gain of 5.2 mg/cm2.
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This makes the story more complicated. There are other composition variables beyond
just Cr content that affect sulfidation resistance.
Figure 5.5 shows the influence of Co content on weight gain after testing for 100
hours in Gas 1. As shown in this figure, the weight gain tends to decrease with increase in
Co content. However, there appears to be a critical Co content above which the weight
gain increases with increase in Co content.

Figure 5.4 The Influence of Cr/Co ratios on weight gain (in mg/cm2) after 100h exposure
to Gas1
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Figure 5.5 The Influence of Co content on weight gain

It is known that high Co content generally is good for sulfidation resistance[56,
95]

, so the trend shown in Figure 5.5 is at first glance somewhat unexpected. However,

further assessment will show that the trend is due to the beneficial effects of certain
minor alloying elements. The Co content in Alloy 263 is not as high as that in Alloy 160,
but Alloy 263 contains 0.6wt.%Al, 6wt.%Mo and 2.4wt.%Ti, which are believed to
contribute to its least weight gain (the compositions of Alloy 160 and 263 can be seen in
Figure 5.3).
Figure 5.6 compares the cross-sectional images of Alloys 160 and 263. The two
cross-sections look similar in that they both formed sulfides with a multi-layered
microstructure. The outer scale is comprised of Ni3S2 and Co9S8, as determined by XRD
analysis summarized in Figure 5.7. The intermediate scale is mainly Cr sulfide, and the
inner layer is the mixture of Cr oxide and sulfide, based on EDS composition analysis.
However, the outer and inner layers of Alloy 263 are much thinner than those of Alloy
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160. This implies that there must be some diffusional blocking effects in the product
scale formed on Alloy 263. This blocking effect might come from the presence of Ti and
Al in the inner layer of Alloy 263. These particular elements form even more stable
oxides than Cr2O3, as can be seen in Figure 5.8. The compositions of the inner layers of
Alloy 160 and 263 are indicated by points 1 and 2, respectively. As measured by EDS,
point 1 has a composition of 26.5O-35.3S-23.6Cr-7.0Co-7.6Ni(at.%), while point 2 has
the

composition

of

36.9O-25.6S-24.3Cr-3.0Co-3.1Ni-0.6Si-2.3Al-4.2Ti

(at.%).

Significant amounts of oxygen indicate the existence of metal oxides in the layer.

Figure 5.6 Cross-sectional images of Alloys 160 and 263 after testing for 100h in Gas 1
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Figure 5.7 XRD analysis of Alloys 160 and 263 after 100 hours in Gas 1
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Figure 5.8 Elingham diagram for some oxides, showing that Al2O3 and TiO2 are
thermodynamically more stable than Cr2O3.

The current study shows that not just Cr and Co are important, but so too are
minor alloying elements such as Al, Ti and Mo. A study by some Japanese
researchers[120] also verified the beneficial effects of Ti and Al in conferring suflidation
resistance. Figure 5.9 compares the weight gain of several Ni-based alloys after testing
for 49h at 600oC in H2-H2S (Ps2 is 10-10.5atm). As shown in this figure, weight gain
decreases with the addition of Mo; while, weight gain further decreases with addition of
Al and Ti.
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Figure 5.9 Weight gain of several Ni-based alloys after testing for 49h at 600oC in H2H2S with Ps2 is 10-10.5atm

In order to verify the effects of major alloying elements (Cr, Co) and minor alloying
elements (Ti, Al and Mo), model alloys were made. Results for these alloys will be
presented in chapter 5.2.1 and 5.2.2.

5.1.3 Breakaway corrosion

Until now, we have discussed the weight gain after testing for 100 hours. In this section,
the weight changes as a function of time are studied. Figure 5.10 shows the weight gains
of selected alloys as a function of time when exposed to Gas 1 at 750oC. As shown in this
figure, the four alloys eventually suffered breakaway corrosion, i.e., accelerated weightgain kinetics, after a certain initial stage of relatively low weight gains. This latter
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“protective” corrosion period lasted for 5 to 50 hours, depending on the alloy. HR-160
showed the slowest kinetics for the longest duration.

Figure 5.10 Weight gain vs. exposure time at 750 C in Gas 1

The corrosion resistance of the alloys studied relies on the formation of a
protective chromia scale. After formation of the chromia scale, the factor that determines
the corrosion resistance is how long the scale can be maintained. It is therefore important
to understand the process of the breakdown of the protective scale. Figure 5.11 illustrates
cross-sectional images of Alloy 120 after different exposure times during the protective
stage and after breakaway. After testing for 5 hours, it is showed that the alloy was
protected by a continuous Cr-rich oxide layer. After testing for 25 hours, chromium

93

sulfides (Cr2S3) and iron sulfide (FeS) formed and reacted to form iron-chromium spinel
sulfide (FeCr2S4) above the chromium oxide scale, which was detected by XRD (Figure
5.12).
After testing for 50 hours, nickel sulfide formed above the chromium sulfide
layer. The process of breakaway on other alloys can be seen in Figure 5.13 to Figure
5.18, which show the cross-sectional images of the alloys after testing for various
durations.

94

Figure 5.11 Corrosion behavior of Alloy HR-120 in Gas 1 at 750 C showing oxides
scales during the protective stage and after breakaway corrosion

Figure 5.12 XRD pattern of Alloy 120 after 25h in Gas 1
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Figure 5.13 Cross-sectional images of some selected alloys after testing for 5 h in Gas1

Figure 5.14 Cross-sectional images of some selected alloys after testing for 25 h in Gas 1
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Figure 5.15 Cross-sectional images of some selected alloys after testing for 32h in Gas 1

Figure 5.16 Cross-sectional images of some selected alloys after testing for 50h in Gas1
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Figure 5.17 Cross-sectional images of some selected alloys after testing for 75h in Gas1
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Figure 5.18 Cross-sectional images of some selected alloys after testing for 100h in Gas 1

How did sulfide form above the chromia scale from 5 to 25 hours? To date, a
detailed understanding of the breakaway process has not been elucidated. However, there
is a generally agreed mechanism that has been proposed[104,

121]

. Figure 5.19

schematically shows the inferred process based on the current observations. During
exposure for an initial period termed time 1 in Figure 5.19, a protective chromium oxide
layer forms. Since the solubility of sulfur in the chromium oxide scale is extremely low,
it is impossible to have any relevant amount of ionic diffusion of sulfur through the
scale[122]. However, after some time, it is clear that sulfur does penetrate to the
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alloy/Cr2O3 scale interface. This penetration is deduced to be due to the development of
localized defects such as microcracks of fissures in the oxide scale. These defects
provided short-circuit paths for molecular sulfur access to the alloy/scale interface. With
the ingress of sulfur, its potential at the alloy/scale interface increased to a level
sufficiently high to stabilize sulfide formation. The fast-growing sulfides developed into
rapid transport channels through the chromia scale, thus providing easy paths for the
further outward diffusion of the base-metal elements. Eventually, the chromia scale was
covered by sulfides, leading to the breakdown of chromia scale and the acceleration of
corrosion rate.

Figure 5.19 Schematic drawing of(the process of breakaway corrosion
(
c)
a)
XPS analysis verified the existence of sulfur associated with the chromia scale.
Figure 5.20 is the XPS depth profile of sulfur through the chromia-rich scale formed on
alloy 120 after exposure for 5 hours in Gas 1. The Y-axis is the sulfur concentration, and
the X-axis is the depth within the chromia-rich scale. It can be seen that the sulfur did not
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reach the scale/alloy interface, and the oxide scale was still protective after 5 hours. The
sulfur is surmised to have penetrated initially through the chromia scale by the
penetration of molecular sulfur through physical defects such as microcracks. Detailed
discussions of the possible ways in which sulfur could penetrate through the chromia
layer have been presented by others[43, 123]. The formation of microcracks may be a result
of strain relaxation of the scale caused by growth stresses

[124-126]

. A more detailed

discussion will be presented in chapter 5.1.5.2.

Figure 5.20 XPS depth profile of sulfur in the chromia scale on alloy120 after testing for
5 hours in Gas 1

The time to breakaway is very important because it is indicative of the useful
service life of the alloy. In terms of corrosion products formed, the time to breakaway
correlates with the time to when Ni-sulfide forms at the scale surface. To date, there has
been little study on the environmental and alloy compositional factors that govern the
time to breakaway. From Figure 5.10 it is clear that the time to breakaway is very
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composition dependent. Figure 5.21 shows the influence of Co content on the time to
breakaway. It is seen that the time to breakaway increases with increase in Co content.
However, there is a critical Co content above which the time to breakaway decreases. The
Alloy 160 with the critical Co content has the longest time to breakaway.

Figure 5.21 The Influence of Co on time to breakaway during 750oC exposure to Gas 1

What are the reasons for the trend shown in Figure 5.21? Assessment of the
cross- sectional images can aid in gaining an understanding. Figure 5.14 shows
representative cross-sectional images of the four alloys after testing for 25 hours in Gas 1.
A double-layered scale formed on all alloys. The inner layer is rich in Cr2O3, and the
outer scale consists of sulfides. For Alloy 160 with the critical Co content, the outer scale
is mainly Cr sulfide. For the two alloys having less than the critical Co content (alloy 120
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and 282), Ni sulfide coexists with Cr sulfide in the outer sulfide scale. For Alloy 188 with
greater than the critical Co content, cobalt sulfide was found to coexist with Cr sulfide.
Therefore the critical amount of Co becomes the dividing line between two regimes of
sulfidation behavior. In the “Co-lean” regime, Ni reaction becomes dominant. While in
the “Co-rich” regime, Co reaction becomes dominant. At the critical Co level, both Ni
and Co reactions are minimal, as shown in Figure 5.22.

Figure 5.22 The different reaction regimes divided according to Ni/Co ratio

XPS analysis of the chromia-rich scale formed on the various alloys after 5
hours in Gas 1 also verified the inferred trend. As shown in Figure 5.23, a significant
amount of Ni was observed in the oxide scale on alloys 120 and 282. For Alloy 188,
instead of Ni, a considerable amount of Co exists in the Cr oxide scale. However,
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negligible amounts of Ni and Co were observed in the chromium-oxide scale on Alloy
160.

(a)

(b)

(c)

(d)

Figure 5.23 XPS depth profiles of (a) Alloy 160, (b) Alloy 120, (c) Alloy 282, (d) Alloy
188 after testing for 5 hours in Gas 1

We can also use Ni/Co ratio as the variable. Ni/Co ratio is relatively high in the
Ni-reaction dominant regime, which corresponds to a relatively high availability of Ni.
By contrast, when the Ni/Co ratio is low, Ni content is low but Co content is high, so that
Co availability is high. Accordingly, Co reaction becomes more dominant. At the critical
Co content where Ni/Co is near unity, both Ni and Co availabilities are low, so both Ni
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and Co reactions are minimal. This result leads to the hypothesis that when the Ni/Co
major-element ratio is near unity, the alloy should have less weight gain, hence better
sulfidation resistance. Such a hypothesis has not been previously reported in the
literature. In order to verify this hypothesis, model alloys were made and the verifying
results will be presented in section 5.2.1.
The Cr-rich sulfide scale that formed above the chromia, shown in Figure 5.14, can
also serve to act as the barrier to prohibit the outward diffusion of base metals such as Ni
and Co. Indeed, Biegun et al.[86] studied the sulfidation behavior of Co-Cr binary alloys in
1 atm sulfur vapor and found that the sulfidation rate progressively decreased with
increase in Cr content. According to their study, the decreasing sulfidation rate was due
to a blocking effect of the Cr sulfide-rich layer.
When Ni sulfide formed and co-existed with the Cr sulfide, as was the case for
alloys 188, 120 and 282 in Figure 5.14, this marked the commencement of breakaway
attack.

5.1.4 Influence of gas composition on sulfidation resistance

Figure 5.24 shows the weight gain of selected alloys after testing for 100 hours at 750℃
as a function of logPO2 of the three gases. The three gases have a relatively constant
sulfur pressure of 1.3 x 10-7atm. As shown in this figure, all four alloys had a highest
weight gain in Gas 1, which is the most reducing gas and hence has the lowest oxygen
partial pressure. The least weight gain was always with Gas 3, in which the oxygen
partial pressure is the highest. Weight gain can again be used as a metric for assessing
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corrosion resistance, so that it can be concluded that for given sulfur potential, the alloys
are less corroded in the environments with higher oxygen partial pressure.
In gas 3, where oxidation dominated over sulfidation, a chromium-oxide layer
formed and provided protection against corrosion. Alloys had the highest weight gain in
Gas 1 where sulfidation dominated. The interaction between oxidation and sulfidation is
indicated in Figure 5.25. In all three gases, HR-160 and 263 had the lowest weight gain
primarily due to them having the highest Cr and Co contents.

Figure 5.24 Weight gains as a function of oxygen activity at constant sulfur pressure,
after testing at 750℃ for 100 hours
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The cross-sectional images of Alloys 120, 160,188 and 282 after testing for 100
hours in Gas 1 are shown in Figure 5.18, and those of Alloys 263, 617, 230 and 41 after
100 hours in Gas 1 are shown in Figure 5.26. The cross-sectional images of alloys tested
in Gases 2 and 3 for 100 hours are shown Figure 5.27 and Figure 5.28, respectively. All
alloys were completely sulfidized after 100 hours in Gas 1. In Gas 2, sulfides formed
locally above the Cr oxide scale on most alloys. While in Gas 3, a protective Cr oxide
scale formed on most alloys.

Figure 5.25 Interrelation between oxidation and sulfidation
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.

Figure 5.26 Cross-sectional images of Alloy 263, 617,230 and 41 after testing in Gas 1
for 100 hours
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Figure 5.27 Cross-sectional images of alloys after testing in Gas 2 for 100 hours
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Figure 5.28 Cross-sectional images of alloys after testing in Gas 3 for 100 hours
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5.1.5 Morphological characteristics

Since Gas 1 is the most sulfidizing, the discussion of morphological characteristics will
mainly focus on the samples exposed for 100 hours to this gas at 750C. Figure 5.18 and
Figure 5.26 show resulting cross-sectional images of the various alloys. All alloys are
seen to have similar multi-layered scale microstructures. The top layer (1) is nickel
sulfide, the second layer (2) is Cr- and/or Co-enriched sulfide, and the third layer (3) is
the mixture of internal oxide and sulfide. Figure 5.29 is a schematic representation of the
sulfide structure after testing at 750oC for 100h in Gas1.

It is noticed that some white particles are present in the top sulfide layer.
According to EDS analysis, these are metallic Ni or/and Co. These particles might have
formed during the relatively slow cooling process - after testing for a certain time, the
samples were taken out of the hot zone of the furnace and cooled under an Ar gas flow.
To verify this possibility, selected alloys were quenched to room temperature after 100
hours in Gas 1. No metallic Ni or Co particles were observed, as shown in Figure 5.30.
This observation verifies that the metallic Ni and Co particles precipitated during the
relatively slow-cooling process after testing.
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Figure 5.29 Schematic drawing of the scale structure after testing for 100h in Gas 1 at
750oC

Figure 5.30 Cross-sectional images of some alloys after slow cooling (top three photos)
and fast cooling (bottom three photos)
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Figure 5.31 is the 700oC Ni-Cr-S isothermal section showing the compositions of
points 1 and 2 in the SEM image of alloy 230 after 100 hours in Gas 1. As shown in this
figure, point 1 is located in the Ni3S2 phase region, and point 2 is located in the Cr2S3
region.

Figure 5.31 Ni-Cr-S isothermal section for 700oC showing composition measured on the
scale
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Several interesting morphological characteristics were observed, including the
formation of Ni3S2 whiskers on Alloy 120, massive void formation in the sulfide layer of
Alloy 120 and the formation of nodules (consisting of Ni-N3S2) on Alloys 282 and 230.
All these morphological characteristics are discussed in the following section. The
internal sulfidation zone is also considered.

5.1.5.1 Whisker formation
(1) Whisker morphology and composition
Whiskers were observed on the surface of Alloy 120. Figure 5.32 shows surface
images of Alloy HR-120 after testing for various times at 750C in Gas 1. As seen in this
figure, whiskers started to form after 42 hours. The sample surface was completely
covered by whiskers after 100 hours. Figure 5.33 shows surface SEM images after testing
B
C
for 50 hours. An area of compact FeCr2S4 layer was covered by whiskers, as shown in
Figure 5.33(a). The enlarged image (b) shows occasional coarse whiskers among a tangle
of much finer whiskers. The thickness of the whiskers after 50 hours is as much as
640um measured from the side view of the image shown in Figure 5.33(c). Figure 5.34
shows a magnified side view of whiskers after testing for 50 hours in Gas 1.
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Figure 5.32 Surface images of Alloy HR-120 after testing for different times at 750C in
Gas 1

(a)

A

(b)

B

(c)

A

C

A

Figure 5.33 Images of Ni sulfide whiskers on Alloy 120 after 50 hours in Gas 1, (a)
surface view of whiskers, (b) magnified surface view of whiskers, (3) side view of
whiskers
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Figure 5.34 Magnified side view of whiskers

XRD analysis showed that the top whisker consists of (FeNi)9S8 and Ni3S2, as
indicated in Figure 5.35. It is known from the isothermal section of the Fe-Ni-S phase
diagram at 700oC and 500oC, shown in Figure 5.36 and Figure 5.37, respectively, that
(FeNi)9S8 does not exist at 700oC, but it exists at 500oC. Thus, it can be inferred that
(FeNi)9S8 may have formed by decomposition of Ni3

± xS2

during subsequent cooling

since Ni3S2 is stable at 750oC in gas 1 (PS2=10-7atm, PO2=10-25atm), as shown in Figure
5.38.
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Figure 5.35 XRD pattern of Alloy 120 after 100h in Gas 1

Figure 5.36 Isothermal section of Fe-Ni-S pase diagram at 700oC

117

Figure 5.37 Isothermal section of Fe-Ni-S phase diagram at 500 oC

Figure 5.38 Ni-O-S stability diagram at 750oC, the data point represents the equilibrium
PS2 and PO2 in Gas 1
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(2) The growth of whiskers supplied by the outward diffusion of Ni
The measured thicknesses of whiskers after exposure for 50, 75 and 100 hours
are shown in Table 5.1. If the growth of the Ni3S2 whisker is controlled by the outward
diffusion of Ni, then the diffusion coefficient of Ni in Ni3S2 layer can be approximately
calculated knowing the thickness of the Ni3S2 layer according to equation ( 5.1) [127].
( 5.1)
The resulting calculated diffusion coefficients of Ni are also shown in Table 5.1.
According to a study by Lillerud

[128]

, the self-diffusion coefficient of Ni in Ni2S3 at

700oC is 8.6x 10-7cm2sec-1, which is reasonably within an order of magnitude of the
calculated diffusion coefficient of Ni shown in Table 5.1. This agreement supports the
postulation that the growth of the porous outer Ni3S2 layer is supplied primarily by the
outward solid-state diffusion of Ni.

119

Table 5.1 The measured thickness of whiskers
Ni2S3 layer

50h

75h

100h

Measured thickness (um)

64015

85815

103015

~1.1 x 10-8

1.4 x 10-8

1.5 x 10-8

572

818

978

2.2 x 10-8

2.8x 10-8

2.9 x 10-8

Calculated DNi through
whisker (cm2 /Sec) based on
measured value
Calculated thickness (um)
Calculated DNi through
whisker (cm2 /Sec) based on
calculated value

Since the whisker is easily spalled, there might be error in the measurement. To
verify the measured value, the thickness was calculated as follows.
The weight gain due to the inner FeCr2S4 layer growth ( WI) may be estimated
from the measured inner FeCr2S4 layer thickness (XI) using equation ( 5.2)[129].

( 5.2)

Here, ρ is the density of FeCr2S4, 32 is the atomic weight of sulfur and 288 is the atomic
weight of FeCr2S4. Knowing the total weight gain (

120

) and the weight gain due to inner

FeCr2S4

,

the weight gain of outer whisker layer can be calculated using equation

(5.3).

(5.3)
The measured total weight gain and the calculated weight gain of the inner
FeCr2S4 layer after sulfidizing for 25, 50, 75 and 100 hours are summarized in Figure
5.39. As shown in this figure, the total weight gain is mainly due to the growth of the
outer Ni sulfide whiskers.

Figure 5.39 Total weight gain and the calculated weight gain of the inner FeCr2S4 layer
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The porous outer Ni3S2 layer is estimated to have 60% porosity; thus the thickness
of this layer can be calculated from equation ( 5.4 ).

ρ

( 5.4 )

where ρ is density of Ni2S3, 5.89g/cm3 and X is the thickness of the Ni3S2 layer. The
calculated thickness of the outer Ni3S2 whisker layer is shown in Table 5.1 and also
compared to the measured thickness. There is no significant difference between the
calculated and measured thicknesses, though the latter was always greater. The calculated
diffusion coefficients of Ni though the whisker based on either the measured thickness or
calculated value are thus comparable.

(3) Proposed mechanisms for whisker formation
Orchard and Young[129] also observed whisker formation when they studied the
520oC sulfidation of Fe-41Ni in a N2-H2-H2S mixture having a PS2 of 10-9 atm. Figure
5.40 compares cross-sectional images from the current study to that presented by Orchard
and Young. In their test, a compact Ni sulfide layer formed in the gas with a higher PH2S.
According to their explanation, the whisker formation in low PH2S gas is related to the
surface reaction control of H2S dissociation.
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(a)

(b)

Figure 5.40 Cross sections of alloys in the current test and Orchard’s test,(a)Alloy HR120, 750C , Gas 1, (b) Alloy Fe-41Ni, 520C, PS2= 10-9 atm

If the surface reaction is rate controlling, the reaction kinetics should obey the
linear rate law. To verify if Orchard and Young’s explanation is suitable for the current
study, the reaction kinetics were checked. Since the data points for the reaction kinetics
of Alloy 120 shown in Figure 5.11 are not enough to closely investigate the kinetics,
additional tests for 32 and 40 hours were conducted. The resulting weight gain vs. time
plot is shown in Figure 5.41. As shown in this figure, the corrosion rate is linear for up to
50 hours, and then transitions to parabolic beyond 50 hours. The reaction kinetics
therefore verifies that surface reaction is rate controlling until about 50 hours.
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Figure 5.41 Weight gain as a function of time after testing for 25 to 50 hours

In Orchard and Young’s reaction gas, the principal reaction route was not inferred
to involve S2(g), but rather involved the direct interaction of H2S(g) with the solid sulfide
surface according to their calculations. The present case for the Gas 1, the composition is
N2-15%CO-3%H2-0.12%H2S and the equilibrium sulfur partial pressure is 1.3x10-7atm at
750oC. The principal reactant may be either S2 or H2S, as shown in Figure 5.42. Since the
equilibrium sulfur partial pressure was known, the sulfur delivery rate, JS, can be
calculated.
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Figure 5.42 The principal reactants in Gas 1

According to gas transfer theory in the viscous
flow regime, the calculated sulfur
B
delivery rate is 2.1 x10-11 mole/cm2 min. The calculation will be shown in the following.
For now, however, it is useful to compare sulfur delivery rate with the actual sulfur
consumption rate. Knowing that the actual weight-gain value of Alloy 120 after 25 hours
was 2 mg/cm2, the actual sulfur consumption rate is calculated to be 4x10-8mole/cm2 min,
which greatly exceeds the calculated sulfur delivery rate of 2.1 x10-11 mole / cm2 min.
Therefore, it is inferred that the principal reaction route does not involve S2(g), but rather
occurs via direct interaction of H2S(g) with the solid product surface in the reaction with
Gas 1. The detailed calculation of sulfur delivery rate is as follows.
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The supply of sulfur is calculated using equation (5.5).
(5.5)

where km is mass transfer coefficient, Pi and Po are the partial pressures of the gas species
at the solid surface and in the bulk gas, respectively. Pi is assumed to be zero if all the
oxidant is consumed by the corrosion reaction. For simplification, the gas atmosphere is
assumed to be N2-H2S. The mass transfer coefficient, km, for this binary system is given
by equation (5.6):
(5.6)

where vg is the kinematic viscosity, v is linear velocity of the gas, l is the length of the
sample surface (it is 1.5cm in the current experiment), and DAB is binary gas diffusion
coefficient. Since there is a small amount of H2S in the gas, the self-diffusion coefficient
of N2 can be used instead of DN2-H2S. From some reports
coefficient of N2 is about 2.1cm2S-1.

[130-132]

, the self-diffusion

vg is given by equation(5.7):

(5.7)

where

is density in the unit of g/cm3 and

is the viscosity, which is given by equation

(5.8):
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(5.8)

Since the majority of the gas is N2, the viscosity and density are assumed to be the
values for N2. The data for N2 are shown in Table 5.2.

Table 5.2 Some parameters for N2

N2

M

(

(

28

3.681

0.7837

Then
The kinematic viscosity of N2 is
Here, the density is calculated assuming the gas to be ideal.
The sample length was about 1.5cm, linear gas flow rate v was 10cm/min, and
thus km can be calculated as follows:

Therefore,

127

The above calculation assumes that the principal reaction route does not involve
S2(g) but occurs via direct interaction of H2S(g) with the solid surface in the reaction Gas
1. A change in gas flow rate had no effect on weight gain, which indicates that gas phase
diffusion of H2S to the sample surface is not the rate-controlling step (this is explained in
Appendix A of this thesis). Clearly then, it is the surface reaction that is rate-controlling
in the linear kinetics regime (< 50 hours). Equation ( 5.9) shows the H2S dissociation
reaction. It is believed that the formation of whiskers is related to the slow approach of
the H2S dissociation reaction to equilibrium.

( 5.9 )

(g)

The formation of whiskers indicates the occurrence of preferential growth.
Obviously, the whisker formation requires the preferential growth longitudinally instead
of laterally. The orientation dependence of surface reactivity might be the possible
explanation for this anisotropic growth. Orchard and Young

[129]

proposed that the

whisker tip is a catalyst to the H2S dissociation reaction, thus sulfur activity is higher at
the tip than at the side, producing a greater driving force for diffusion, and hence, growth
in the longitudinal direction than in the lateral direction, as indicated in Figure 5.43.
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Figure 5.43 The localized catalysis phenomenon leading to asymmetric growth

The explanation here is different from those provided for the growth of CuO and
NiO whiskers[133]134]. In these cases, the existence of an axial screw dislocation was
believed to provide preferential diffusion path. Whisker growth was also extensively
studied in semiconducting industry, for example, whisker formation on high-purity Sn. It
was believed that oxygen diffuses in and reacts with metal, thus resulting in volume
expansion which creates a compressive stress that pushes up the whisker[134] .

5.1.5.2 Extensive void formation
As shown in Figure 5.18 and Figure 5.26, massive voids were observed in the sulfide
scale formed on some alloys, especially on alloy 120. The formation of such massive
voids occurred in several steps. Firstly, growth stresses were produced in the scale as the
sulfidation reaction proceeded. The voids then formed as a result of the Kirkendall effect
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or diffusional creep. After the formation of voids, a dissociation process eventually led to
the massive void formation in the scale.
Before discussing the mechanism for void formation, the origin of stresses in the
scale should be reviewed. Usually, there are two types of stresses that develop in a scale:
growth stress and thermal stress. Growth stress is associated with the isothermal
formation of the scale. Thermal stress arises from different thermal expansion or
contraction between the alloy substrate and scale and arise during thermal cycling[47].
Growth stress and thermal stress in an oxide scale are discussed in the following. The
stress developed in oxide scale applies to that produced in sulfide scale.
Growth stress arises from several sources, such as[126]: volume difference
between the sulfide and the metal from which it forms; epitaxial stress; compositional
changes in the alloy or scale; point defect stresses; recrystallization stresses; product
formation within the scale; and specimen geometry. Although there are many sources of
growth stress, only volume difference between the sulfide and metal will be discussed
here as it is the most common reason for the growth stress[126]. If the sulfide growth is
controlled by the inward diffusion of sulfur, and sulfides form at or near metal/scale
interface, the cause of stress in this case is the volume difference between the sulfide and
the metal which is consumed to form sulfide. The Pilling-Bedworth ratio (PBR)[135],
shown in equation (5.10), can be used to characterize the stress. Compressive stress
develops in the scale if the PBR is greater than unity (this is the case for most metals);
tension develops in the scale if the PBR is less than unity.
(5.10)
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If sulfide grows by outward diffusion of metal ions, the new sulfide forms at the
scale/gas interface. In this case, it seems that the new sulfide forms in a stress-free
manner. However, as metal diffuses outward, the volume of the metal core decreases, and
growth stress still arises. The receding metal core with adhering sulfide will produce
compressive stress in the scale parallel to, and tensile stress normal to the metal surface,
as shown in Figure 5.44. The growth stress in the sulfide scale on most metals (Ni, Co,
Fe, Cr, Al, etc.) is caused by this mechanism. [126]

Figure 5.44 Growth stress in sulfide scale produced by outward diffusion of metal ions

Thermal stress originates during cooling and heating because of the difference in
thermal-expansion coefficient of the metal and oxide. The thermal stress retained in the
scale can be measured by X-ray diffraction[47].
With this understanding of the origin of stresses in the scale, the formation of
voids as a result of diffusional creep caused by the stresses in the scale can be discussed.
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Diffusional creep, either Nebarro-Herring creep or Coble creep, is a main source
of deformation that occurs in a scale[136]. Both modes of creep involve the non-random
motion of point defects and thus cause a change in the shape of a crystal.
The model for Nabarro-Herring creep is that deformation occurs by a flux of
vacancies through the crystal lattice, that is, volume diffusion. Figure 5.45(a)
schematically shows the flux of vacancies in a homogeneous single crystal due to an
imposed stress. Figure 5.45 (b) shows the vacancies diffusing along the grain boundaries.
Vacancies diffusing along the grain boundaries are the case of Coble creep. For both
creep mechanisms, diffusion of vacancies toward one direction results in a flux of atoms
in the opposite direction, thus causing an elongation of the crystal in the direction normal
to the compressive stresses. Diffusion along grain boundaries is more rapid than through
the volume, largely because the activation energy for grain-boundary diffusion is roughly
two thirds that for volume diffusion[47]. Thus, “although the diffusion path for an atom or
ion around the sides of a grain may be longer than the path directly through the volume,
the higher rate of grain-boundary diffusion can make it the more efficient mechanism of
the two. Coble creep is more effective at low temperatures than Nabarro-Herring creep
because of its lower activation energy.”[136]
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(a)

(b)

Figure 5.45 Vacancies flux jv, in single grains due to imposed stress, (a) through lattice
diffusion (Nabarro-Herring creep), (b) through diffusion along grain boundaries (Coble
creep).

When volume diffusion and grain-boundary diffusion take place in a
polycrystalline, homogeneous material, each grain is deformed as shown in Figure 5.46.
Figure 5.46(a) shows grains before deformation, (b) shows the grains after diffusional
deformation of the single grains without relative grain movement (grain boundaries
sliding), (c) shows grains after diffusional deformation and grain-boundaries sliding[137].
The overall creep process eventually leads to the formation of voids and porosity at grain
boundaries or dislocations [126, 136] .
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(a)

(b)

(c)

Figure 5.46 High-temperature deformation of grains under stresses

Another reason for the voids formation is the Kirkendall effect. During the
sulfidation reaction, base metal ions and electrons diffuse outward and vacancies diffuse
inwards, as shown in Figure 5.47. These vacancies condense to form voids when their
concentration is high enough.
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Figure 5.47 The outward diffusion of metal ions and inward diffusion of vacancies
through the scale

As shown in Figure 5.48, voids first formed at the interface between the FeCr2S4
scale and internal corrosion zone after 75 hours. This is because the vacancies condense
at the inter-phase boundary to minimize the overall free energy of the system[138].
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Figure 5.48 Cross sectional image of Alloy 120 after 50, 75 and 100 hours

After the formation of voids, a dissociation process occurs[139, 140], as shown in
Figure 5.49. The voids impede the outward transfer of metal ions, such as iron ions, and
electrons from the alloy into the scale, so there is an increase in the sulfur vapor pressure
at the inner surface of FeCr2S4 scale, which is separated from the base metal by pores,
above the dissociation pressure of FeS, as shown in Figure 5.49(A). The sulfur migrates
across the pore or gap and begins to form new sulfides on the metal surface, as shown in
Figure 5.49(B). The newly formed sulfides within the pore are indicated in the image of
the alloy exposed for 100 hours in Figure 5.48. With the formation of now sulfides, the
vapor pressure of sulfur decrease below the FeS dissociation pressure, and FeS begins to
dissociate to produce gaseous sulfur for the growth of inner layer, as shown in Figure
5.49(C).
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Figure 5.49 The schematic drawing of the dissociation process

5.1.5.3 Nodules formation
As shown in Figure 5.18 and Figure 5.26, nodules were observed on alloy 282
and 230 after testing at 750oC for 100 hours in Gas 1. Figure 5.50 shows the surface
image of nodule formed on Alloy 282 after 100h in Gas 1. According to the XRD
analysis shown in Figure 5.51, the nodules consist of Ni3S2 and metallic Ni. This
observation is in agreement with the study by Harper[141], who showed that nodules form
on Alloys 310 and 556 after thermal exposure in H2-25%CH4-14.8%N2-4%CO0.6%CO2-0.6%H2S for 500 hours at 900C. Harper explained that the nodules formed
during fast cooling, and might disappear during slow cooling. To verify if this
explanation is applicable to the current study, sample 282 was slow cooled in the furnace
after testing for 100 hours instead of taking samples out of the furnace and cooling down
under the Ar gas flow. The nodules were still observed as shown in Figure 5.52. This
suggested that the formation of nodules is not caused by the cooling process.
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Figure 5.50 Surface images of nodules formed on Alloy 282 after 100h in Gas 1

Figure 5.51 XRD pattern of Alloy 282 after 100 hours in Gas 1
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Figure 5.52 Cross section of Alloy 282 after testing at 750oC for 100 hours in Gas 1, (A)
relatively fast cooling, (B) slow cooling.

Figure 5.53 presents a magnified image of the nodules. The nodules consist of
two phases, the gray matrix phase is Ni3S2, and the white phase is metallic nickel. The
average composition of the nodules is 66.4Ni-35.6S (at%) which is located within the NiNi3S2 eutectic transition range of the Ni-S phase diagram, as shown in Figure 5.54.
During the test at 750oC, the liquid Ni-Ni3S2 eutectic formed, since Tm=645C, and
during cooling transformed to Ni3S2 and metallic Ni.
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Figure 5.53 Magnified image of nodules formed on Alloy 282

Figure 5.54 Phase diagram for the Ni-S system.15
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Since non-wetting was observed after cooling to room temperature, it is inferred
from the wetting process shown in Figure 5.55 that >90o and so the solid-vapor surface
energy must be less than liquid-solid surface energy
Specifically, since non-wetting occurs, it must be that
cos=( S.V - l,S)/ l,V< 0,
so that
 S.V < l,S
where S,V , l,S , l,V are solid-vapor, liquid-solid and liquild-vapor surface energies,
respectively.

Figure 5.55 solid-vapor, liquid-solid and liquild-vapor surface energy

There is another question of why nodules were observed only on certain alloys
such as Alloy 282 and 230. We know from Table 4.1 that Ni content in Alloy 230 and
282, 57wt.%, is the highest among all the alloys studied, which contributes to the
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formation of the low-melting Ni-Ni3S2 eutectics. As would be expected, it was found
from model alloys that Ni increases the tendency to form liquid Ni-Ni3S2 eutectics during
the test. This will be presented in section 5.2.1.2.
In order to further explore the reason for nodule formation, the composition of
regions in the scales formed on alloy 282 was carefully analyzed and compared to
measurements made on several other alloys. Figure 5.56 shows detailed analysis of the
composition of each layer on the selected samples, Alloy 120, 160, 188 and 282.
Noticeably, a large amount of Co was observed in the outer and intermediate sulfide
layers on Alloy 160 and 188, while only a small amount of Co existed in the sulfide
layers on Alloy 282. For Alloy 120, although Co content in the sulfide scales is not very
high, the existence of Fe in sulfide scales might have a similar effect as Co to reduce the
risk of Ni-Ni3S2 eutectic formation.
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Composition of outer layer
(1) (at%)

Composition of intermediate layer
(2) (at%)

Composition of inner
layer (3) (at%)

Ni sulfide Ni3S2
34.9Ni-49.1S-13.9Fe-1.1Cr1.0Mn

Cr ,Fe sulfide( FeCr2S4)
18.3Fe-14.9Cr-46.9S-7.5Ni-4.6Co7.9O

Internal oxide and sulfides of Cr,
Fe and Ni
14.8Cr-4.2Fe-6.5Ni-32.5O-38.9S2.1Si-1Mn

Ni sulfide Ni3S2
39.5Ni-38.2S-18.3Co-4O

Cr ,Fe sulfide( FeCr2S4)
2.6Fe-21.7Cr-46.9S-6.5Ni-14.5Co7.9O

Internal oxide and sulfides of Cr,
Fe and Ni
26.5O-35.3S-23.6Cr-7.0Co-7.6Ni

Ni3S2
41.4Ni-36.5S-16Co-3.4O1.9Fe

(2) Cr and Co sulfide
49.3S-20.5Cr-14.1Co-8.4O-7Ni0.7Fe

Internal sulfide and oxide of Cr,
Co
13.5O-8Co-19.2W-48.5S-10.8Cr

HR-120

HR-160

188

282
Ni sulfide
55.3Ni-33.7S-5.1Co-3.7O1.2Fe

49.9S-26.8Cr-3.9Co-8.6Ni-9.5O0.8Fe

Internal oxide and sulfides of Cr,
Al and Ni
22.3O-40.5S-17.5Cr-5.5Ni-9.4Al4.2Ti-0.7V

Figure 5.56 Detailed analysis of scale compositions
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5.1.6 Internal Sulfidation zone

Figure 5.57 and Figure 5.58 show the cross-sectional images of Alloy 282 and 120 after
testing in Gas 1 for different times, respectively. The top scale is Ni sulfide, intermediate
scale is Cr sulfide, below which is the internal corrosion zone where sulfidation occurs
within the metal-consumption zone. The internal corrosion zone contains a mixture of
oxide and sulfide. As shown in the figures, the interface between the internal corrosion
zone and the alloy after testing for 50 hours was quite planar.

Figure 5.57 The internal corrosion zone of Alloy 282 after various times in Gas 1
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Figure 5.58 The internal corrosion zone of Alloy 120 after various times in Gas 1

Figure 5.59 schematically shows two kinds of interfaces between substrate Alloy
A-B and sulfide BS: a non-planar interface and a planar interface. When the scale growth
is controlled by diffusion in the alloy, the scale–alloy interface can become unstable, as
illustrated in Figure 5.59 (a). Since any inward protuberance of the scale–alloy interface
will shorten the diffusion distance across the zone depleted in B, such a protuberance will
grow and result in a wavy scale–alloy interface[139]. When the interface between alloy
and scale is planar, it suggests that either outward diffusion of metal B or inward
diffusion of oxygen through the BS scale is rate controlling.
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(a) Unstable interface: B diffusion through A-B is rate controlling

(b) Stable interface: either B or S diffusion through BS is rate controlling
Figure 5.59 Schematic drawing of the planar and non-planar alloy-scale interface

Figure 5.60 and Figure 5.61 show the thickness of internal corrosion zone with
time of testing in Gas 1. These figures show that the growth of internal corrosion zone
obeyed parabolic kinetics after 50 hours.
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Figure 5.60 The growth of internal sulfidation zone with time for alloy 120

Figure 5.61 The growth of internal sulfidation zone with time for Alloy 282
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Alloys 120 and 282 showed no indication of internal sulfide precipitates, as
evidenced in Figure 5.57 and Figure 5.58. This is likely because the rate at which an alloy
is consumed by scaling exceeds the rate at which sulfur can diffuse into the alloy. The
rapidly receding scale-alloy interface sweeps up and incorporates any internal
precipitates. Mrowec and Przybylski[13] reported that internal sulfide precipitates were
generally absent when they studied the sulfidation of Fe-, Co- and Ni-based alloys with
additions of reactive metals such as Cr and Al.

5.1.7 Preliminary conclusions

After testing the various Haynes alloys in the simulated atmosphere of a low NOx burner,
the following conclusions can be drawn.
(1) Compared to Ni-Fe-based and Co-based alloys, the Ni-rich Ni-Co-based
alloys studied showed the best corrosion resistance, with alloys 160 and 263
exhibiting the best sulfidation resistance in all the three gases.
(2) In the case of Ni-based alloys, at a certain Cr level (~25wt. %), the Co content
influences the weight gain and the onset of breakaway corrosion. An alloy has
the longest time to breakaway when Ni/Co major element ratio is near unity,
because both Ni and Co availability are low in such a case.
(3) Alloy 263 does not have high Cr and Co contents compared to Alloy 160, but the
former has less weight gain due to relatively minor addition of Ti, Al and Mo.
These elements can play an important role to improve sulfidation resistance due
to their ability to promote and/or maintain protective oxide scale formation.
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(4) At a given sulfur pressure, there is a threshold oxygen partial pressure beyond
which a continuous protective chromia scale is developed. This threshold
pressure decreases with the increase in the alloy Cr content. Even so, the kinetic
boundary between sulfidation and oxidation is highly alloy dependent, beyond
just total Cr content.
(5) In Gas 3, which has the highest oxygen potential, oxidation dominated over
sulfidation; the chromium oxide layer formed to provide protection against
corrosion. In Gas 1, where sulfidation dominates, all the alloys showed the worst
corrosion resistance due to the sulfides formed over chromium oxide layer.
(6) The growth of an external whisker is maintained by the outward diffusion of Ni.
The whisker formation on Alloy 120 is believed to be related to surface-reaction
control of the H2S dissociation. The formation of whiskers indicates the
occurrence of preferential growth, which can be explained by an orientation
dependence of the H2S dissociation reaction.
(7) The Kirkendall effect and diffusional creep as a result of the stress produced in
the scale probably account for the formation of voids in the scale, and the
dissociation process eventually leads to the massive void formation.
(8) The formation of nodules on some alloys is due to melting via Ni-Ni3S2 eutectic
formation during the test.
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5.2

CORROSION RESISTANCE OF MODEL ALLOYS

5.2.1 Model alloys with different Cr and Co levels

5.2.1.1 Phase identification
The phase constitution of the model alloy systems was firstly predicted by utilizing
thermodynamically computed phase diagrams. Direct comparison was then made to
experimentally determined phase compositions.
The Pandat 8.0 software together with the Ni8 database were used to compute the
Ni-Cr-Co phase diagram at 750oC. The resulting phase diagram is shown in Figure 5.62.

Figure 5.62 750 oC phase diagram of the Ni-Cr-Co system
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The Co-rich portion of the phase diagram in Figure 5.62 is not complete due to the
database being insufficient. The five model alloys are indicated in this diagram. They are
all located in the FCC+BCC two phase region.
Binary Ni-Cr and Ni-Co phase diagrams can also be used to help analyze the
possible phases that exist at 750oC. It is known from the Ni-Cr phase diagram, shown in
Figure 5.63, that the Ni content should be above 68wt% to have single phase FCC (Ni) at
750oC. Since the maximum Ni content of the five model alloys (62wt %) is below this
value, it is plausible that the model alloys are located in the FCC+BCC two phase region.
It is clear from the Co-Ni phase diagram in Figure 5.64 that the single phase FCC phase
exists at 750oC (1023K). Therefore, analysis from Ni-Cr and Ni-Co binary phase
diagrams concur with the calculated Ni-Co-Cr isotherm that the model alloys should have
a FCC+BCC phase constitution at 750oC. Figure 5.65 shows the XRD pattern of Alloy 1
after annealing at 750 oC and subsequent water quenching. Only FCC peaks are observed
in the pattern. Although XRD analysis only showed FCC peaks, it is possible that the
volume fraction of BCC phase is too small to be detected.
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Figure 5.63 Binary Ni-Cr phase diagram

Figure 5.64 Binary Co-Ni phase diagram
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Figure 5.65 XRD pattern of Alloy 1

To verify the phase constitutions, the alloys were annealed at 750oC and waterquenched to room temperature. The alloys were then etched in Marble reagent (4g
CuSO4+20 ml HCl+20ml H2O) for 10 seconds. The microstructures were analyzed using
optical microscopy, and representative images are shown in Figure 5.66.
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Figure 5.66 Optical micrographs of the model alloys studied

5.2.1.2 Sulfidation resistance in Gas 1
One purpose for making the five model alloys was to verify the observed effect of Ni/Co
major element ratio in the study of the commercial alloys (chapter 4). The five model
alloys were tested in Gas 1 for 25, 50 and 100 hours. Figure 5.67 shows the weight gains
as a function of testing time. In agreement with the trend found with the commercial
alloys, Alloys 2 and 5 with Ni/Co near unity have less weight gain and thus better
sulfidation resistance.
Figure 5.68 clearly shows the effect of Cr on sufidation resistance. As seen in this
figure, weight gain decreases with increase in alloy Cr content at two Co levels, 20 and
40 wt.%. Similarly, weight gains decrease with the increase in alloy Co content, as
shown in Figure 5.69. This verifies the established beneficial effects of Cr and Co on
sulfidation resistance.
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Figure 5.67 The weight gain as a function of time in Gas 1

Figure 5.68 Effect of Cr content on weight gain at two constant Co level
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Figure 5.69 Effect of Co content on weight gain at constant Cr level

Figure 5.70 shows surface images of the five alloys after testing for 25h, 50h
and 100h in Gas 1 at 750oC. Figure 5.71 shows cross-sectional images of alloys after 25
hours in Gas 1.
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Figure 5.70 Surface images after testing for 25, 50 and 100 hours in Gas 1 at 750oC
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Figure 5.71 Cross-sectional SEM images of the model alloys after testing for 25 hours in
Gas1
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As indicated in Figure 5.71, Cr sulfide formed on all the alloys. Cr sulfide also
formed internally, which is shown in the magnified SEM images of Alloy 1 and 2 in
Figure 5.73. The measured compositions of the Cr sulfides are summarized in Table 5.3.
All alloys are located in the region where Cr2S3 and Cr3S4 coexist. It is hard to determine
the exact portion of Cr2S3 and Cr3S4 since there are uncertainties in the XRD analysis due
to the similar lattice parameters of Cr2S3 and Cr3S4. Other researchers also found similar
difficulty to determine the exact type of Cr sulfide[142].

Figure 5.72 S-Ni-Cr phase diagram at 700oC

The white phase in the Cr sulfide is Ni-enriched sulfide. It is seen that Ni content
in the Cr sulfide formed in Alloy 3 is the highest, 5.6wt%. This is likely because Alloy 3
has the highest Ni content, 62wt%. The Ni content in the Cr sulfide generally trended
with the Ni in the alloy, seen in Figure 5.74.
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Figure 5.73 The magnified images of Alloy 1 and 2 after 25 hours in Gas 1

Ni sulfide nodules were observed on Alloys 1, 3 and 4, which all contain greater
Ni than Alloys 2 and 5. As discussed earlier in section 5.1.5.3, nodule formation indicates
the formation of liquid during testing due to the relatively low of Ni- Ni3S2 eutectic
temperature. The results for the model alloys show that the tendency to form liquid
reaction product increases with increase in the alloy’s Ni content, thus verifying the
detrimental effect of Ni on sulfidation resistance.
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Table 5.3 The composition of sulfide scale formed after 25 hours in Gas 1
Cr sulfide

S(at.%)

Cr(at.%)

Co(at.%)

Ni(at.%)

Alloy1

58.0

32.7

4.0

5.4

Alloy2

59.2

35.8

4.4

0.6

Alloy3

58.9

33.3

2.2

5.6

Alloy4

58.9

35.3

2.5

3.4

Alloy5

58.3

37.8

3.5

0.3

Figure 5.74 Ni content in the Cr sulfide scales as a function of Ni content in the alloy
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Figure 5.75 shows cross-sectional images of the model alloys after 50 hours
exposure in Gas 1. The cross-sections look similar to those after 25 hours of exposure. A
multi-layered structure formed: outer Ni-sulfide nodules (except Alloy 5), an
intermediate layer of Cr-rich sulfide, an inner layer mixture of Cr oxide and Cr sulfide
and an innermost internal Cr sulfide.
Figure 5.76 shows magnified images of the five model alloys. The composition of
each layer is indicated in the images. The nodule morphology and composition are
similar to those observed with the commercial alloys. The internal corrosion zone can be
clearly seen in Alloy 1 of Figure 5.76. The gray phase is Cr sulfide, the light phase is
occluded metal rich in the more noble alloy constituents (i.e., Ni and Co).
Figure 5.77 shows the cross-sectional images after 100 hours in Gas 1. The
morphologies are analogous to those after 50 hours of exposure.
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Figure 5.75 Cross-sectional images of the model alloys after testing for 50 hours in
Gas1
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Figure 5.76 The magnified images of alloys after 50 hours in Gas 1
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Figure 5.76 Continued Magnified images of alloys after 50 hours in Gas 1
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1 Ni sulfide 42.9S-0.8Cr-7.6Co-48.7Ni
2

Metallic Ni and Co 6.5S-0.9Cr-16.8Co-75.8Ni

3

Cr sulfide 56.8S-31.8Cr-5.0Co-6.4Ni

4

Cr2O3 enriched layer

Figure 5.77 Cross-sectional images of the model alloys after testing for 100 hours in Gas1
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1

Ni sulfide 41.9S-0.6Cr-16.6Co-40.9Ni

2

Metallic Ni and Co 3.4S-0.9Cr-32.8Co-63.0Ni

3

Cr sulfide layer 54.1S-29.5Cr-10.9Co-5.6Ni

4 Cr2O3 enriched layer 50.5O-8.6S-39.8Cr-1.0Co
Figure 5.77 Continued

Cross-sectional images of the model alloys after testing for 100

hours in Gas1
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1 Ni sulfide 40.3S-5.7Co-54.0Ni
2 Metallic Ni and Co 0.2S-9.7Co-80.1Ni
3 Cr sulfide 55.2S-36.4Cr-3.0Co-5.4Ni
4 Cr2O3 enriched layer 51.3O-36.4Cr-5.2S-7.2Ni

Figure 5.77 Continued

Cross-sectional images of the model alloys after testing for 100

hours in Gas1
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1 Ni sulfide 42.9S-1.1Cr-4.4Co-51.6Ni
2 Cr suflide 57.5S-32.3Cr-5.6Co-2.9Ni
3 Cr2O3 enriched layer 52.8O-8.0S-27.3Cr-1.0Co-10.9Ni

1 58.2S-33.3Cr-5.6Co-2.9Ni
2 Cr2O3 enriched layer 53.7O-4.5S-40.3Cr-0.8Co-0.7Ni
3 Internal Cr sulfide 54.5S-35.7Cr-6.2Co-3.6Ni
4 Cr depleted substrate 6.8Cr-51.7Co-40.8Ni
Figure 5.77 Continued

Cross-sectional images of the model alloys after testing for 100

hours in Gas1
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5.2.1.3 Summary
In order to complement the results for the commercial alloys, five model alloys were
tested for 25, 50 and 100 hours at 750oC in Gas 1. Inferences can be drawn as follows:
(1) The results from the model alloys verified the findings from the commercial
alloys, which is, when the Ni/Co major-element ratio is near unity the alloy has
better sulfidation resistance with less weight gain.
(2) The results from the model alloys confirmed the established beneficial effects of
Cr and Co on sulfidation resistance. In the range of the current experiments, 1040wt%Co, weight gain decreases with an increase in the alloy’s Co content at a
constant Cr level. Similarly, weight gain decreases with the increase in the alloy
Cr content at a constant Co level.
(3) The results from the model alloys show that the tendency to form liquid Ni-Ni3S2
eutectic increases with an increase in the Ni content in the alloys.

5.2.2 Model alloys with the addition of minor alloying elements

To begin this section it is useful to review the results from the commercial Alloys 160
and 263. Although Alloy 263 contains less amounts of Cr and Co than Alloy 160, yet the
former exhibited superior corrosion resistance due, it is believed, to the presence of minor
amounts of Al, Ti and Mo. In order to verify the effects of these minor alloying elements,
model Alloys 1, 2 and 4 were modified by the addition of 2.5wt.%Al-2.5wt.%Ti5wt.%Mo to arrive at Alloys 6, 8 and 7, respectively. The Cr content and Ni/Co ratio of
the modified alloys were kept the same as the parent alloys. The compositions of the
three modified model alloys 6, 7 and 8 are shown in Table 4.4.
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5.2.2.1 Weight-gain kinetics
The three modified alloys were tested in Gas 1 for 25, 50 and 100 hours at 750oC. The
weight gains of each alloy were compared with the representative parent alloy, as shown
in Figure 5.78. It is clear from the figures that each modified alloy had less weight gain
and thus better sulfidation resistance than its parent alloy.
To better determine how all the parent alloys and modified alloys behaved, Figure
5.79 shows the weight gains of the six alloys and compares them to the model Alloy 5,
which has the best sulfidation resistance among the model Alloys 1-5(reported in
section5.2.1).
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Alloy 1: 58Ni-22Cr-20Co

Ni/Co=2.9

Alloy 6: 50.6Ni-22Cr-17.4Co-2.5Al-2.5Ti-5Mo

Ni/Co=2.9

Alloy2: 38Ni-22Cr-40Co Ni/Co=0.95
Alloy8: 33.1Ni-22Cr-34.9Co-2.5Al-2.5Ti-5Mo

Alloy4: 52Ni-28Cr-20Co

Ni/Co=0.95

Ni/Co=2.6

Alloy7: 44.8Ni-28Cr-17.2Co-2.5Al-2.5Ti-5Mo

Ni/Co=2.6

Figure 5.78 Weight gains after testing for various times in Gas 1 at 750oC
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Figure 5.79 Weight gains as a function of time in Gas 1 at 750oC

As shown in Figure 5.79, modified Alloy 8 has less weight gain than the best
parent Alloy 5. Alloy 8 has the composition of 33.1Ni-22Cr-34.9Co--2.5Al-2.5Ti-5Mo.
This results shows that optimum sulfidation resistance can be achieved by setting the
Ni/Co base-metal ratio to near unity and adding relatively small amounts of Al, Ti and
Mo. Remarkably, this is true even if the amount of Cr is as low as 22 wt.%.
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The beneficial effect of having the Ni/Co base metal ratio near to unity was
further demonstrated with model Alloys 6, 7 and 8. Figure 5.80 compares the weight
gains of these alloys with the Ni/Co ratio indicated in the figure. It clearly shows that the
alloy with Ni/Co ratio near to unity has less weight gain, and hence superior sulfidation
resistance.

Figure 5.80 Weight gain of Alloys 6, 7 and 8 as a function of time in Gas 1 at 750oC

5.2.2.2 Morphological characteristics
As shown above in Figure 5.78 and Figure 5.79, sulfidation rate was significantly slowed
with the addition of minor alloying elements. It is generally believed that there are two
possible approaches to the inhibitation of sulfidation[143]. Firstly, according to the
priciples set out by Wagner, defect concentration may be decreased with the

176

incorporation of minor alloying elements into the sulfide scales, which can lead to a
decrease in the sulfidation rate since the reaction is controlled by the diffusion process.
However, it is hard to realize this due to the lack of knowledge about the valence of
dopants. For a P-type sulfide, if dopant cation has higher valency than host, rate constant
Kp increases. While Kp decreases if dopant cation has lower valency than host. Another
approach to inhibition of sulfidation is the development of a parial or complete diffusion
barrier layer which slows down the outward diffusion of some base-meatal elements.
Cross-sectional morphologies were analyzed to verify if the second mechnism works for
the current study.
Figure 5.81 compares the cross-sectional images of Alloy 2 and Alloy 8 after
testing for 25 hours in Gas 1 at 750oC. Both alloys formed a double-layered scale
comprised of an external Cr sulfide layer and an inner layer enriched with Cr oxide. It is
clear that the Cr sulfide scale formed on Alloy 2 is almost four times thicker than that
formed on Alloy 8, and the internal corrosion zone of Alloy 2 is also much thicker than
that of Alloy 8. These results may be rationalized by invoking a more effective blocking
effect by the inner Cr-oxide enriched scale of Alloy 8. The existence of 2.2at.%Al and
6.8 at.%Ti in the inner Cr2O3 enriched scale is believed to be a contributing factor for
their enhanced blocking effect on the diffusion of base metal elements.
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(1) Cr sulfide
59.2S-35.8Cr-4.4Co-0.6Ni (at.%)
(2)Oxide enriched layer
17.8O-27.6Cr-16.8Co-15.2Ni-21.9S
(3) Internal Cr sulfide
51.4S-34.2Cr-8.0Co-6.4Ni

(1)Cr sulfide 53.1S-43.8Cr-3.1Ni (at.%)
(2)Oxide enriched layer
22.8O-27.6Cr-21.9S-2.2Al-6.8Ti-10.7Co-8.7Ni

Figure 5.81 Cross-sectional images of Alloys 2 and Alloy 8 after testing for 25 hours in
Gas 1 at 750oC

Figure 5.82 shows a magnified image of the oxide-rich inner scale on
modified Alloy 8. The darker minority phase in the oxide layer identified by “1” in the
figure is Al2O3 enriched, while the lighter oxide product indicated by “2”, is Cr rich but
also with relatively high levels of Ti and Al. Since both Al and Ti can form oxides which
are more stable thermodynamically than Cr2O3, the addition of Al and Ti tends to promote
greater oxide formation in the inner layer. Indeed, any oxide would serve to inhibit the
outward diffusion of base-metal elements, thus reducing the outward sulfidation and
internal corrosion. Accordingly, the greater amount of oxide formed in the inner scale
region due to the presence of Ti and Al greatly leads to reduced sulfidation kinetics.
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1 Dark phase: Al2O3 enriched 53.5O-38.1Al-6.8Cr-1.8Mo
2 Light phase: complex oxide 51.9O-19.8Cr-12.7Ti-9.0Al-6.6S
Figure 5.82 Magnified image of the Cr oxide enriched layer on Alloy 8

The formation of Al oxide at the alloy surface rather than internally can be
understood with the help of the 1000oC oxide map shown in Figure 5.83. There are three
regions in the figure. Region I corresponds to NiO external scale+Al2O3/ Cr2O3 internal
oxides; region II is Cr2O3 external scale+Al2O3 internal oxides; region III is external scale
of only Al2O3. Model Alloy 8, with 2.5wt.%Al and 22wt.%Cr, is indicated by the dot in
this figure. It is located at the boundary of internal alumina and external alumina. Thus,
the external formation of Al2O3 is rationalized. It is noted that the oxide map shown in
Figure 5.83 was set up at the oxygen partial pressure of 1atm. The PO2 of the current
study is 10-25atm. The

boundary moves to lower Al level at low oxygen partial

pressure, thus the oxygen partial pressure of current study more favors the formation of
Al2O3.
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The individual effect of Al was extensively studied and understood in Fe- and Nibased alloys [20, 21, 97, 113]. In the sulfidizing-oxidizing atmospheres which are similar to the
current study, the formation of Al2O3 provides protection, while in purely sulfidizing
atmospheres, Al exists as (Fe,Al)Cr2S4, (Cr Fe)Al2S4 or, in some studies containing Mo,
AlxMo2S4. They all slow the outward diffusion of the base-metal elements, thus reducing
the extent of external sulfide formation [20, 21, 97, 113].

Figure 5.83 Compositional effects on the oxidation of Ni-Cr-Al ternary alloys at 1000oC,
PO2=1atm [144]
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It is worth noting that no molybdenum was measured in the scales formed on
Alloys 6, 7 and 8 even though 5wt.% Mo is present in the alloys. Sulfur K lines and the
molybdenum L lines are both located at about 2.3 keV in the EDS spectrum, so it is hard
to distinguish between molybdenum and sulfur. Thus, there might exist some amount of
Mo sulfide since MoS2 is stable in the testing gas (the dissociation pressure of MoS2 is
1.49 ×10-11 atm at 750oC). It is also hard to distinguish the existance of Mo by XRD since
the amount of MoS2 would be small.
The individual effect of Mo on sulfidation resistance has been extensivley studied
by others[44]

[145]

. As discussed in the literature survey of this thesis, Mo is highly

resistant to sulfidation because the reaction rate of MoS2 is comparable to the oxidation
rate of Cr[44]. The addition of Mo to common base metals has also been studied, and the
results suggested that it confers sulfidation resistance. For example, some reseachers[145]
studied the effect of Mo in Ni-20 wt.% Cr and Ni-30wt.% Cr alloy in H2-H2S mixture at
700 oC and observed that Mo addition has a beneficial effect on the sulfidation behavior.
The authors of that study concluded that the existence of MoS2 in the internal sulfidation
zone lowers the rate at which sulfur diffuses into the alloy. Furthermore, MoS2 coexisting
with Cr sulfide in the scale acts as a barrier to the outward migration of nickel.
Similar to Alloys 8 and 2, the Cr-sulfide scale that formed on Alloy 7 is much
thinner than that formed on Alloy 4. Some amounts of Al and Ti were also observed in
the inner Cr2O3-enriched inner layer of Alloy 7. Cross-sectional images of Alloys 4 and 7
are shown in Figure 5.84.
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(1)Cr sulfide
58.9S-35.3Cr-2.5Co-3.4Ni (at.%)
(2) Cr oxide enriched layer
43.6O-34.7Cr-0.9Co-2.8Ni-17.2S (at.%)
(3)Internal Cr sulfide
34.7S-22.1Cr-12.7Co-30.5 (at.%)

(1) Cr sulfide 54.7S-42.3Cr-3.0Ni (at.%)
(2) Cr oxide enriched layer
38.9O-34.8Cr-1.9Co-4.0Ni-12.3S-2.1Al-6.0Ti
(at.%)

Figure 5.84 Cross-sectional images of Alloys 4 and Alloy 7 after testing for 25 hours in
Gas 1 at 750oC

Different from Alloys 7 and 8, it is seen from Figure 5.85 that Ni sulfide formed
locally on Alloy 6 after 25 hours in Gas 1. The Ni/Co ratio of Alloy 6 (Ni/Co=2.9) is the
highest among the three alloys, so there was a greater propensity for Ni-sulfide formation
on Alloy 6. For Alloy 8 with Ni/Co=0.95, Ni sulfide started to form after 50 hours in Gas
1, while Ni sulfide already completely covered the surfaces of Alloys 6 and 7(Ni/Co=2.9
for Alloy 6, Ni/Co=2.6 for Alloy 7) at that time, as shown in Figure 5.86. This
observation is quite analogous to the results obtained with the commercial alloys 120,
160, 188 and 282. Alloy 160 with its Ni/Co ratio near to unity formed an outer scale layer
that was mainly Cr sulfide after 25 hours in Gas 1; for Alloy 120 and 282 with Ni/Co>1,
Ni sulfide coexists with Cr sulfide in the outer sulfide scale, as was shown in Figure 5.14.
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The effect of Ni/Co ratio was summarized in Figure 5.22. When the Ni/Co ratio is greater
than unity, the availability of Ni is high, and therefore the Ni reaction is dominant. When
Ni/Co is near or at unity, Ni and Co availabilities are low, so both Ni and Co reactions are
minimal.

(1) Ni sulfide 43.3S-1.6Cr-6.2Co-48.9Ni
(2)Cr sulfide layer
58.0S-32.7Cr-4.0Co-5.4Ni
(3)Internal Cr sulfide
50.0S-25.7Cr-6.7Co-17.7Ni
(4)Cr depleted substrate
2.2Cr-26.1Co-71.6Ni (at.%)

(1)Ni sulfide 36.8S-13.2Co-50.0Ni
(2)Cr sulfide 50.6S-30.6Cr-8.7Co-10.2Ni
(3)Metallic Ni and Co 2.9S-20.4Co-76.7Ni
(4)Mixture of internal oxide and sulfide
16.6O-41.6S-18.5Cr-3.4Co-4.7Ni-9.4Al5.7Ti
(5)Cr oxide enriched layer
30.9O-31.2Cr-19.0S-1.3Al-7.4Ti-3.9Co6.4Ni (at.%)
Figure 5.85 Cross-sectional images of Alloy 1 and Alloy 6 after testing for 25 hours in
Gas 1 at 750oC
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(1)Ni sulfide 44.2S-48.9Ni-1.1Cr-5.9Co
(2)Cr sulfide 58.2S-5.4Ni-32.2Cr-4.2Co
(3)31.8O-27.3S-3.6Ni-35.3Cr-2.0Co

(1)Ni sulifde 44.3S-0.4Cr-12.7Co-42.5Ni
(2)Cr sulfide 55.9S- 276Cr-7.7Co- 8.8Ni
(3)35.1O-9.5Al-0.5Si-27.5S-5.8Ti-19.0Cr1.2Co-1.4Ni

Figure 5.86 The cross sectional images of modified Alloys 6, 7 and 8 and parent Alloys
1,4 and 2 after testing for 50 hours in Gas 1 at 750oC
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(1)Co and Ni sulfide
45.2S-0.9Cr-14.7Co-38.4Ni
(2)Cr sulfide 56.4S-26.2Cr-10.7Co-6.4Ni
(3)25.0O-36.9S-29.3Cr-3.3Co-2.6Ni

Figure 5.86 Continued

(1)Co and Ni sulfide
49.2S-1.3Cr-36.1Co-13.4Ni
(2) Cr sulfide 54.4S-22.2Cr-16.2Co-7.2Ni
(3)23.4O-7.8Al-39.9S-4.8Ti-17.0Cr-4.7Co2.4Ni

The cross sectional images of modified Alloys 6, 7 and 8 and

parent Alloys 1,4 and 2 after testing for 50 hours in Gas 1 at 750oC
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(1)Cr sulfide 57.8S-31.7Cr-4.5Co-6.0Ni
(2)36.9O-25.7S-25.5Cr-1.9Co-9.6Ni
(3)Internal sulfide
58.5S-31.8Cr-4.2Co-5.5Ni
(4)Cr depleted substrate
1.4Cr-25.7Co-73Ni
(5)Metallic Ni and Co
6.1S-5.7Cr-14.8Co-73.5Ni

Figure 5.86 Continued

(1)Ni sulfide
64.6S- 0.3Ti-21.1Cr-3.2Co- 4.9Ni-5.9Al
(2)Cr sulfide layer
55.9S-27.0Cr-7.7Co-9.4Ni
(3)36.6O-6.0Al-23.8S-2.4Ti-26.6Cr-2.3Co2.4Ni
(4)34.8O-9.6Al-32.2S-5.5Ti-15.3Cr-1.3Co1.3Ni

The cross sectional images of modified Alloys 6, 7 and 8 and

parent Alloys 1,4 and 2 after testing for 50 hours in Gas 1 at 750oC
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Figure 5.87 compares the cross section of Alloys 6, 7 and 8 to their parent Alloys
1, 2 and 4 after 100 hours in Gas 1.

(1)Ni sulfide 42.9S-1.1Cr-4.4Co-51.6Ni
(2)Cr sulfide 57.5S-32.3Cr-5.6Co-2.9Ni
(3)52.8O-8.0S-27.3Cr-1.0Co-10.9Ni

(1)Ni sulfide 43.9S- 0.5Cr-11.1Cr-44.5Ni
(2)Cr sulfide 55.9S- 29.4Cr- 6.7Co- 7.9Ni
(3)38.7O-9.9Al-27.4S-5.8Ti-15.1Cr-1.3Co2.0Ni

Figure 5.87 Cross-sectional images of modified Alloys 6, 7 and 8 and parent Alloys 1,2
and 4 after testing for 100 hours in Gas 1 at 750oC
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(1)Ni sulfide 41.9S-0.6Cr-16.6Co-40.9Ni
(2)Cr sulfide 54.1S-29.5Cr-10.9Co-5.6Ni
(3)50.5O-8.6S-39.8Cr-1.0Co

(1)Ni sulfide 50.5S- 0.8Cr- 13.4Co- 34.7Ni
(2)Cr sulfide 58.6S- 0.5Ti-23.0Cr-10.9Co7.1Ni
(3)68.4O-8.8Al-7.3S-10.6Ti-0.9Cr-1.4Co1.4Ni

Figure 5.87 Continued Cross-sectional images of modified alloys 6, 7 and 8 and parent
alloys 1,2 and 4 after testing for 100 hours in Gas 1 at 750oC
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(1)Ni sulfide 42.9S-0.8Cr-7.6Co-48.7Ni
(2)Metallic Ni and Co
6.5S-0.9Cr-16.8Co-75.8Ni
(3)Cr sulfide 56.8S-31.8Cr-5.0Co-6.4Ni
(4)Cr2O3 enriched layer
56.5O-35.3Cr-3.4S-0.7Co-4.1Ni

(1)Ni sulfide 46.5S- 0.8Cr- 13.4Co-39.3Ni
(2) Cr sulfide 57.5S- 26.8Cr-7.9Co- 7.8Ni
(3)64.8O-0.7Al-0.2Si-5.7S-23.7Ti-2.9Cr0.8Co-1.2Ni

Figure 5.87 Continued Cross-sectional images of modified alloys 6, 7 and 8 and parent
alloys 1,2 and 4 after testing for 100 hours in Gas 1 at 750oC

189

5.2.2.3 Summary
In order to verify the effects of minor alloying elements such as Al, Ti and Mo, Alloys
1,2 and 4 were modified by adding these minor alloying elements to result in alloys 6, 7
and 8. The three modified model alloys were tested for 25, 50 and 100 hours in Gas 1 at
750oC. The inferences that can be drawn are as follows:
(1) The modified alloys 6, 7 and 8 underwent less weight gain and hence offered
better corrosion resistance than their parent alloys without minor alloying addition.
This verified that with the judicious addition of Al, Ti and Mo, lower (Cr+Co)
containing alloys can be highly sulfidation resistant.
(2) The modified alloys further verified the previous findings that when Ni/Co basemetal ratio is near unity, the alloy has better sulfidation resistance.
(3) Remarkable sufidation resistance can be obtained by maintaining a Ni/Co basemetal mass ratio near unity and adding minor amounts of Al, Ti and Mo. The best
sulfidation-resistant model Alloy 8 has the composition Ni-22Cr-35Co--2.5Al2.5Ti-5Mo (in wt.%).
(4) The addition of Al and Ti promotes the formation of an oxide-enriched inner layer
which serves to inhibit the outward diffusion of base metal elements, thus
mitigating the outward sulfidation and internal corrosion.
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5.2.3 Model alloys with different Ti levels

As discussed in 5.2.2, the individual addition of Al and Mo is beneficial for improving
sulfidation resistance. However, it is not clear about the individual effect of Ti. As
reviewed in chapter 2.4, results on the effect of Ti are variable. To date, little work has
been done on the effect of Ti in Ni-based alloys on sulfidation resistance. In order to
clarify the individual effect of Ti, some model alloys with different Ti levels were
prepared for further study.
The compositions of the new model alloys were designed based on results
obtained from the commercial alloys. As was shown in Figure 5.3, the weight gains of
Alloys 617, 282 and 41 were within about 4mg/cm2 of each other after 100h exposure to
Gas 1. The three alloys have similar composition, with the most significant difference
being the Ti content. Alloy 41 contains the highest Ti content (3.1wt.%) and showed the
least weight gain. Alloy 617 with 0.3 wt.%Ti had the most weight gain among the three
alloys. Alloy 282 with 2.2 wt.%Ti had a weight gain value in the middle.
To clarify whether the differences in weight gains were caused by the difference
in Ti contents, compositions of the model alloys were designed based on the
compositions of these three commercial alloys. Accordingly, the new model alloys had
the composition of Ni-20Cr-13Co-3Fe-0.5Si-5Mo-1.5Al-xTi with three different Ti
levels of 0.5Ti, 1.5Ti and 3Ti (the composition is in wt.%).
These new model alloys with different Ti levels were tested for 25, 50 and 100
hours in Gas 1 at 750oC. They were also tested in Gases 2 and Gas 3 for 100 hours at
750oC.
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5.2.3.1 Weight-gain kinetics
The weight gains of the three alloys after testing for 25, 50 and 100 hours in Gas 1 are
presented in Figure 5.88. It seems that the three Ti contents of the alloys did not bring
about significantly different behavior. However, the three alloys behaved differently in
Gas 2 obtained by bubbling Gas 1 through water at 0oC and Gas 3 obtained by bubbling
Gas 1 through water at 25oC. Figure 5.89 summarizes the weight gains of the alloys after
100 hours in Gases 2 and 3. Alloy 3Ti exhibited the least weight gain, and Alloy 0.5Ti
the most. Ti addition ostensibly exerted a beneficial effect on the sulfidation behavior in
Gases 2 and 3.
The different behaviors in Gases 1, 2 and 3 show that there is a complex interplay
between alloy compositions, specifically the relative amount of Ti, and environment. In
Gas 1, which is the most sulfidizing, any effect of Ti is not apparent. However, in Gases
2 and 3 where the oxygen partial pressure is higher than that in Gas 1, Ti does appear to
have an effect to improve the corrosion resistance.

192

Figure 5.88 Weight gain as a function of testing time in Gas 1 at 750oC

Figure 5.89 The weight gain of the three alloys after testing for 100 hours in Gas 2 and 3
at 750oC
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5.2.3.2 Morphological characteristics
Figure 5.90 shows surface images of the model alloys with different Ti contents
after testing in Gas 1 for 25 hours at 750oC. The surface images are seen to look similar.
According to XRD, Ni3S2 and Co9S8 formed on the surface.
Figure 5.91 shows cross-sectional images of the three alloys after 25 hours in Gas
1. The alloys have a multi-layered microstructure with the outermost layer being mainly
Ni sulfide, the intermediate layer is Cr sulfide, and the inner layer is a mixture of Cr
oxide and Cr sulfide. The compositions of each layer are shown in the table directly
below the images. After testing for 50 hours, the cross-sectional images look similar to
those after 25 hours except that the outer Ni sulfide layer became thicker, as seen in
Figure 5.92. The three model alloys also had similar cross-sectional images after 100
hours in Gas 1, as seen in Figure 5.93.
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Figure 5.90 Surface images of model alloys with different Ti contents after 25 hours
in Gas 1 after 25 hours
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0.5T1
(1)Ni sulfide and Co sulfide
45.3S-42.6Ni 1.8Fe-10.3Co
(2)Cr sulfide
56.4S-28.8Cr-1.7Fe-5.0Co8.0Ni
(3)25.7O-6.8Al-2.6Si-41.7S1.6Ti-15.5Cr-1.9Co-4.2Ni

1.5Ti
(1) Ni sulfide and Co sulfide
42.1S-48.1Ni 2.0Fe-7.8Co
(2) Cr sulfide
57.1S-28.5Cr-1.40Fe-5.3Co7.8Ni
(3)28.8O-5.7Al-1.9Si-39.27S3.1Ti-16.1Cr-1.7Co -3.5Ni

3Ti
(1)Ni sulfide and Co sulfide
34.2S-45.9Ni-9.0Cr-1.5Fe9.3Co
(2) Cr sulfide
54S-30.9Cr-6.2Co-8.9Ni
(3)16.4O-23.1Cr-5.4Al-43.0S7.0Ti-5.2Ni

Figure 5.91 Cross-sectional images of alloys with different Ti contents after 25 hours in
Gas 1
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0.5Ti

1.5Ti

3Ti

(1) Ni sulfide
43.1S-0.5Cr-1.8Fe-8.50Co46.0Ni
(2) Cr sulfide
55.7S-27.6Cr-1.5Fe-5.7Co19.5Ni
(3) 33.9O-5.2Al-2.6Si- 34.9S1.0Ti- 16.3Cr-0.5Fe- 2.0Co3.8Ni

(1) Ni sulfide
43.3S-0.64Cr-1.9Fe-9.4Co44.9Ni
(2) Cr sulfide
57.34S-30.9Cr-1.3Fe-4.5Co5.9Ni
(3) 47.1O-4.8Al-1.7Si-21.7S2.0Ti-19.7Cr-0.4Fe-0.9Co1.7Ni

(1) Ni sulfide
44.2S-0.5Cr-2.0Fe-10.8Co43.2Ni
(2) Cr sulfide
56.0S-27.4Cr-1.6Fe-5.9Co9.1Ni
(3) 41.6O-4.0Al-1.5Si-21.7S4.3Ti-23.7Cr-0.3Fe-0.9Co2.0Ni

Figure 5.92 Cross-sectional images of alloys with different Ti contents after 50 hours in
Gas 1
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Figure 5.93 Cross-sectional images of alloys with different Ti contents after 100 hours in
Gas 1 at 750oC, (a)0.5Ti, (b) 1.5Ti (c) 3Ti

The three model alloys behaved similarly in Gas 1 after 25, 50 and 100 hours of
exposure. However, they exhibited different behaviors in Gases 2 and 3. Figure 5.94
shows the surface images of the three alloys after 100 hours in Gas 2. Most of the surface
of the alloy with 0.5Ti is covered with Ni sulfide; while for the alloy with 1.5Ti, Ni
sulfide is only observed in some localized areas; Cr oxide covers the surface of the alloy
with 3Ti. The different morphologies of the three alloys can be more clearly seen in the
cross-sectional images in Figure 5.95. For the alloy with 0.5Ti, it is inferred that the
initially-formed Cr-oxide scale broke down and Ni sulfide formation ensued. For the
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alloy with 1.5Ti, Ni sulfide formed locally on the Cr-oxide layer. While on the alloy with
3Ti, a continuous Cr-oxide layer formed, containing 13.2 at.% Ti. This amount of
titanium will beyond the reported solubility in Cr2O3 [146, 147]. A possible explanation for
the high concentration of Ti in Cr2O3 is the formation of a complex chromium-titanium
oxide Cr2Ti2O7, which was verified by XRD analysis shown in Figure 5.96. The
formation of Cr2Ti2O7 is believed to act as a barrier to the outward diffusion of base metal
elements. Wang et al.[148] also observed the existence of Cr2Ti2O7 in the Cr2O3 scale
formed on Alloy Fe-25wt.%Cr-4.3wt.%Ti after testing in H2-H2O-H2S mixtures at 750oC.
They proposed that Cr2Ti2O7, together with Cr2O3, acts as a barrier to suppress sulfide
formation.

Figure 5.94 Surface images of model alloys after 100 hours in Gas 2
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Figure 5.95 Cross sectional images of model alloys after 100 hours in Gas 2

Figure 5.96 XRD pattern of Cr oxide enriched scale
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Obviously, the presence of Ti in the Cr2O3 scale had the beneficial effect to
promote and maintain the formation of oxide scale. The presence of Ti also helped to
block the outward diffusion of base metal elements such as Ni. This blocking effect was
more obvious with greater amounts of Ti in the alloy. The reason why Ti can promote the
formation of oxide scale will be discussed later.
Figure 5.97 shows cross-sectional images of the model alloys after 100 hours in
Gas 3. The Cr2O3 scale formed on the Alloy 3Ti is thick and continuous compared to that
formed on the alloy with 0.5Ti and 1.5T. 11.5at.% Ti was measured in the Cr2O3 scale
formed on the alloy with 3Ti, which shows the effect of Ti in promoting the formation of
an oxide-enriched scale.
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Figure 5.97 Cross-sectional images of model alloys after 100 hours in Gas 3

The scales formed on the three model alloys after testing in the three gases
differed depending on the gas atmosphere. Figure 5.98 summarizes the primary type of
scale formed on each alloy after 100 hours in the three gases at 750oC. The dot and
triangle represent oxide and sulfide, respectively. The dashed line represents an estimated
threshold oxygen partial pressure above which protective Cr oxides scale forms. As
shown in this figure, Ti content affects this threshold oxygen partial pressure. With an
increase in Ti content, the threshold oxygen partial pressure decreases.
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The information of the primary scale type can also be used to determine the kinetic
boundary in the stability diagram. The stability diagram of the model alloys is shown in
Figure 5.99. The diagram was set up on the assumption of ideal alloy behavior. Gases 1,
2 and 3 are indicated in this figure. Since there is not big difference in the alloy Ti
content, the same diagram can be used for all three model alloys. Sulfide formed on the
alloy with 3Ti after 100 hours in Gas 1, while oxide formed in Gases 2 and 3, so the
kinetic boundary of the alloy with 3Ti is located somewhere between Gases 1 and 2.
While for the alloy with 0.5Ti and 1.5Ti, sulfide formed in Gases 1 and 2, oxide formed
in Gas 3. Thus the kinetic boundary for these alloys is located between Gases 2 and 3, as
shown in Figure 5.99.
The beneficial effect of Ti on the location of the kinetic boundary was also reported
in a study by Wang et al.[148]. They found that the addition of Ti to an Fe-Cr alloy shifted
the kinetic boundary between Cr sulfide and Cr oxide to a lower oxygen partial pressure
after testing in H2-H2O-H2S mixture at 750oC, as shown in Figure 5.100.
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Figure 5.98 Influence of Ti content on the threshold oxygen partial pressure to form
protective Cr2O3 scale

Figure 5.99 Phase stability diagram at 750oC for the alloys with 0.5Ti, 1.5Ti and 3Ti
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Figure 5.100 The kinetics boundary of Fe-25wt.%Cr and Fe-25wt.%Cr-4.3wt.%Ti at
750oC, as reported by Wang et al.[148]

In order to investigate why Ti has the effect to shift the kinetic boundary and
promote Cr2O3 scale formation, the alloys with 0.5 and 3Ti were tested in Gas 2 for 30
minutes. As shown in Figure 5.101, Ni sulfide covered the surface of the alloy with 0.5Ti,
while Ni sulfide started to nucleate on the alloy with 3Ti after testing for 30 minutes in
Gas 2. The X-ray diffraction measurements revealed the formation of complex oxides
such as Cr0.222Ti0.778O1.889 on the alloy with 3Ti, as shown in Figure 5.102.
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Figure 5.101 The surface images of Alloy 0.5Ti and 3Ti after 30 minutes in Gas 2

Figure 5.102 XRD pattern from the alloy with 3Ti after 30 min in Gas 2
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Cross-sectional images of the two alloys are shown in Figure 5.103. A thin Cr and
Ti complex oxide formed on the alloy with 3Ti, while double-layered sulfides were
observed on the alloy with 0.5Ti, with a top Ni-sulfide layer and an inner Cr-sulfide
layer. These results provide further evidence that Ti promotes the formation of an oxide
layer.

(1).48.5O-20.6Cr-4.6Al-8.6Ti-1.7Co-2.6Si12.6Ni-1.6Fe (at.%)

(1).Ni sulfide 44.0S-54.8Ni-1.2Si
(2).Cr sulfide
57.5S-35.6Cr-5.6Ni-1.2Al(at.%)

Figure 5.103 Cross-sectional images of the alloys with 0.5Ti and 3Ti after 30 minutes in
Gas 2

As already discussed several times in the previous sections, the alloys used in low
NOx burner atmospheres rely on the formation and sustained growth of a protective oxide
scale which acts as a barrier blocking the inward transport of oxidants, such as sulfur, and
outward diffusion of base metals such as Ni. The formation of a protective oxide scale is
complicated because nearly all alloying elements in the model alloys are able to form
sulfide scale in Gas 1. The dissociation partial pressures of metal sulfides are shown in
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Table 5.4. However, only some alloying elements, Al, Ti and Cr, can form stable oxides.
All these sulfides and oxides will tend to nucleate and grow at preferred surface sites
during the initial stage of reaction. Ti oxides are more stable thermodynamically than
Cr2O3, and the growth rate of Ti oxides is favored during the very early stage of reaction.
The early-formed Ti oxides may then promote the formation of Cr2O3 by, perhaps,
serving as a sympathetic nucleation site. For instance, one possibility is that Ti2O3
particles formed and acted as a template for the nucleation of Cr2O3 as the primitive cell
of both Ti2O3 and Cr2O3 have a rhombohedral structure (space group is R3C) with similar
lattice constants, as shown in Figure 5.104. After the formation of Ti2O3 and Cr2O3, they
reacted to form Cr0.222Ti0.778O1.889. The formation of this complex oxide would hinder the
sulfidation process. The effect of Ti to improve the protective oxide scale formation was
also observed in a study on the high-temperature corrosion behavior of 310 stainless
steel and Alloy 800 in oxidizing-sulfidizing gases[149].
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Table 5.4 The dissociation pressure of some metal sulfides at 750oC
Dissociation pressure of
Equilibrium sulfur
Sulfides
sulfide at 750oC(atm)
pressure
Ni3S2

1.2×10-9

Cr2S3

1.5×10-11

CrS

5.1 ×10-14

Co9S8

1.5×10-8

MoS2

1.49 ×10-11

FeS

1.3×10-10

Al2S3

8.3 ×10-20

TiS

4.9×10-26

1.3 x 10-7

Figure 5.104 Crystal structure of Cr2O3 and Ti2O3[150, 151]. (a) rhombohedral primitive cell
(b) hexagonal representation.
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As seen in the table below the images in Figure 5.103, 8.6at.% titanium was
observed in the oxide scale, while the total amount of oxygen and chromium in the oxide
layer was 48.5at.% and 20.6at.%, respectively. This suggests that, except for the
formation of Cr0.222Ti0.778O1.889, there are extra amounts of oxygen and chromium in the
scale. It is very possible that the remaining amounts of oxygen and chromium exist as
Cr2O3. The Cr2O3 peaks were not identified in XRD analysis probably because that the
soluble Ni and Fe in Cr2O3 shifted the lattice parameters of Cr2O3 .
It is known now from this thesis study and others’ research that the individual
addition of Ti, Al and Mo is beneficial to improve sulfidation resistance. However, the
co-addition of these three alloying elements has the most significant effect compared to
any individual addition, as shown in Figure 5.9[120]. This shows that the tri-addition of
Al, Ti and Mo combines the individual beneficial effect. The reaction products formed
from the three alloying elements act, together with Cr oxide, to strengthen the barrier
which blocks the outward diffusion of base-metal elements and inward diffusion of
sulfur, and hence the tri-addition has a more significant effect compared to the individual
addition.

5.2.3.3 Summary
In order to verify the effect of Ti on suflidation resistance, three model alloys with
different Ti levels were prepared based on the compositions of commercial Alloys 41,
617 and 282. The three modified model alloys were tested for 25, 50 and 100 hours in
Gas 1, and 100 hours in Gas 2 and 3 at 750oC. The inferences that can be drawn from the
results obtained are as follows:
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(1) Titanium content (at least up to 3wt.%) influences the location of kinetic
boundary. With an increase of Ti content, the kinetic boundary moves to the lower
oxygen partial pressure. This serves as a beneficial effect of Ti being to promote
the formation of the Cr2O3 scale.
(2) There is a complex interplay between alloy composition, specifically the relative
amount of Ti, and environment. Ti did not have an obvious effect on sulfidation
resistance in Gas 1; while Ti addition exerted a beneficial effect on sufidation
behavior in Gases 2 and 3.
(3) Ti promotes the formation of complex Ti and Cr oxides. The complex oxides
suppress the occurrence of sulfidation at the early stage of testing by acting as a
barrier which impedes external sulfidation.
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5.3

CORROSION BEHAVIOR OF IRON-MOLYBODLENUM -ALUMINUM
ALLOYS IN SYNGAS

5.3.1 Alloy phase identification

Cast alloys of compositions Fe-30wt.%Mo-5wt.%Al and Fe-30wt.%Mo-10wt.%Al were
annealed at 1000C for 50 hours. The alloys can be represented in the 1000C isothermal
section of Al-Fe-Mo phase diagram, which is shown in Figure 5.105[140].
Figure 5.106 shows the microstructure of the two alloys after annealing at 1000C for 50
hours. A dark phase and a white phase can be clearly seen. The white phase is Mo-rich, μ
for the 5Al alloy, but for 10Al alloy it is deduced to be a two-phase mixture of μ+Mo3Al.
μ-phase has a rhombohedral structure and is generally considered to be brittle[152]. The
dark phase in 5Al is α-Fe, while in 10 Al it is α1 (Fe3Al). Table 5.5 summarizes the phase
compositions and identities within the two alloys.
As indicated by the XRD spectra in Figure 5.107, the matrix phase in 5Al is α-Fe,
which has the bcc structure, while the matrix phase in 10Al is Fe3Al with an fcc structure.
The difference in the matrix structures will influence the corrosion resistance, which will
be discussed later.
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Figure 5.105 Al-Fe-Mo isothermal section at 1000C[153]

Figure 5.106 Microstructure of Fe-Mo-Al alloys after annealing at 1000C for 50 hours,
(A) Fe-30Mo-5Al, (B) Fe-30Mo-10Al
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Table 5.5 Phase compositions and identities in the Fe-Mo-Al alloys studied
Alloy compositon
Fe-30wt.%Mo-5wt.%Al
(Fe-18at.%Mo-10.5at.%Al )
Fe-30wt.%Mo-10wt.%Al
(Fe-18at.%Mo-21at.%Al )

Dark phase (at.%)
74.5Fe-10.9Mo-14.6Al
α-Fe
62.6Fe-24.3Al-13.1Mo
α1-Fe3Al

White phase (at.%)
53.7Fe-38.8Mo-7.5Al
μ
45.9Fe-36.4Mo-17.7Al
μ+Mo3Al

Figure 5.107 XRD pattern from Alloys 10Al and 5Al
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5.3.2 Corrosion behavior and mechanism of alloy Fe-30Mo-5Al

Alloy Fe-30Mo-5Al was tested in Gas 4 (30%CO2-1%CO-0.005%H2S-19%H2O-H2) and
Gas 5(30%CO2-1%CO-0.01%H2S-19%H2O-H2) for different times at 500 oC. Gas 5, with
a higher amount of H2S, is more aggressive than Gas 4, so the results shown below are
mainly for Gas 5.
Figure 5.108 shows the weight-gain kinetics for Alloy Fe-30Mo-5Al in Gas 5.
The alloy shows breakaway behavior. The weight-gain values are compared with the
calculated weight gains from the experimental results summarized by Mrowec[44], where
the Alloy Fe-30Mo-5Al was tested in H2-H2S mixture (with 0.01 atm sulfur vapor) at 500
o

C. Unlike the breakaway kinetics observed in the current experiment, Alloy Fe-30Mo-

5Al in Mrowec’s study obeyed parabolic kinetics.

Figure 5.108 The weight gain with time of 5Al after testing for testing for 20, 50, 75 and
100 hours
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Figure 5.109 shows a surface image of 5Al after testing for 20, 50, 75 and 100
hours. As shown in this figure, Al2O3 particles were clearly observed on the matrix ferrite
phase after testing for 20 hours. EDS analysis showed about 7.9at.% oxygen in the matrix
ferrite phase. After testing for 50 hours, the amount of particles increased; and oxygen
content in the ferrite phase increased to 13.6 at.%. After testing for 75 hours, the ferrite
phase was fully covered by FeS according to XRD analysis. The formation of FeS led to
scale breakdown. This is probably because the Al level was not enough to form a thick
protective Al2O3 layer, thus allowing Fe to diffuse outward and react with sulfur in the
environment to form FeS. The FeS then grew laterally until it coalesced into a continuous
outer layer which completely covered the sample surface, as indicated in Figure 5.109
(e). From 20 to 75 hours, there was no obvious composition change in the μ phase. The
surface compositions of ferrite and μ-phase after testing for 20, 50, 75 hours are
summarized in Table 5.6.

216

Figure 5.109 Surface image of 5Al after testing for 20, 50, 75 and 100 hours at 500 oC in
Gas 2, (a) surface before testing, (b) 20 hours, (c) 50 hours, (d) 75 hours, (e) 100 hours
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Table 5.6 Surface composition after testing for 20, 50, 75 and 100 hours
at.%

composition of
μ phase

Composition of
matrix ferrite

Fe

Mo

Al

S

O

0 hr

56.0

36.8

7.2

-

-

20 hr

52.2

41.2

6.6

-

-

50 hr

52.5

40.9

6.6

-

75 hr

54.2

39.4

6.4

-

100 hr
0 hr

80.0

5.1

14.9

-

-

20 hr

72.1

6.0

14.0

-

7.9

50 hr

69.1

4.6

12.7

-

13.6

75 hr

36.4

-

13.3

36.8

13.5

100 hr

49.4

-

-

50.6

Remarks

FeS started to
form on ferrite
FeS completely
- covered sample
surface

Figure 5.110 shows cross-sectional images of 5Al after 75 and 100 hours in Gas
5 at 500 oC. It is clearly shown from Figure 5.110 (a) that FeS initially formed on ferrite.
Then FeS grew laterally, and finally covered the μ-phase, as shown in Figure 5.110 (b). It
is also clear from Figure 5.110(b) that the ferrite was preferentially attacked phase. A thin
layer underneath the outer FeS layer is a mixture of Al2O3 and FeAl2S4. The stability of
Al2O3 with respect to FeAl2S4 is affected by the iron activity via the following reaction
2 FeAl2S4+ 3O2 =2 Al2O3 + 2Fe+4S2
Accordingly, the nature of the corrosion product is affected by the value of (PS2)4
* (aFe)2/(PO2)3, such that a higher iron activity will stabilize FeAl2S4 with respect to Al2O3.
Iron activity decreases from inside of the preferential sulfidation zone to the interface
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between the alloy and the FeS scale, thus iron activity at point 3 Figure 5.110 (b) is larger
than that at point 2. Therefore, only FeAl2S4 was observed at point 3 and a mixture of
Al2O3 and FeAl2S4 was observed at point 2. The composition of the outer FeS scale and
the inner reaction zones are shown in Table 5.7. It is worth noting that there was
significant Fe depletion from the preferentially attacked ferrite due to the outward
diffusion of Fe, as seen by the composition indicated by points 2 and 3. There was no
obvious change in the composition of μ phase, as seen by the compositions indicated by
points 4 and 5.

Figure 5.110 Cross-sectional images of 5Al after testing for 75 and 100 hours at 500oC in
Gas 2, (a) testing for 75 hours, (b) testing for 100 hours
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Table 5.7 The composition of the scale on 5Al after testing for 100 hour in Gas 2
at.%

Fe

Mo

Al

S

O

1

FeS

46.8

-

-

53.2

-

2

Al2O3 FeAl2S4

8.1

-

27.6

34.6

29.7

3

FeAl2S4

16.2

-

22.6

61.2

-

4

μ phase

52.9

39.2

7.9

-

-

5

μ phase

53.2

38.9

7.9

-

It is clear from Figure 5.109 that Al2O3 particles nucleate on ferrite but not on μphase. From a thermodynamic standpoint and conditions of local equilibrium, the
chemical activity of Al in ferrite is same as that in μ phase, regardless how large the
concentration difference may be. Therefore, it is the availability of Al, not its activity,
that is more important

[78]

. We know from Table 5.5 that Al is enriched in ferrite, which

would facilitate the formation of Al oxide on ferrite. By contrast, the Al content in μphase is relatively low; apparently too low to form Al2O3 externally.
From the above discussion, the mechanism of corrosion of the 5Al alloy can be
depicted in Figure 5.111. After testing for time 1, Al2O3 forms on ferrite, but it doesn’t
provide protection against corrosion probably because there is not enough Al in the alloy
to form a continuous Al2O3 layer. At time 2, Fe in ferrite diffuses outward and reacts with
the atmosphere to form an iron sulfide layer on the Al2O3 layer. Iron sulfide layer then
grows laterally until it finally covers the μ phase by time 3. Meanwhile, sulfur penetrates
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through the alumina scale along flaws such as micro-cracks into the alloy and reacts with
alloy elements to form internal sulfides.

Figure 5.111 Schematic drawing of the growth of FeS scale on Alloy Fe-30Mo-5Al

In order to assess how Alloy Fe-30Mo-5Al behaves at higher temperature, it was
tested at 600 oC for 100 hours in Gas 5. Figure 5.112 shows the surface and crosssectional images of Alloy Fe-30Mo-5Al after 100 hours at 600oC in Gas 5. The images
are similar to those from the same alloy reacted at 500oC.
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Fe
(at.%)

Mo
(at.%)

Al
(at.%)

S
(at.%)

O
(at.%)

1

FeS

52.1

2

Al2O3 containing
layer

17.3

8.7

19.3

19.5

34.9

27.7

9.3

15.1

17.2

30.7

3

47.9

4

μ phase

50.6

41.7

7.7

5

μ phase

52.9

39.1

8.3

Figure 5.112 Surface and cross-sectional images of Alloy Fe-30Mo-5Al after 100 hours
at 600 oC in Gas 5

222

5.3.3 Corrosion behavior and mechanism of alloy Fe-30Mo-10Al

Alloy Fe-30Mo-10Al was tested at 500 oC in Gas 5 for 150 and 200 hours. There was
little change in weight gain, as shown in Table 5.8. Moreover, no obvious change in
appearance was observed on the surface, as seen in Figure 5.113. Since oxygen was
observed on the surface using EDS, it is expected that an Al2O3 layer formed and
provided protection against corrosion. But the Al2O3 layer was too thin to be observed in
the cross-sectional image, as shown in Figure 5.114.

Table 5.8 Weight gain after testing for 150 and 200 hours at 500 oC in Gas 5

Fe-30Mo-10Al

150hours (mg/cm2)

200 hours(mg/cm2)

0.002

0.003
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Figure 5.113 Surface images of Alloy Fe-30Mo-10Al after testing 150 and 200 hours in
Gas 5

Figure 5.114 Cross-sectional image of Alloy 10Al after testing 200 hs in Gas 5
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In order to verify
A the existence of a very thin Al2O3 layer, XPS analysis was
conducted on 10Al after testing for 100 hours at 500 oC in Gas 5. Table 5.9 shows the
composition as a function of emission angle. Relative to the nominal bulk composition,
there is a significant deficit of Fe and excess of Al at both the outer surface (high angle)
and near surface (low angle); only a trace amount of S was detected. Chemical shifts
suggest that in the outer surface and near surface, both Fe and Al exist as oxides. It is
inferred that oxidation, and not sufidation, dictated the measured surface compositions.
The significant amount of Ca, Si and C on the sample surface might be due to
B
contamination from the crucible. The pattern, shown in Figure 5.115, suggests that
oxidation induces segregation of Al to the surface to form aluminum oxide.
The formation of an Al2O3 layer was also observed in a previous study[154]. For
example, sputter-deposited Al-Mo alloys were tested in pure sulfur vapor at 103 pressure
at the temperature range of 700-1000oC and an alumina scale had formed, as determined
by XPS analysis, due to the residual oxygen in the reactor[154].
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Table 5.9 Composition as a function of emission angle
near-surface

top-surface

Angle, degree
At. %

Nominal Comp.
of bulk

27

42

Si2s

8.85

7.8

O1s

44.85
3.08
8.97
3.18
18.06
13.02

Mo3d
Fe3p3
Ca2p
C1s
Al2s

16
75

19

57
11.58

9.83

42.67

41.91

39.43

2.47
8.12
3.25
23.27
12.42

1.46
4.1
3.72
24.69
12.54

0.93
8.11
2.75
30.36
8.59

Figure 5.115 XPS analysis on 10Al after testing for 100h.
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Alloy Fe-30Mo-10Al was also tested at 600oC for as long as 300 hours in Gas 5.
The surface and cross-sectional images are shown in Figure 5.116. A very thin Al2O3
layer can be distinguished in the cross-sectional image.

Figure 5.116 Surface and cross-sectional images of Alloy Fe-30Mo-10Al after testing for
300 hours at 600 oC in Gas 5
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5.3.4 Alloying effects on sulfidation resistance

The matrix ferrite phase was preferentially attacked by sulfur while the shape and
composition of the Mo-enriched phases in Alloy 10Al remained unchanged even after
testing for 300 hours at 600oC in Gas 5. Thus, the protection provided by the matrix
phase determines sulfidation resistance provided that this matrix phase is of a significant
volume fraction. When a continuous alumina scale forms over the matrix phase, the alloy
will have the excellent sulfidation resistance. The formation of a protective Al2O3 layer
depends on the composition of the matrix phase, especially Al content, since Al is
enriched in this matrix phase (α Fe in Alloy 5Al and Fe3Al in Alloy 10Al). As the overall
Al content increases, the Al level in the matrix increases.

Alloy 10Al has better

sulfidation resistance than Alloy 5Al because of a higher level of Al.
The beneficial effects of Al on sulfidation resistance can be explained as follows.
Firstly, a high Al level can help to stabilize the formation of Al2O3 which provides
corrosion resistance. Secondly, both 5Al and 10Al have a two phase structure-a matrix
phase and a Mo-enriched phase. Due to the difference in Al content, the matrix of 5Al is
αFe with the bcc structure, while matrix phase of 10Al is Fe3Al with an fcc structure. Fe
diffuses faster in bcc than in fcc; thus Fe sulfide is more easily formed on 5Al than on
10Al. Thirdly, Al in ferrite can have the effect of blocking the outward diffusion of iron.
As the overall Al content increases, the Al level in the matrix phases increases, leading to
the more significant blocking effect.
Both the current and others studies[17, 19, 155] show that Mo in the matrix phase
plays a limited role in improving the corrosion resistance. However, the concentration of
Mo is also an important factor to improve corrosion resistance of Fe-Mo-Al alloys. The
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addition of Mo leads the formation of μ phase (Mo3Al), which reacts with sulfur at a very
low rate. Wang et al.[20] compared the sufidation resistance of Fe-10Al and Fe-30Mo-Al
in 0.01atm sulfur vapor at 700oC. The results showed that Alloy Fe-10Al sulfidized at a
much higher rate than Fe-30Mo-Al. They proposed that a critical Al+Mo content is
needed to provide sulfidation resistance, although they didn’t mention the exact amount.
Kai et al.[114] studied the corrosion behavior of Fe-xMo-7wt.%Al alloy in H2/H2O/H2S
mixing gas at 900oC. The results showed that the corrosion rate is strongly dependent on
the amount of Mo over the range of 10-20wt%, but less dependent on the amount of Mo
over the range of 20-30wt.%.

5.3.5 The behavior of the alloy Fe-30Mo-5Al and Fe-30Mo-10Al in Gas 1

As mentioned in the previous literature review, most conventional oxidation-resistant
alloys do not have acceptable sulfidation resistance under the condition where sulfidation
is the favored mode of attack[8, 9]. The main reason for this is the greater extent of nonstoichiometry in sulfides

[12]

. Consequently, the diffusion through sulfide scales is very

fast, and, hence, the growth rate of sulfides is fast. By contrast, a number of refractory
metals, such as Mo and Nb, are highly resistant to sulfur corrosion, with the sulfidation
rate comparable to the oxidation rate of Cr[13]. The excellent sulfidation resistance of
refractory metals results from the very low deviations from stoichiometry, and thereby,
the low defect concentrations in the sulfides of these metals. Research has shown that the
predominant defects in these sulfides, as in refractory metal oxides, are S interstitials
14, 118]

[12,

. As a consequence, in contrast to common metals, sulfide scales on refractory

metals grow relatively slowly by inward diffusion of sulfur. In order to compare the two
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refractory metal Mo containing alloys with conventional commercial alloys, the two
alloys were also tested in Gas 1 for 100 hours at 750oC. The weight gains are compared
to that of the best model Alloy 8, as shown in Figure 5.117. It is clear that Fe-Mo-Al
alloys have better sulfidation resistance than model Alloy 8.

Figure 5.117 Weight gains of Alloys 5Al and 10Al and Alloy 5 after testing for 100
hours at 750oC in Gas 1
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Figure 5.118 Cross-sectional images of Alloy 5Al, 10Al and Alloy 8 after testing for 100
hours at 750oC in Gas 1
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5.3.6 Summary

The corrosion resistance of Fe-30wt.%Mo-5wt.%Al and Fe-30wt.%Mo-10wt.%Al was
studied in a simulated syngas atmosphere in which the H2S content was up to 100ppm at
500oC and 600oC. The following conclusions can be drawn:
(1) Alloy Fe-30Mo-10Al exhibits excellent sulfidation resistance in the testing gases.
The good corrosion resistance can be attributed to the formation of a very thin
Al2O3 layer on the surface of the alloy, as identified by XPS analysis.
(2) Alloy Fe-30Mo-5Al showed breakaway behavior in the current study. Al2O3
initially nucleated on the surface of ferrite, but a continuous Al2O3 scale did not
form due to the low Al content.
(3) The composition of the matrix phase, especially the Al content, determines
sulfidation resistance. Firstly, a high Al level can help to stabilize the formation of
Al2O3. Secondly, Al content influences the matrix phase structure. Alloy 10Al has
a FCC matrix, while the matrix of 5Al has BCC structure. The FCC structure is
preferred. Thirdly, Al in the matrix phase has the effect to block the outward
diffusion of iron.
(4) Fe-30Mo-Al alloys have better sulfidation resistance than Ni-Cr-Co model alloys.
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6.0 CONCLUSIONS

Eight chromia-scale-forming commercial alloys and eleven model alloys were tested at
750oC in gases with a base composition of N2-15%CO-3%H2-0.12%H2S. The effects of
major alloying elements Cr, Co and Ni and minor alloying elements Ti, Al and Mo on
sulfidation resistance were studied.
After testing the various commercial alloys in the simulated atmosphere of a low
NOx burner, the following conclusions can be drawn.
(1) Compared to Ni-Fe-based and Co-based alloys, the Ni-rich Ni-Co-based alloys
studied showed the best corrosion resistance, with Alloys 160 and 263 exhibiting
the best sulfidation resistance in all the three gases.
(2) In the case of Ni-based alloys, at a certain Cr level (~25wt. %), the Co content
influences the weight gain and the onset of breakaway corrosion. An alloy has
the longest time to breakaway when Ni/Co major element ratio is near unity,
because both Ni and Co availability for reaction are low in such a case.
(3) Alloy 263 does not have high Cr and Co contents compared to Alloy 160, but the
former has less weight gain due to relatively minor addition of Ti, Al and Mo.
These elements can play an important role to improve sulfidation resistance due
to their ability to promote and/or maintain protective oxide scale formation.
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(4) At a given sulfur pressure, there is a threshold oxygen partial pressure beyond
which a continuous protective chromia scale is developed. This threshold
pressure decreases with an increase in the alloy Cr content. Even so, the kinetic
boundary between sulfidation and oxidation is highly alloy dependent, beyond
just total Cr content.
(5) In Gas 3, which has the highest oxygen potential, oxidation dominated over
sulfidation; the chromium oxide layer formed to provide protection against
corrosion. In Gas 1, where sulfidation dominates, all the alloys showed the worst
corrosion resistance due to sulfides eventually forming over an initially-formed
chromium oxide layer.
(6) Sulfide whisker growth is maintained by the outward diffusion of Ni. Such
whisker formation on Alloy 120 is believed to be related to surface reaction
control of the H2S dissociation. The formation of whiskers indicates the
occurrence of preferential growth, which is deduced to be due to an orientation
dependence of the H2S dissociation reaction.
(7) The Kirkendall effect and diffusional creep as a result of the stresses produced in
the scale account for the initial development of voids in the scale. A dissociation
process substantially leads to void growth, which may be extensive.
(8) The formation of nodules on some alloys is due to melting via Ni-Ni3S2 eutectic
formation during the test.
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Conclusion (2) from commercial alloy study was verified with studies on model
alloys. Inferences drawn from the five model alloys, which were prepared to verify the
Ni/Co major-element ratio, are as follows:
(9) The results from the model alloys confirmed that when the Ni/Co major-element
ratio is near unity, the alloy has optimum sulfidation resistance.
(10) The results from the model alloys confirmed the established beneficial effects of
Cr and Co on sulfidation resistance. In the composition range of the current
experiments, 10-40wt%Co, weight gain decreases with an increase in the alloy
Co content at a constant Cr level. Similarly, weight gain decreases with an
increase in the alloy Cr content at a constant Co level.
(11) The results from the model alloys showed that the tendency to form liquid NiNi3S2 eutectic increases with an increase in the Ni content in the alloys.
Conclusion (3) from commercial alloy study was also verified by the study of three
model alloys. Conclusions about the effects of minor alloying elements Al, Ti and Mo
can be drawn as follows.
(12) The modified Alloys 6, 7 and 8 underwent less weight gain and hence offered
better corrosion resistance than their parent alloys without minor alloying
addition. This verified that with the judicious addition of Al, Ti and Mo, lower
(Cr+Co) containing alloys can be highly sulfidation resistant.
(13) The modified alloys further verified the previous findings that when Ni/Co
base-metal ratio is near unity, the alloy has better sulfidation resistance.
(14) Remarkable sufidation resistance can be obtained by maintaining a Ni/Co basemetal mass ratio near unity and adding minor amounts of Al, Ti and Mo. The
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best sulfidation-resistant model Alloy 8 has the composition Ni-22Cr-35Co2.5Al-2.5Ti-5Mo (in wt.%). This composition represents a major alloydevelopment result stemming from this study.
(15) The addition of Al and Ti promotes the formation of an oxide-enriched inner
layer which serves to inhibit the outward diffusion of base metal elements, thus
mitigating the outward sulfidation and internal corrosion.
The individual effect of Ti on sulfidation resistance was also investigated and the
conclusions can be drawn as follows.
(16) Titanium content (at least up to 3wt.%) influences the location of the kinetic
boundary. With an increase of Ti content, the kinetic boundary moves to the
lower oxygen partial pressure. This suggests that the beneficial effect of Ti is to
promote sustained formation of the Cr2O3 scale.
(17) There is a complex interplay between alloy composition, specifically the
relative amount of Ti, and the environment. Ti did not have an obvious effect on
sulfidation resistance in Gas 1, while Ti addition exerted a beneficial effect on
sufidation behavior in Gases 2 and 3.
(18) Ti promotes the formation of the complex Ti and Cr oxides. The complex
oxides suppress the occurrence of sulfidation at the early stage of testing by
acting as a barrier that impedes external sulfidation.
Fe-30wt.%Mo-5wt.%Al and Fe-30wt.%Mo-10wt.%Al had better sulfidation
resistance than the conventional high-temperature alloys. The conclusions drawn from
that study performed in a simulated syngas atmosphere are as follows.
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(19) Alloy Fe-30Mo-10Al exhibits excellent sulfidation resistance in the testing
gases. The good corrosion resistance was attributed to the formation of a very
thin Al2O3 layer on the surface of the alloy, identified by XPS analysis.
(20) Alloy Fe-30Mo-5Al showed breakaway behavior in the current study. Al2O3
initially nucleated on the surface of ferrite, but a continuous Al2O3 scale did not
form due to the low Al content.
(21) The composition of the matrix phase, especially the Al content, determines
sulfidation resistance. Firstly, a high Al level can help to stabilize the formation
of Al2O3. Secondly, Al content influences the matrix phase structure. Alloy 10Al
has a FCC matrix, while the matrix of 5Al has BCC structure. The FCC structure
is preferred. Thirdly, Al in the matrix phase has the effect to block the outward
diffusion of iron.
(22) Fe-30Mo-10Al alloys have better sulfidation resistance than Ni-Cr-Co model
alloys.
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APPENDIX A

GAS PHASE DIFFUSION

When an alloy is put in a gas atmosphere, the oxidation or sulfidation process
involves several processes[156]:
I.
II.

Transport of oxidant through the gas phase to the specimen surface.
Reaction at the surface including adsorption, dissociation, and incorporation into a
solid reaction product.

III.

Diffusion of anions and/or cations through the reaction product.

IV.

Desorption of product gases.

V.

Transport of product gases away from the specimen surface.
If step I and V are rate controlling, gas velocity has a substantial effect on the

reaction kinetics. When the reacting gas is dilute in the atmosphere, the active gas
molecules are rapidly depleted in the gas layers immediately adjacent to the specimen
surface. In such a case, boundary-layer diffusion control may occur.
Subsequent reaction can only proceed if the molecule of the active species can
diffuse through the boundary layer to the metal surface. The flux across this layer is
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and

are concentration of the active species at metal surface and in the bulk gas.

is the thickness of the boundary layer. This represents the maximum possible reaction
rate observable. At the beginning of the reaction, the value of

i is

very low and can be

neglected giving

The reaction rate is thus directly proportional to

, the partial pressure of the

active species in the bulk atmosphere. If the boundary layer transport is rate controlling,
the reaction rate increases with the increase of the partial pressure of the active species in
the gas.
Another way to determine whether the reaction rate is controlled by the
boundary diffusion is that the gas flow rate influences the reaction rate. If the gas flow
rate increases, the thickness of the boundary layer, , decreases, correspondingly, the
reaction rate increases.
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