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In this dissertation, the relationships between structure-mechanical properties-deformation 

mechanisms in face-centered cubic (FCC) and body-centered cubic (BCC) metallic nanowires 

have been studied using in situ TEM nanomechanical testing.  

It is well known that smaller is stronger and the widely-observed size effect is believed to 

arise from dislocation interactions inside nanocrystals. However, the interaction mechanisms in 

small-volume nanocrystals remain unexplored. Here, it was found that surface-nucleated 

dislocations can strongly interact inside the confined volume of Au nanowires, which led to a 

new type of dislocation-originated stacking fault tetrahedra (SFT), at variance to the widely-

believed vacancy-originated SFT. The atomic-scale processes of nucleation, migration and 

annihilation of dislocation-originated SFT were revealed, shedding new light onto the strain 

hardening and size effect in small-volume materials.  

Although nanoscale twinning is an effective mean to enhance the strength of metals, 

twin-size effect on the deformation and failure of nanotwinned metals remains largely 

unexplored, especially at the minimum twin size. Here, a new type of size effect in nanotwinned 

Au nanowires is presented. As twin size reaches the angstrom-scale, Au nanowires exhibit a 

remarkable ductile-to-brittle transition that is governed by the heterogeneous-to-homogeneous 

dislocation nucleation transition. Quantitative measurements show that approaching such a 
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nanotwin size limit gives rise to the ultra-high strength in Au nanowires, close to the ideal 

strength limit of perfect Au.  

Twinning is a fundamental deformation mode that competes against dislocation slip in 

crystals. At the nanoscale, higher stresses are required for plastic deformation than that in bulk, 

which favors twinning over dislocation slip. Indeed, deformation twinning has been well-

documented in FCC nanocrystals. However, it remains unexplored in BCC nanostructures. Here, 

it shows that twinning is the dominant deformation mode in BCC-tungsten nanocrystals. A 

competition between twinning and dislocation slip occurs when changing the loading 

orientations, attributed to the defect growth controlled plasticity in BCC nanocrystals. Several 

important commonalities and differences in FCC and BCC nanocrystals deforming at nanoscale 

are further proposed.  

The results from this dissertation advance fundamental understanding of plastic 

deformation in a broad class of metals and alloys, and are of technological importance for 

degradation control and future design of ultra-strength nanomaterials. 
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1.0  INTRODUCTION 

Nanosized materials hold great promising in the application of memristor, sensor, detector, 

electronics, batteries and micron/nano electro-mechanical systems (MEMS/NEMS)
1-7

, due to 

their excellent phys-chemical properties, such as electrical
4,8,9

, mechanical
10-12

, optical
13,14

, 

chemical
15

 and electrochemical
16-18

 properties. Those superior properties originate from their 

high surface-to-volume ratio and large surface energy compared to their bulk counterparts
19-21

. 

During past 20 years, numerous efforts have been made on the synthesis, characterization and 

application of nanosized materials. The materials include metals
9,22

, semiconductors
23,24

, 

alloys
25,26

, ceramics
27,28

 and nanocomposites
29-32

, in the forms of nanoparticles, nanowires, 

nanorods and quantum dots. The broad applications of those nanostructures have also been 

theoretically explored in various research fields. However, in real applications, the mechanical, 

electrical, thermal, chemical or electrochemical induced degradations can lead to the loss of their 

stability and functional properties, as well as the serving life
31,33-36

, which hinder their wide 

applications. As the materials’ size scales down, such degradations might be further promoted 

due to high atoms diffusivity induced by the large surface energy. Therefore, the fundamental 

understanding on the dynamic processes of degradations are crucial important for future design 

and development of nanosized materials with high reliability. However, those degradations are 

largely unexplored at present due to the technological difficulties in handling individual 

nanosized specimen, especially at the atomic-scale.  
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On the other hand, it is well-known that the phys-chemical properties of materials can be 

well controlled by the elastic strain field applied on the materials, especially at nanoscale
19

. 

Revealing the relationships between microstructure, mechanical properties and deformation 

mechanisms in nanosized materials are thus central important for the “elastic strain 

engineering”
19

. Thanks to the development of nano-fabrication/nano-manipulation 

technologies
12,37,38

 and large-scale molecular dynamics (MD) simulations
39-41

, significant 

processes have been made in understanding the structure-mechanical properties-deformation 

mechanisms relationships at small length scale by both experimental and theoretical studies
12,37-

41
. At the micron and sub-micron scales, materials show ultrahigh strength, near-ideal elastic 

strain limit and improved young’s modulus
19,37,42

, while their deformation mechanisms are quite 

distinct from their bulk counterparts, in both defect nucleation and propagation
20,40,42-45

. As the 

material size further scales down to nano or atomic scale, the free surface plays significant role 

in controlling the yielding, plastic deformation and failure of materials
20,21,43,46,47

, as revealed by 

the large-scale MD simulations. Several different kinds of deformation modes have been 

observed in nanosized materials under MD simulation
20,21

, such as dislocation nucleation
43,48

, 

deformation twinning
49,50

, phase transformation
46

, shape memory effect
51,52

 and atomic-scale 

chain
47

. However, due to its inherent ultrahigh strain rate, truncated atomic potential and 

idealized crystal geometry used in MD simulations, those results should be only considered as 

inspirations of our understanding which need to be further validated or disproved by the 

experimental evidences. However, due to the technical difficulties in handling, loading and 

measuring at nanoscale, it has been a long-standing challenge to reveal those deformation 

processes, especially at the atomic-scale. 



 3 

Recently, a novel transmission electron microscope (TEM) specimen holder coupled with 

a scanning tunnel microscope (STM) probe has been successfully developed, which allows the 

atomic-scale observation on the structure evolution of nanosized materials
17,30,53-55

. Individual 

specimen with different geometries can be easily picked up, manipulated and loaded by the 

ultrathin STM probe, while the atomic-scale resolution is kept. More importantly, an atomic 

force microscope (AFM) or nanoindentation chip can be applied in an alternated experimental 

setup allowing the stress-strain measurement during mechanical loading
56,57

; as a result, the 

microstructure, mechanical properties and deformation mechanisms of nanosized materials can 

be studied systematically and correlated together. However, very few studies have been 

conducted toward revealing those fundamental questions at present. In this research, we will use 

the unprecedented in-situ atomistically-resolved approach for discovering the previously 

unknown deformation mechanisms in metallic nanostructures and exploring their structure-

mechanical properties-deformation mechanisms relationship to shed some light for the materials 

design and mechanical degradation controlling at atomic-scale.  

The thesis is organized as follows. In Chapter 2, the deformation mechanisms at different 

length scale will be reviewed. Based on the research background, the objectives of the present 

study will be proposed.  

In Chapter 3, the experimental methods, including materials preparation, experimental 

setup and nanomechanical testing, will be discussed in detail. A novel method to fabricate 

nanowires from bulk materials inside the TEM will be presented in this chapter.  

In Chapter 4, atomic-scale dynamic observations will be used to reveal the dislocation 

interactions inside the small volume of nanocrystals with twin-free or low density twins. 

Dislocation-originated stacking fault tetrahedral (SFT) were observed to form following an 
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intersection and cross-slip process, which is applicable to a broad class of FCC metals and 

alloys. It is discovered that the deformation-induced SFT is an important deformation mode in 

controlling the plasticity and strain hardening at nanoscale. Those deformation-induced SFT can 

migrate and annihilate under mechanical loading in the manner that is not expected in bulk 

samples.   

In Chapter 5, the effects of microstructure on the structure-properties relationship in FCC 

metals will be studied and discussed. By using in situ nanomechanical testing combined with 

atomic-scale observations, it is found that Au nanowires exhibit a remarkable ductile-to-brittle 

transition that is governed by the heterogeneous-to-homogeneous dislocation nucleation 

transition when the twin thickness is reduced to the smallest possible size of angstrom-scale (0.7 

nm), profoundly contrasting with the deformation behavior of metallic nanowires with twin-free 

or low density twins. Quantitative measurements show that approaching such nanotwin size limit 

gives rise to an ultra-high tensile strength (up to 3.12 GPa) in Au nanowires. Such twin-size 

dependent dislocation nucleation and deformation represents a new type of size effect distinct 

from the sample size effect described previously. 

In Chapter 6, the effects of crystal structure on the deformation mechanisms will be 

studied and discussed by using FCC-Au and BCC-W as examples. It discovers that W 

nanocrystals exhibit surprising reversible plastic deformation via twinning or irreversible plastic 

deformation via dislocation nucleation at room temperature and low strain rates, depending on 

the load orientation. Those nanosized FCC and BCC metals exhibit different behaviors in both 

deformation twinning and dislocation nucleation. The fundamental mechanisms will be revealed 

in this chapter.  
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In Chapter 7, the crystal structure effects on deformation at nanoscale are further 

explored based on the results presented in this dissertation.  

Finally, the dissertation is concluded in Chapter 8 and future research directions are 

discussed in Chapter 9.  
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2.0  BACKGROUND 

In this chapter, the deformation mechanisms of materials deformed at different length scales will 

be briefly summarized and reviewed. Main attentions will be paid onto the current understanding 

of deformation mechanisms of nanosized materials and their impact factors. Based on the 

background review, the objectives of present research will be proposed.  

2.1 DISLOCATION DYNAMICS IN METALS AT DIFFERNET LENGTH SCALES 

2.1.1 Deformation of bulk materials 

“Crystals are like people: it is the defects in them that make them interesting”, as said by Charles 

Frank (a famous physicist in the field of material sciences)
58

. Indeed, the theories on plastic 

deformation and mechanical properties of materials are all about how the defects generate, 

propagate and annihilate. Among those defects, dislocation (a type of line defect) are the most 

important one in controlling the yielding, deforming and failure of crystalline materials
59,60

. How 

the dislocations are generated and how they propagate and interact have been studied for more 

than half of century
59

. Now, it is generally believed that the frank-read source and double-cross-

slip source serve as the main dislocation multiplication sources in controlling the plastic 

deformation in single crystals
59

. While in polycrystalline materials, the preexisting imperfections, 
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such as boundaries, interfaces and participates, contribute to most of the dislocations nucleation 

sites and sink points
59-61

. Although bulk metals can be strengthened through different 

mechanisms, such as work hardening, solid solution strengthening, precipitation strengthening, 

dispersion strengthening, the heterogeneous nucleation of dislocation from Frank-Read sources 

or pre-existing imperfections leads to the earlier yielding of materials and thus much lower 

strength compared to the perfect crystal
10,60

. Therefore, attaining theoretical strengths in metals 

and alloys remains an outstanding challenge. 

In the 1980s, people discovered that nanocrystalline materials exhibit improved 

strength/hardness and better toughness, enhanced diffusivity, but lower ductility in comparison 

with the conventional polycrystalline materials 
62,63

. Over the past couple of decades, widespread 

researches have been conducted to reveal the structure-mechanical properties relationship in 

nanocrystalline materials. It is now known that the tranditional dislocation sources do not exist in 

the individual grains of nanocrystalline materials owing to their limited grain size, as well as 

dislocation pile-ups
63,64

. Below a critical grain size, the plasticity of materials are dominated by 

the grain boundary (GB) processes due to the ultrahigh atom fraction at GB, such as GB 

rotation/sliding and/or grain growth, as confirmed by both MD simulations and experimental 

studies
61,63-67

. However, the GB-mediated processes bring the orientation of neighboring grains 

closer together and lead to the increase in grain size (Figure 2.1a), which provides a path for 

further deformation via shear localization or dislocation motion (Figure 2.1c)
63,64

. Consequently, 

softening and shear instability will occur in nanocrystalline materials, characterized by the low 

ductility of nanocrystalline materials
63

. Thus, the questions naturally arisen are: How the 

nanosized single crystal without GB deforms? What about their mechanical properties? This will 

be discussed in 2.1.2.  
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Figure 2.1 GB rotation induced grain coalescence during plastic deformation
63

. 

 

 

 

2.1.2 Deformation of single crystals at micrometer or sub-micrometer scale 

Both the experimental studies and MD simulations show that “smaller is stronger” holds true in 

either nanocrystalline materials or single crystals
19,37,42

, i.e. higher stresses are needed to yield 

and deform the crystals with smaller feature sizes (Figure 2.2). Nix and co-workers first revealed 

that the size-dependent strength is induced by the constraints of crystal geometry on the 

nucleation and propagation of dislocations
37,42,68

. Unlike their bulk counterparts, the mobile 

dislocations in sub-micrometer crystals can only propagate limited distances before annihilating 

at the free surface or interacting with other dislocations, leading to the dislocation starvation in 

the small crystals
42,68

. As a result, the overall dislocation density is reduced rapidly and ultrahigh 

stresses are required to the nucleation and propagation of new dislocations for accommodating 

the further deformation
42,68

. The dislocation starvation was confirmed by a recently study 

conducted by Shan et al.
44

 By using in situ nanocompression conducted under TEM, they 

discovered that sub-micrometer nickel crystal with high density preexisting defects are 

mechanically  annealed into a dislocation-free state (Figure 2.3),  i.e. dislocation starvation,  and  
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Figure 2.2 Crystal dimensions dependent mechanical properties in pure nickel samples with 

micron-size
37

. (a) As the sample size decreasing, the compressive strength of micron-sized nickel 

pillars increase significantly. (B-C) Deformation morphologies of different nickel pillars under 

compression. 

 

 

 

 

Figure 2.3 Mechanical annealing in nickel nanopillar with the diameter of 160 nm under 

nanocompression
44

. (a) High density defects exist in the pristine nickel nanopillar. (b) Under 

compression loading, the defects escape and annihilate at the free surface, leading to the 

mechanical annealing.   
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further plastic deformation are limited by the dislocation nucleation sources
44

. In the following, 

the dislocation sources at small length scale will be reviewed. 

At micrometer or sub-micrometer scale, the plastic deformation of single crystals is 

controlled by the dislocation sources
42,44,45

. However, the traditional dislocation sources do not 

exist owing to the limited crystal size and single-crystal nature. Thus, new dislocation sources 

need to be triggered to mediate the plastic deformation. Recently, in situ TEM studies show that 

single-ended dislocation sources can operate in sub-micrometer face-centered cubic (FCC) and 

body-centered cubic (BCC) single crystals
45,69,70

. The dislocations are emitted from such single-

armed dislocation sources and then propagate through the rest perfect crystal, which finally 

escape the crystal before they can multiply or interact with others (Figure 2.4)
45

. Consequently, 

the mobile dislocations are exhausted rapidly and further deformations are controlled by the 

dislocation sources
45,69

. It should be noted that the dislocation dynamics in sub-micrometer BCC 

crystals are different from FCC ones due to their distinct dislocation structure. Although single-

ended dislocation sources operate the deformation of BCC at sub-micron scale
70

, the dislocation 

propagates in a manner of self-multiplication before moving out the crystal under the combined 

effects of surface image force and its non-planar core structure (Figure 2.5)
40

. Such kind of 

distinct dislocation behavior leads to a less size dependence of strength in BCC nanopillars
71-73

. 

Moreover, the free surfaces can serve as another major dislocation sources and sink points at 

smaller length scale, which significantly affect the dislocation dynamics and plastic deformation 

of small-volume crystals, especially at nanoscale.  
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Figure 2.4 Single-ended dislocation source in sub-micrometer Al single crystals under 

mechanical loading
45

. (a) Dislocation nucleation. (b) Dislocation annihilation 

 

 

 

 

 

Figure 2.5 Self-multiplication during the propagation of dislocation in BCC Mo pillar
40

. 

 

 



 12 

2.1.3 Surface controlled deformation at nanoscale 

The properties of nanomaterials are usually determined by their surface structure. When the 

crystal size is scaled down to tens of nanometer, significantly miscoordinated atoms locate on the 

surface, in contrast to their bulk counterparts
43,74

. As a result, large surface energy and surface 

stress are generated due to those dangling atoms and broken atomic symmetry at the free 

surface
20,21

. The originate of surface stress has been well reviewed in Ref.20-21
20,21

 and will not 

be further discussed here. On the other hand, the surface atoms in nanosized materials tend to 

arrange along the most close-packed atomic planes to low their surface energy, and thus the 

surface energy are typically anisotropic, leading to the surface facets
20

. Those surface properties 

of nanomaterials are the physical origin of their unique properties
20,21,75-77

, such as structural 

stability, mechanical properties and thermal conductivity.  

For the mechanical properties, both MD simulation
20,43,78

 and experimental study
53

 have 

showed that the free surface plays important role in controlling the defect nucleation, 

propagation and annihilation. Zheng at al. revealed that the surface steps serve as the effective 

dislocation sources to accommodate the plastic deformation at nanoscale (Figure 2.6)
53

. Under 

mechanical loading, elastic strain gradually accumulates at the surface steps, leading to the local 

stress concentration. After the partial dislocation nucleates from the surface steps, the elastic 

strain is released
53

. However, the dislocation quickly escapes and annihilates on the opposite 

surface due to the small volume of nanocrystal (Figure 2.6a-c). As a result, the plastic 

deformation is controlled by the discrete nucleation of partial dislocation from surface steps
53

. 

Here, it needs to point out that the free surface also can serves as the dislocation sources in the 

bulk and micron-sized material, however, it is the dominated dislocation sources at nanoscale in 

controlling the plasticity. To reveal to what degree the surface nucleation controls the size-
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dependent strength of small-volume material, Zhu et al. developed a atomistic model and 

discovered that the activation volume of surface nucleation of dislocation is relatively small 

(about 1-10b
3
, where b represents the Burgers vector)

43
. Such small activation volume of surface 

nucleation induces a strong temperature and strain rate dependence of nucleation stress, which 

can be expressed as: 







ˆ
ln

ˆˆ

* 0




E

TNvkTkQ BB      (2.1) 

Where *Q  is the nucleation barrier under applied stress, ̂  represents the activation volume und

er applied stress, T is the temperature, kBT corresponds to the thermal energy, E is the Young’s m

odulus of material,   is the deformation strain rate, N corresponds to the number of surface nucl

eation sites, v0 represents the attempt frequency
43

. Above equation suggests that an upper bound 

exists for the nucleation stress in controlling the size dependent strength in nanopillar (Figure 2.7)

43
. More specifically, the surface nucleation only leads to a weak size effect on the strength of na

nocrystals. Hence, the widely-observed size effect should arise from dislocation interactions insi

de nanocrystals. However, the dislocation interaction mechanism insider the small volume of nan

ocrytsal remains unclear at present.  

On the other hand, surface facets are frequently observed on the sidewalls of metallic and

 semiconductor nanowires during crystal growth or mechanical deformation
10,12,53,75,79

. It has bee

n revealed that the acoustic phonon spectra of metallic and semiconductor nanowires are strongly

 affected by their surface facets
10,75

. The instabilities of phonon spectrum further dictate the ideal 

strength, defect nucleation and thermal conductivity of materials
10,75,80

. By using MD simulations

, Sansoz
75,76

 has successfully predicted the effects of surface facets on the thermal conductivity a

nd mechanical properties of Au and Si nanowires (Figure 2.8). The periodic {111} surface facets
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Figure 2.6 Surface controlled dislocation nucleation in sub-10 nm Au nanocrystal. (a-c) 

Dislocation nucleates from surface steps and annihilates at the opposite surface. (d-e) Strain field 

in the white-box region of Au nanocrystal before (d) and after (e) the dislocation nucleation. (f) 

A quantitative strain analysis in (d-e).
53

 

 

 
 

 

 

Figure 2.7 Surface effect on the rate-controlled deformation processes: size dependent strength 

in single-crystal nanowires or nanopillars
43

. 
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Figure 2.8 Effects of surface facets on (a) the thermal conductivity of Si nanowire
75

 and (b) the 

mechanical properties of nanotwinned Au nanowire with surface facets
76

. 

 

 

 

significantly reduce the thermal conductivity of Si nanowires due to the phonon instabilities 

induced by the {111} surface facets
75

. The phonon instabilities further affects the ideal strength 

of materials
80

. Deng et al.
76

. demonstrated that the maximum strengths of polycrystalline and 

nanotwinned Au nanowire with smooth surface are much lower than the ideal limit of Au, 

however, ideal strength limit can be achieved in the zigzag Au nanowires with specific 

arrangement of {111} surface facets. The improved mechanical properties are attributed to the 

suppression effect of surface facets on the nucleation of dislocation from surface. In reality, 

growth twinning with surface facets are frequently observed in metallic nanowires
79,81-84

. 

However, the effects of surface facets on the defects nucleation and deformation dynamics 

remains unexplored due to the challenges in characterizing and observing the dynamic 

deformation process. In addition, some novel phenomenon that are unexpected in the bulk 
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materials may arise at nanoscale, such as superplasticity, phase transformation, shape memory 

and pseudoelasticity, which are induced or mediated the free surface.   

In summary, considerable efforts have been devoted to study the size dependent strength 

and the dislocation sources at different length scale. For FCC metals, the source controlled 

plasticity has been well understood at different length scale. However, the physical origin of 

size-dependent strength is still under debate. On one hand, small volume crystal exhibits a 

deformation state of dislocation starvation due to the high dislocation loss rate; on the other 

hand, surface sources are abundant at nanoscale, which may facilitate the dislocation interaction 

in nanomaterials. However, it remains unclear whether stable dislocation structure or high order 

defects can be generated via the dislocation interactions inside the small volume of nanocrystals, 

which may contribute to the strain-hardening and size-dependent strength. Moreover, although 

some theoretical studies have been conducted to explore the dislocation dynamics in BCC 

metals, it remains unclear how the defects nucleate, propagate and annihilate in nanosized BCC 

metals. Considering the significant differences in the deformation of bulk FCC and BCC 

metals
20,85

, the dislocation and twinning dynamics in nanosized BCC metals may exhibit a 

different manner. 

2.2 MECHANICAL PROPERTIES AND DEFORMATION MECHANISMS OF 

NANOTWINNED METALS  

Crystal twins can be classified into three types: growth twin (introduced during materials 

synthesis), deformation twins (generated by plastic deformation) and annealing twins (introduced 
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by the recrystallization of deformed materials during the annealing)
86

. Due to their coherent 

structure and high thermal and mechanical stability, crystal twins have important impacts on the 

material strengths, plasticity and electronic properties. However, the strengthening effect of twin 

boundaries is relatively low when the twin size is at micrometer scale
86

. Recently, high density 

twins are successfully synthesized in nanosized metals and semiconductors
84,87

, providing the 

chance to study their effects on the material’s properties. Here, main focus will be paid on to the 

mechanical properties and plastic deformation of nanotwinned materials.  

2.2.1 Nanotwinned nanocrystalline materials 

The mechanical properties, plastic deformation and fracture of ultrafine-grained metals with 

nanoscale growth twins have attracted extensive studies since their first discovery in 2004
87

. It is 

now well-known that nanotwinned nanocrystalline FCC metals have excellent ultimate strength, 

good ductility, high conductivity and improved fatigue tolerance as twin thickness () 

decreases
41,88-93

. In the pioneering work, Lu et al. successfully synthesized ultrafine-grained 

copper (Cu) with nanoscale growth twins and studied its mechanical and electric properties 

(Figure 2.9)
87

. They discovered that the ultrafine-grained Cu with nanoscale growth twins exhibit 

a tensile strength up to 1 GPa (Figure 2.9b), about 10 times higher than that of bulk Cu, while 

retaining a high conductivity
87

. The ultrahigh strengths are attributed to the coherent twin 

boundaries which serve as the barriers of dislocation motion
86-88,93,94

. However, the tensile 

strength reaches a maximum value at the critical twin thickness of 15 nanometers, followed by a 

softening as the twin thickness further decreases
88

. Such kind of transition was attributed to the 

activity of preexisting dislocation sources at twin boundaries, such as preexisting partial 

dislocations and kink-like steps
41,88,92

. Recently, Li et al. studied the deformation of nanotwinned 



 18 

nanocrystalline Cu with perfect coherent twin boundaries using MD simulation
41

. They 

discovered that the softening observed in nanotwinned Cu when the twin spacing is below a 

specific limit are induced by the nucleation and propagation of twin partials emitted from the 

intersection of twin boundaries with grain boundaries (Figure 2.10)
41

. Beyond the 

aforementioned studies, the nanoscale coherent growth twins have also been other nanograined 

metals, such as Ag
91

, copper alloys
86

 and austenite stainless steel
95

, and their effects on plasticity 

have been widely studied by both experiments and simulations.  

 

 

 

 

Figure 2.9 Microstructure, mechanical properties and deformation mechanism of nanotwinned 

nanocrystalline copper. (a) Nanocrystalline Cu with nanoscale growth twins
88

. (b) Mechanical 

properties of nanotwinned nanocrystalline Cu
88

. (c-d) Twin boundaries serve as the barrier of 

dislocation motion, contributing to the strain hardening
86,88

. 
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Figure 2.10 Strain softening in nanotwinned nanocrystalline Cu is governed by the dislocation 

nucleation from the intersection between grain boundaries and twin boundaries
41

. The black 

arrows point out the dislocation nucleation site. Scale bar, 10 nm.  

 

 

 

Above discussions show that the nanotwinned samples used in previous studies are 

mainly nanocrystalline containing a large number of GBs, which could possibly facilitate the 

nucleation of partial dislocations from the pre-existing defects (e.g. GB/TB intersections) and 

lead to the softening. The heterogeneous nucleation of dislocations from preexisting sources also 

results in a yield strength that is much lower than the ideal limit of prefect crystals. On the other 

hand, the mechanical behavior of coherent TBs in polycrystalline materials cannot reflect the 

intrinsic property of samples with pure twins. In FCC single-crystalline nanowires without GBs, 

however, the effects of twin spacing on the plastic deformation remains largely unexplored, 

especially at the minimum limit of twin thickness. 

2.2.2 Nanotwinned single-crystalline nanowires 

Although bulk metals can be strengthened through different mechanisms, such as work 

hardening, solid solution strengthening, precipitation strengthening, dispersion strengthening, 

GB and interface strengthening
86

, nanosized single-crystalline metals are more generally 

subjected to discrete plasticity without strain hardening after yielding due to the loss of mobile 
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dislocations at the free surfaces
42,53

, and the maximum strength achieved in low-dimensional 

nanostructure is still considerably smaller than their ideal strength owing to the heterogeneous 

nucleation from surface and interface imperfections
53,76,96

. Therefore, attaining theoretical 

strengths in metallic nanostructures remains an outstanding challenge. On the other hand, 

nanoscale coherent twin boundary are frequently observed in the as-synthesized metallic and 

semiconductor nanowires, which exhibit superior electronic and photonic properties
10,12,79,81-84,97-

100
 . However, the effects of nanoscale growth twins on the mechanical properties of nanowires 

remain unclear.  

Recently, Sansoz et al. studied the effect of coherent growth twins on the mechanical 

behavior of different metallic nanowires using MD simulation
76,101-105

. The theoretical studies 

indicate that the preexisting twin boundaries produce a large repulsive force on the moving 

dislocations due to the image effects across the twin boundaries, which can be expressed 

as
x

b
fCTB






4

2

 , where fCTB is the force per unit length generated by coherent twin boundaries 

(CTB) on the dislocation,  is the shear modulus of crystal along the slip direction, b is the 

Burgers vector, x is the distance between the moving dislocation and CTB,  is a dimensionless 

measure of the strength of CTB
104,106

. Simulation studies showed that such repulsive force 

expresses a linear increase relationship with 1/. In other words, the smaller the twin spacing, the 

higher the yield stress of nanotwinned nanowire. Moreover, the slope of the repulsive force-

1/curve is found to be further affected by the nanowire diameter, which is doubled as nanowire 

diameter decreases from 25 nm to 8 nm
103

. As a result, the yield strength of materials can be 

effectively improved by reducing the twin size and crystal size simultaneously
103,104,106

. Figure 

2.11 shows a typical tensile stress–strain curve and deformation snapshots of nanotwinned Au 

nanowire.  The whole deformation is characterized by three deformation regimes: elastic, strain-  
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Figure 2.11 Tensile stress–strain curve and deformation snapshots of nanotwinned Au 

nanowire
101

. (a-d) Deformation snapshots at different stage of the stress-strain curve. 

 

 

 

hardening and strain softening (Figure 2.11)
101

. After the initial yielding, the twin boundaries can  

serve as the barrier for the propagation of surface-nucleated partial dislocations, contributing to 

significant work hardening effects
101

. However, further deformation leads to the strain softening 

due to the detwinning (Figure 2.11), which is caused by the transmission of dislocation through 

the twin boundaries
101

.   

In the past few years, a lot of effects have been made to reveal the deformation 

mechanisms of materials at nanoscale, however, most experimental studies have been focused on 

the mechanical properties, deformation and failure of single-crystalline nanowires
53,96,107-109

. 

Although nanotwinned nanowires have been studied by simulations, the effects of twin spacing 

on the mechanical behavior and plasticity of ultrathin single-crystalline nanowires remained 

largely unexplored in experiments, especially at the theoretical limit of twin spacing, due to the 

difficulties in fabricating and handling samples at small length scale. Considering the unique and 

superior properties of nanotwinned materials and their potential application for nanodevices, 

revealing the effects of nanoscale twins in plasticity and fracture of nanotwinned nanowires are 

both fundamentally and technologically important. 
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2.3 DEFORMATION TWINNING IN NANOSIZED METALS 

Deformation twinning is a particularly important deformation mechanism in controlling the 

plasticity of crystals, especially in materials with limited numbers of slip system or under 

extremely deformation conditions (such as low temperature or high strain rate condition)
59

. As a 

common and important deformation mode, the deformation twinning in bulk materials have been 

well documented and reviewed in literature
20,59,110-113

, which thus will not be further summarized 

in detail. Major attentions will be paid on to the deformation twinning in nanosized materials, 

mainly metals. Moreover, it is known that deformation twinning in metals and alloys is strongly 

affected by their crystal structure, and thus it will be reviewed based on the different crystal 

structure, such as FCC, BCC and HCP.  

2.3.1 Deformation twinning in FCC metals 

It is generally believed that the deformation twins in FCC metals and alloys are generated by the 

successive nucleation and glide of twinning partial dislocation on the adjacent slip planes
110,112

. 

In the polycrystalline FCC metals and alloys, the deformation twinning is strongly affected by 

their stacking fault energy (SFE), grain size, strain rate and deformation temperature
110,112

; while 

in the single crystalline FCC materials (bulk or nanosize), it is mainly controlled by the crystal 

size and  orientation (Schmid factor)
20

. The deformation twinning in polycrystalline FCC 

materials can be summarized as: 

1. SFE is the major material’s parameter in controlling the twinning ability in FCC metals and 

alloys. The lower the SFE, the higher the twinning ability under mechanical loading
110,112,114-

116
. The effects of SFE on deformation twinning hold true at different length scales

20,110,112
. 
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2. Low deformation temperature and high strain rate could promote the deformation twinning in 

the coarse-grained and nano-grained metals and alloys, due to the competition between 

nucleation stresses for dislocation and deformation twinning
110,112,113,117

. This is also hold true 

in metals with other structures, such as BCC and HCP
118-121

.  

3. Grain size affects the twinning ability of FCC materials. Deformation twinning is rarely 

observed during the deformation of coarse-grained FCC metals and alloys with medium to 

high SFEs, such as Cu, Ni and Al; however, as the grain size is further refined down to 

nanoscale (such as 100 nanometers) deformation twinning are frequently observed in those 

metals
122-127

.  

In the single crystalline FCC metals (bulk or nanosize), the deformation twinning is 

strongly controlled by the crystal orientation. For example, dislocation slip usually dominates the 

plastic deformation in bulk copper with coarse-grain; however, Han et al. discovered that 

deformation twinning can be effectively activated in single crystalline copper under specific 

crystal orientation
128

.  In FCC metallic nanowires, the competition between dislocation slip and 

deformation twinning is influenced by crystal orientation, crystal size and nanowire side surfaces. 

Weinberger et al. summarized the competition between dislocation slip and deformation 

twinning in FCC metallic nanowires observed in MD simulation
20

. For a given FCC metallic 

nanowires, such as Au, the deformation mechanisms are usually strong orientation-dependent
20

. 

More specifically, whether dislocation slip or deformation twinning occurs is controlled by the 

Schmid factors of the leading and trailing partial dislocation. If the Schmid factor of leading 

partial dislocation is lower than that of trailing partial dislocation in a specific orientation, either 

full dislocation will nucleate directly, or the nucleation of leading partials will be followed by a 

trailing partial on the same slip plane with a stacking fault between them, forming a full-slip; 
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however, leading partial will nucleate successively and layer-by-layer on the adjacent slip plane 

to form a deformation twinning when the Schmid factor of leading partials are larger
20

. Whereas, 

the Schmid law may breaks down when a local stress concentration is induced by the side 

surface of nanowires, which could promote the deformation twinning
20

. This has been confirmed 

by both experiment and MD simulations
50,53

. Moreover, crystal size also affects the deformation 

twinning
129,130

. As the crystal size decreases, a transition from the dislocation mediated plasticity 

to deformation twinning dominated plasticity occurs, due to the high stress required for the 

deformation at small length scale, which will favor the twinning
130

.  

The deformation twinning in FCC metallic nanowires could mediate the superplasticity, 

shape memory effect, reorientation and pseudoelastic deformation
50,107,131

, which has important 

applications in the energy-conversion, elastic strain engineering and MEMS. However, in a 

recent studied, ultrathin Au nanowires were observed to fail via brittle fracture
56

. Although it is 

attributed to the misalignment-induced deformation twinning, the physical origin of such brittle 

fracture is under debate, considering the twinning induced plasticity and ductile nature of Au. 

Revealing the physical origins of brittle fracture in Au nanowire is fundamentally important for 

nanoscale device applications. 

2.3.2 Deformation twinning in BCC metals 

Due to the high lattice friction of BCC metals resulting from their non-planar core of screw 

dislocation
20,132,133

, their deformation mechanisms are significantly different from FCC metals. 

However, compared to their well-documented FCC counterparts
20,40,53,68,101,134

, much less is 

known about the shifts in mechanical properties of BCC at small scales. As discussed above, 

deformation twinning is the main deformation mechanism for HCP and FCC metals with ultra-



 25 

low SFE at room temperature (RT)
110,114,116

. However, numerous studies have shown that the 

plastic deformation of BCC metals at RT is dominated by the motion of screw 

dislocations
40,85,118,134,135

. Deformation twinning in BCC metals is typically observed in the 

deformation at low temperatures and high strain rates
110,113,119,136

, in which the stress for 

dislocation slip in BCC metals increases rapidly with decreasing temperature and increasing 

strain rate
113,125

. Whereas it remains unclear whether BCC metals can deform by deformation 

twinning at RT and at low strain rates. On the other hand, “smaller is stronger” has been well 

established in FCC and BCC metals
19,37,68,134

, i.e., the flow stress increases markedly with 

decreasing sample size. It is thus expected that a transition from dislocation slip to twinning may 

occurs if the size of a BCC metal is small enough. Moreover, the generalized SFE for 

deformation twinning in BCC metals is dramatically different from that of FCC metals
137-139

, 

suggesting some fundamental differences in deformation twinning between FCC and BCC. 

Additionally, the plasticity and size dependent behaviors of nanosized FCC metals are dominated 

by the surface nucleation of dislocation, which, due to their high mobility, can easily escape the 

nanowire and leave it in dislocation-starved state
20,40,53,101

. In BCC nanocrystals, screw 

dislocations move slowly and have the potential to multiply
40,134

, which reduces the tendency of 

the crystal to starve. As a result, the dislocation dynamics in nanosized BCC and FCC metals 

might be different. However, those fundamental questions remain unexplored at present.  

Currently, the understanding of deformation twinning in nanosized BCC metals mainly 

depends on the MD simulations. In the nanocrystalline Mo and Ta, deformation twinning are 

frequently observed, however, it could propagate and hit the grain boundaries at the opposite 

side, inducing the generation of cracks
140-143

. In a recent experiment study of nanocrystalline Ta, 

the deformation twinning is claimed to occur under nanoindentation
144

, however, it turns out that  
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Figure 2.12 Stress-strain curves and deformation twining in a BCC W [100] nanowire
145

. (a) 

Stress-strain curves under loading/unloading cycle. (b) Deformation twinning mediated 

deformation. (c) Crystal orientation near a twin boundary. 

 

 

 

the nanocrystalline Ta has a FCC structure. Thus, currently, the direct experimental evidence on 

the deformation twinning in small volume BCC metals is still missing. In MD simulations, it is 

reported that the deformation twinning is strongly materials-dependent in the single-crystalline 

BCC nanowires. MD simulations have showed that [100] BCC Mo, W and Fe nanowires exhibit 

reversible deformation twinning and superelasticity under different strain rates (Figure 2.12), 

driven by the minimization of surface energy
139,145-147

, while the deformation of BCC V 

nanowire is dominated by the dislocation slip and thus shows limited ductility
139

. The distinct 

deformation mechanism of V nanowires is induced by the high energy barrier for deformation 

twinning than full dislocation slip
139

. For a given BCC nanowires, such as Mo, the deformation 
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twinning are strong crystal orientation dependent due to the different deformation induced 

surface facets
147

.  

From the above summarizations, it can be seen that the deformation of BCC metals at 

nanoscale mainly rely on MD simulations. However, due to the intrinsic high strain rate and 

truncated potential in MD simulations, the deformation mechanism of nanosized BCC metals 

need to be further confirmed by experimental evidences. Several critical issues need to be 

studied in experiments: the size dependent transition in deformation mechanisms, twinning and 

dislocation nucleation mechanisms in nanosized BCC metals, crystal orientation dependent 

deformation in nanosized BCC metals and their physical origins.  

2.3.3 Deformation twinning in HCP metals 

Due to the lack of sufficient slip systems to mediate the shape change, HCP materials are more 

likely to deform through mechanical twinning under external loading at room temperature 

compared to FCC and BCC metals
59,110

. Here we will focus on the deformation twinning in HCP 

metals at small length scale. Due to the low crystal symmetry, the plastic deformations of single 

crystalline HCP metals are typically anisotropic and thus the critical resolved shear stress for 

dislocation motion on a specific plane are strongly depending on the crystal orientation. 

However, Yu et al. discovered that such kind of anisotropic in plastic deformation can be 

significantly reduced by scaling down the crystal size
148

. In the ]2110[


Mg submicron pillars, the 

plasticity is dominated by the basal-slip, which leads to a low strength and brittle-like fracture
148

. 

As the crystal size is decreased to around 100 nm, both basal-slip, prismatic-slip and pyramidal-

slip are activated, which can effectively reduce the plastic anisotropic during the deformation and  
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Figure 2.13 Nanostructured deformation twinning in [0001] Mg nanopillars
149

. (a) Different 

loadings. (b) Stress-strain curves of [0001] Mg nanopillars. (c) High density deformation 

twinning. 

 

 

 

generate a more homogeneous plasticity with enhanced ductility
148

. In the orientation that 

suppresses the basal-slip, such as [0001], high density deformation twinning are formed under 

different mechanical loading (Figure 2.13)
149

. The size of those twinning are several nanometers 

(Figure 2.13), contributing to the so-called “twinning induced plasticity” (TWIP) and improved 

toughness of Mg nanopillars
149

. Moreover, deformation twinning in HCP metals also shows a 

strong dependence on crystal size. In the single crystalline sub-micron [0001] pillar of Ti alloy, 

the nucleation stress of deformation twinning increases significantly with the decrease of sample 

dimensions
150

. As a result, the twinning dominated plastic deformation is replaced by the 

ordinary dislocation plasticity below the critical size of about one micrometer
150

. Such size 

dependence of deformation twinning is attributed to the “stimulated slip”. The theoretical study 

on the deformation twinning in HCP metals is rare
21

, and thus will not be reviewed here.   

In summary, the deformation twinning and size-dependent deformation in FCC and HCP 

metals at small length scale has been well-documented, both experiments and simulations; 

however, few is known about that of nanosized BCC metals. Whether the deformation transition 
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from dislocation slip to deformation twinning occurs in BCC metals remains unclear. Moreover, 

the atomic scale twinning mechanism in BCC and HCP metals remains unexplored at present, 

though the deformation of 100 nm HCP metals have been studied. Due to the challenges in 

obtaining the HCP metallic nanowires and their strong orientation dependence in deformation, 

we will focus on the BCC metallic nanowires.  

2.4 MOTIVATION AND RESEARCH OBJECTIVES 

“Seeing is believing”. However, based on the foregoing discussions, it can be seen that current 

understanding of deformation at nanoscale mainly relies on the MD simulation. Limited experiment 

has been done concerning about the mechanical behaviors of nanomaterial, especially at the atomic 

scale in understanding the dislocation behaviors and deformation twinning. Revealing those real-

time structural changes is critical to understand and control the mechanical degradations of high-

performance nanomaterials. In present study, in-situ nanomechanical testing systems inside TEM 

will be used to uncover several critical issues concerning the deformation in nanosized metals:  

1. Whether the dislocation can interact inside the small volume of nanowires and form the stable 

dislocation structure or high order defects?  

2. The effects of microstructure, such as coherent twin boundaries, on the defect nucleation and 

plastic deformation.  

3. The effects of crystal structure on the defect nucleation, propagation and annihilation via the 

comparisons between the deformation of FCC and BCC nanowires.  

4. The orientation dependence of deformation mechanisms in nanosized BCC metals. 
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A fundamental understanding on the relationships between structure, mechanical 

properties and deformation mechanisms in nanosized metals will be obtained through the 

systemic studies conducted in here, which is of fundamental and technological importance for 

materials design and mechanical degradation control.   
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3.0  MATERIALS AND EXPERIMENTAL PROCEDURES 

In this chapter, the experimental setup and materials used in experiments will be described. 

Single crystalline Au nanowires with different microstructure, i.e. twin-free, low density twins 

and ultrahigh density twins, will be used to uncover the effects of microstructure on the defect 

nucleation and deformation dynamics; while BCC tungsten (W), the typical BCC metals, will be 

studied and compared with Au to reveal the effects of crystal structure on the deformation. A 

novel method to fabricate the nanowires from bulk materials directly are developed inside TEM, 

which allows the in situ nanomechanical testing and can be applied to a wide range of materials 

including FCC and BCC metals. Additionally, several novel in-situ nanomechanical testing 

setups inside TEM will be discussed in detail in this chapter.  

3.1 MATERIALS 

3.1.1 Au nanowires  

Due to its low electron-beam induced damage and non-oxide layer, Au will be used as the 

example to study the deformation of nanosized FCC metals. The synthesis of Au nanowires was 

based on the method reported by Wang et al.
9
. In a typical synthesis, 18 ml oleylamine (OAm) 

was heated to 60 °C under gentle N2 flow. In another container, 44 mg HAuCl4•xH2O was 
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dissolved in a mixture of 0.2 ml OAm and 2 ml hexane. The HAuCl4•xH2O solution was injected 

into the 60 °C OAm and held at the same temperature for 15 hr without any disturbance such as 

magnetic stirring. After cooling to room temperature, 10 ml ethanol was added to precipitate the 

Au nanowires. Au nanowires with varied diameters and high density twins can be made from 

different synthesis temperatures.  

  Figure 3.1 shows the representative morphologies of as-synthesized Au nanowires with 

high density twins (UDTs). Typically, the diameter of Au nanowires presented in our study is 

uniform along the axial direction. Also, some variations in diameter were only observed at the 

two ends of the nanowires. Before carrying out the tensile test, the nanowires will be checked 

and samples with irregular shape specimens under TEM are “disqualified” for in-situ 

measurement. Only Au nanowires with uniform diameters and clean surfaces are chosen for the 

mechanical tests. High resolution TEM (HRTEM) study shows that the Au nanowires are highly 

twinned (Figure 3.2). However, some of the high-density TBs in the TEM images will be 

invisible if the view zone slightly deviates from the [110] zone axis (Figure 3.2). Au nanowires 

were tilted to the [110] zone axis before tensile testing for the in situ HRTEM study. Tensile 

loading was applied along the nanowire axis in the <111> direction until failure. Before testing, 

the nanowire ends were “glued” to the atomic force microscopy (AFM) cantilever, and therefore 

did not significantly contribute to the deformation and strength measurements. Furthermore, all 

samples failing near the nanowire ends will be excluded in the mechanical data and fracture 

analysis.  

  Au nanowires with low density twins (LDTs) and no twins are created inside the TEM by 

using the cold welding technique
151

. In a common welding process in bulk materials, local 

heating and damage are introduced, which will introduce some point defects, such as vacancy. To  
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Figure 3.1 Representative morphology of as-synthesized Au nanowires with ultra-twins by TEM. 

The diameter of Au nanowires presented in our study is mostly uniform along the axial direction. 

Some variations in diameter are only observed at the two ends of the nanowires, which did not 

significantly affect the stress-strain measurements.
10

 

 

 

 

 

Figure 3.2 Twin morphology of Au nanowires at different tilt angles. (a) Au nanowires with 

UDTs in [110] zone axis. (b) After a tilt of 5
o
 along  direction, the nanowire presents as 

bamboo-like structure with less visible UDTs. (c-d) The Au nanowire shows no TB at 0
 o

. 

However, several TBs appear after a tilt of 10
o
 along  direction (d). Both of (c) and (d) are not 

taken perfectly in the [110] zone axis, but more TBs could show up when aligned closer to the 

[110] zone axis.
10
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avoid the effects of vacancies on deformation, cold welding was employed to fabricate the Au 

nanowires with LDTs and no twins. During the cold welding, an ultra-sharp Au probe was 

pushed into a single crystal Au nanoparticles or nanotooth. A strong contact can be made 

between Au probe and the nanoparticles or nanotooth under the drive of fast surface-atom 

diffusion favored by the large surface stress. As a result, the Au probe and the nanoparticles or 

nanotooth will be welded together by forming a nanowire between them. The Au nanowires 

fabricated by the cold welding showed an high strength and electrical conductivity
151

. In some 

cases, low density twin boundaries were formed after the cold welding, due to the plastic 

deformation occurred in the welding process. Mechanical measurements were further conducted 

by using those Au nanowires.  

3.1.2 W nanowires  

Polycrystalline W rods (99.98 wt.% purity, 0.010 in diameter), ordered from ESPI Metals Inc., 

were used for the experiments. The impurity concentrations of the W are: Cr < 10 p.p.m., Fe < 

20 p.p.m., Ni < 130 p.p.m., Cu < 20 p.p.m. and K <20 p.p.m. Before the nanomechanical test, W 

nanowire were synthesized directly inside the TEM using a potential-induced welding process. 

The experiment setup is illustrated in Figure 3.3. A FEI Tecnai F30 field emission gun (FEG) 

TEM equipped with the Nanofactory TEM-scanning tunneling microscope (STM) platform was 

used to in-situ study the deformation mechanisms. In a typical experiment, a W rod with as-

fabricated nano-sized teeth served as the one end of the platform (Figure 3.3a). A W STM probe 

etched with NaOH solution was used as the other end of the platform. A 2-4 V potential was 

applied, which, when the contact between W probe and nanotooth was made, welded the two 

tungsten crystals together forming either a nanosized bi-crystal or single crystal (Figure 3.3c-d).  
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Figure 3.3 In-situ TEM experimental setup and the cross-section of a W nanowire. (a) The 

TEM-STM platform employed in our experiments. (b) The nanosized teeth on the edge of W 

rod. (c) The W probe was driven to contact with a nanotooth. A 3 V potential is applied on the W 

probe. (d) A W nanowire was formed when the contact between W probe and nanotooth was 

made. (e-g) The cross-section of the nanowire was determined approximately by tilting the 

nanowire by  from -30
o
 to +30

o
.
 
The diameter of the nanowire changes very little, which 

indicates that the cross-section of the W nanowire is close to circle. 
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The bi-crystal with a grain boundary formed due to the orientation differences between the W 

probe and the nanotooth. Tilting experiments showed that the cross-section of W nanowires was 

close to circle (Figure 3.3e-g). In-situ tension and compression experiments were conducted at 

room temperature by driving the W probe using a piezo-controller with a strain rate about 10
-3

 s
-

1
. A CCD (charge-coupled device) camera was used to record the real-time images of 

deformation process at 2 frames per second.  

This in situ fabrication method is a breakthrough in making the sub-100 nm and clean 

metallic nanostructures, which can involve different crystal orientations/types (e.g. FCC (Au, Pt) 

and BCC (Mo, V and Ta)) and tunable dimensions. Considering the difficulties in handling and 

testing the nanomaterials, this method provides a relatively simple and novel approach to study 

the deformation mechanism of metallic nanomaterials, especially at the atomic scale. Moreover, 

this method may have potential applications in the assembly and interconnection of nanodevices. 

3.2 EXPERIMENTAL METHODS 

3.2.1 Experimental equipment and setups  

During past 20 years, significant efforts have been made to study the mechanical behaviors of 

nanosized materials in TEM, scanning electron microscopy (SEM) and AFM by tensile, 

compression, nanoindentation and bending testing
152

. Among them, TEM is the most powerful 

method which allows the atomic-scale resolution. Different TEM sample holders and MEMS 

devices have been developed for the in situ nanomechanical testing inside TEM
44,64,152,153

, 

however, in those experimental setups or TEM holders, the resolutions were relatively low due to 
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Figure 3.4 Experimental setups for (a) in situ HRTEM observations of the deformation 

mechanisms and (b) TEM-AFM measurement of stress-strain curves. 

 

 

 

the mechanical vibrations and large sample sizes used. Recently, a novel TEM platform has been 

developed for the in situ nanomechanical testing by Nanofactory Inc. This experiment platform 

has high mechanical stability inside TEM, which allows the real time atomic-scale observations 

of deformation. In a typical experiment (Figure 3.4a), an ultrathin STM probe was employed to 

handle the nanosized samples (nanowires or nanoparticles). A piezo-controller was used to 

precisely drive the movement of the STM probe in three dimension spaces, in which the fine 

movement of STM probe can be as low as 0.05nm/s; as a result, the mechanical loading could be 

applied smoothly. Moreover, an electronic field can be added to the samples in the Nanofactory 

TEM-STM platform; as a result, the variations of current experiment setups might be used in the 

study of real time structure evolutions under external electronic potential, such as 

electrochemical reactions in lithium ions batteries and phase transitions in materials for 

memristor.  

All experiments of current research project were carried out in Center for Integrated 

Nanotechnologies (CINT). CINT is a national user facility at Sandia National Laboratories, New 

Mexico, operated by the Department of Energy's Office of Science. It provides the approved 

users the access to its experimental capabilities for basic and applied research at nanoscale. For 

the in situ experiments, CINT has a FEI Tecnai F30 TEM and several in situ TEM holders for 
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different studies, such as Nanofactory TEM-STM holders for nanomechanical testing and 

nanomanipulation, Protochip TEM holder for in situ heating experiment and Hummingbird 

liquid cell TEM holder for electrochemical study. The point resolution of the FEI Tecnai F30 

TEM is ~0.2 nm, making it a good candidate for the high resolution observations. Other 

experimental facilities at CINT, e.g. scanning electron microscopy (SEM), ion milling and glove 

box, also provide a good opportunity for the in situ nanomechanical experiments proposed in this 

research project. Finally, A user proposal was submitted and approved to access those user 

facilities.  

During experiments, two different experimental setups are used for the nanomechanical 

testing, as shown in Figure 3.4. First, a Nanofactory TEM-STM platform with a STM probe (Au 

or W, depending on the materials used in experiments) was used to study the deformation 

mechanisms under in-situ HRTEM (Figure 3.4a). Before tensile testing, the nanowires were 

tilted into the suitable zone axis for different nanowires. Strong contacts between the samples 

and the probe were made by cold welding, potential induced welding or depositing amorphous 

carbon at the contact area, depending on materials. Tensile loading was applied along the axial 

direction of nanowire with an estimated strain rate of ~ 10
-3

 s
-1. Second, the Nanofactory TEM-

STM platform with an AFM cantilever (App. Nano Inc.) serving as a force sensor was used to 

measure the stress-strain curves of Au nanowires (Figure 3.4b). The spring constant (k) of the 

cantilever is calibrated as 28 N/m. For the BCC nanowires, the stress-strain curve cannot be 

measured due to the difficulty in obtaining the tungsten AFM cantilever.  

Before experiments, the nanowires were attached to a piezo-controlled STM probe by 

conductive epoxy and then driven to approach the cantilever or the other STM probe. Finally, 

they were welded together by cold welding
151

 or amorphous carbon deposition at the contact area 
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via the illumination of low intensity electron beam. Subsequently, the nanowire was pulled back. 

The real-time images of sample elongation and the deflection (Δd) of cantilever were recorded 

by a CCD camera at 2 frames per second. The tensile loading force (F) is directly calculated by 

timing the deflection Δd by its spring constant k. The engineering stresses were calculated by 

using the formula
24 /F d  , where d is the nanowire diameter, and assuming that the 

nanowires have a quasi-circular cross section. The engineering strains were further calculated by 

measuring the real-time length of the nanowires from TEM images.  

3.2.2 Defect identifications   

The impurity atoms, such as oxygen and carbon, might be introduced into the Au and W 

nanowires during their synthesis processes. The impurity atoms can generate some local 

stress/strain field, and the high impurity levels can significantly change the mechanical 

properties and deformation mechanisms of materials. Thus, the impurity levels should be 

identified before the experiment. The electron energy-loss spectroscopy (EELS) spectra 

equipped in TEM is a good method to identify the impurity levels. In EELS, inelastic scattering 

occurs during the electrons passes through the materials studied, leading to the energy loss of 

those electrons. The amount of energy loss of electrons contains the elemental components 

information of the materials, which will be detected and analyzed. The detection limit of EELS 

in the TEM used for experiment is ~ 100 p.p.m. in weight percentage. During experiments, 

EELS spectra of Au and W nanowires were detected and analyzed. However, no observable 

oxygen and carbon signals were observed in their EELS spectra, suggesting very low levels of 

oxygen and carbon impurities in the as-fabricated nanowires. Thus, the effects of those 

impurities on the deformation were not considered during the studies.  
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After experiments, the different deformation induced defects were identified based on the 

atomic-scale lattice structure in HRTEM images
53

. Figure 3.5 show some examples on the 

defects identifications. In those HRTEM images, each atomic column can be identified, and any 

lattice irregularity can be easily observed. Figure 3.5a shows the unit cell of FCC materials. All 

the defects in FCC metals are located on the (110) planes and the favorable viewing direction is 

along [110]. Figure 3.5b shows an example of perfect dislocation in FCC unit cell. An extra 

lattice plane was observed in the upper part of the crystal, which is a perfect edge dislocation 

with the core marked out by an inverted “T”. Its Burgers vector b (red arrow) was identified 

based on the Burgers circuit. In the small volume FCC metals, the plastic deformation is 

dominated by the leading and trailing partial dislocations with a stacking fault embedded 

between them. Figure 3.5c shows an example of the stacking fault. It can be seen that the 

stacking sequence of FCC lattice changes into a localized stacking order of HCP structure, i.e. 

from ABCABC to AC, suggesting a stacking fault in the deformed FCC metals. The 

identification of stacking fault tetrahedra (SFT) was conducted based on the stacking fault. A 

deformation twinning was presented in Figure 3.5d, which shows a mirror symmetry between the 

crystals on the two side of twin boundary. Fast- Fourier transformation (FFT) and inversed-FFT 

also can be used to further identify the symmetry between the defect and matrix. The above 

discussions demonstrate that HRTEM images can be used for the defects identification in 

different crystal structures. It should be noted that the deformation twinning in BCC metals occur 

on (112) plane, thus the analysis should be conducted in [110] zone axis. Moreover, the screw 

dislocations in BCC metals are difficult to be imaged due to their non-planar core. As a result, 

only edge component of the dislocations are studied in BCC metals in Chapter 6.   
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Figure 3.5 Identification of defects in FCC Au nanocrystal. (a) A FCC unit cell
53

. (b) A HRTEM 

image showing a pure edge dislocation in an Au nanocrystal. (c) Local stacking sequence in a 

stacking fault in Au nanocrystal. (d) Deformation twinning in Au nanocrystal.  

 

3.3 SIMULATION METHODS 

MD simulations were used to further understanding the experimentally-observed deformation 

mechanisms in Au and W nanowires, which were conducted by my collaborators. The 

simulations on the formation and dynamic processes of deformation-induced SFT in Chapter 4 

were conducted by Dr. Ting Zhu and Mr. Sankar Narayanan in Georgia Institute of Technology; 

the simulations about the deformation of nanotwinned Au nanowires in Chapter 5 were 

conducted by Dr. Frederic Sansoz in The University of Vermont; the twinning mechanisms and 

dislocation mediated plasticity in W nanowires in Chapter 6 were carried out by Christopher R. 
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Weinberger in Drexel University (Figure 6.1), Dr. Ting Zhu and Mr. Zhi Zeng in Georgia 

Institute of Technology (Figure 6.5, 6.8 and 6.9). The MD simulation methods are summarized 

in the following.  

3.3.1 MD simulations on deformation-induced dislocation-originated SFT 

Three-dimensional MD simulations were carried out using LAMMPS
154

. The Embedded Atom 

Method (EAM) potential developed by Grochola et al.
155

 is used to account for the many-body 

interactions between Au atoms. The Au nanowires simulated are aligned along the [111] direction, 

along which periodic boundary condition is applied. The nanowires are geometrically cut in 

double conical shape of length 28.26 nm instead of perfectly cylindrical ones; the diameters of 

the largest and smallest cross sections are 6 nm and 4 nm, respectively. This is done with the 

motivation of utilizing the stress concentration at the neck to promote sequential dislocation 

nucleation events instead of a large number of simultaneous nucleation events as would 

otherwise be observed in perfectly cylindrical single-crystal specimens. The nanowires are 

simulated with temperature T = 1K and loaded at a constant strain rate of 10
7
 s

-1
. The SFs in 

Figure 4.2, 4.4 and 4.6 are visualized by colouring the atoms based on the centro-symmetry 

parameters, while Figure 4.3 is based on the coordination numbers
156

. Figure 4.2e is plotted by 

reducing the atom sizes, so as to obtain the projected images of atoms on the white background 

of the paper, resembling the HRTEM image. To study the size effect, MD simulations are also 

carried out on a larger Au nanowire with the diameters of the largest and smallest cross sections 

being 10 nm and 6 nm, respectively. The generality of the SFT formation mechanism is verified 

by MD simulations of Cu nanowire. The simulation methodology and the geometry of the Cu 

nanowire are similar to those of Au nanowires. A recent EAM potential is used for Cu
157

. 
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3.3.2 MD simulations on the deformation of nanotwinned Au nanowires 

MD simulations were performed using the software LAMMPS
154

 with an embedded-atom-

method potential for Au by Grochola et al.
155

. It is noted that this potential was developed to 

simulate the growth and morphology of Au nanoparticles based on first-principles calculations, 

and therefore accurately predicts the stacking fault and surface energies of this metal. Twelve 

realizations with uniform ultrahigh density twins (UDTs) using different periodic lengths (68 nm 

and 270 nm), different twin densities (0.7 ≤  ≤ 5.6 nm), and different surface structures 

(perfectly circular and {111} microfaceted morphologies) were performed. [111]-oriented, 

periodically-twinned nanowires with a uniformwere constructed by stacking platelet-like 

grains with a truncated octahedral shape made only by {111} surface facets. Due to UDTs, this 

type of structure produced smooth sidewalls with atomic facets similar to those observed in 

experiments in Figure 5.1. Cylindrical nanowires with same were also modelled with a circular 

cross section in order to characterize the effect of surface morphology. Each twin plane was 

perpendicular to the nanowire axis along the [111] crystallographic direction. Periodic boundary 

conditions were imposed along the nanowire axis, while the sides were kept free in all other 

directions. The diameter and periodic length were equal to 12 nm and 68 nm, respectively, for all 

wires. The time step was 2 fs. Each model was relaxed for 40 ps prior to deformation under zero 

pressure using an isothermal–isobaric (NPT) ensemble with a Nose-Hoover thermostat at 300 K 

± 2 K. Temperature was rescaled after 500 steps. The nanowire was deformed in tension by 

stretching the simulation box at a constant engineering strain rate of 110
8 

s
-1

 along the [111] 

direction in the canonical (NVT) ensemble at the same temperature. Atomic-level snapshots of 

nanowire deformation were studied using the bond angle analysis and the local shear strain 



 44 

calculation in the atomic visualization software Ovito
158

. The Virial theorem and deformed 

atomic volume were used to calculate the axial stress in the nanowires. Stress-strain calculations 

were based on the periodic lengths and average diameter, and did not take into account the local 

deformation due to necking. Error in strain calculations was limited because the simulations were 

performed at a constant engineering strain rate. However, caution was exercised in dealing with 

the stress values obtained after the onset of necking.  

Moreover, it is noticed that the strength (5.5 GPa) of nanowires with UDTs predicted in 

simulations is higher than in experiments. The strain rate effects inherent to MD simulations 

could be a factor. Another reason is that the interatomic potential used in our simulations could 

largely overestimates the ideal strength of {111}<112> slip in Au (1.73 GPa) compared to more 

accurate ab-initio simulations (1.42 GPa)
159

. Thus, the ideal strength of 5.5 GPa predicted by our 

MD simulations should be viewed as an upper limit for the ideal strength of <111>-oriented Au 

crystals. 

3.3.3 MD simulation on the deformation mechanisms of W nanocrystals  

The twinning deformation (in Figure 6.1), detwinning deformation (in Figure 6.5) and 

dislocation shear deformation in W nanowires were obtained by MD simulations. The MD 

simulations were performed by using LAMMPS. The temperature of the system was maintained 

at 300K and the time step was 1fs. The Ackland-Thetford-Finnis-Sinclair potential was used to 

describe the interatomic forces. In the simulations of ]101[


 loading, a constant compressive strain 

rate of 10
8
 s

-1
 was applied to generate twinning deformation. After the twin band formed, a 

constant tensile strain rate of 10
8
 s

-1
 was applied to generate detwinning deformation. In the 
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simulations of ]112[  loading, a constant compressive strain rate of 10
8
 s

-1
 was applied to generate 

dislocation shear deformation. All of the nanowires have circular cross sections. Some of the 

nanowires have uniform diameter along the nanowire length, while the others were constructed 

by creating a tapered solid of revolution about the nanowire axis. To create the bi-crystal, a 

111  and 110  oriented single crystals (see Figure 6.1k for complete orientations) were created 

next to each other and allowed to bond through the nature of the interaction forces.  

The twin embryo (in Figure 6.8 and 6.9) in W nanowires was first created under 

constraints and then fully relaxed by molecular statics simulations using LAMMPS with the 

conjugate gradient (CG) algorithm. To create a twin embryo, a pristine W nanowire was 

compressed to 4% so as to generate the internal stress to facilitate the twin formation. Then, a 

twin embryo was embedded into the nanowire through the following procedures: (a) A patch of 

five layers of atoms in favored }112{  planes were selected near the side face of the nanowire. (b) 

Each layer of atoms were moved by a prescribed displacement along the favored twin direction 

as follows: the displacement for the first layer was 11131 , the second was 11161 , the third 

was 0, the forth was  11161  and the fifth was  11131 . (c) The nanowire was relaxed by 

CG while the displaced atoms in the patch were constrained from moving. Under such 

constrained relaxation, an incipient twin embryo was formed in the nanowire. (d) The constraints 

on atoms in the patch were removed and the system was fully relaxed. As a result, the twin 

embryo can be created in both the ]101[


 and ]112[  nanowires. 
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4.0  ATOMIC-SCALE DYNAMIC PROCESS OF DEFORMATION-INDUCED 

STACKING FAULT TETRAHEDRA IN GOLD NANOCRYSTALS 

In this chapter, the dislocation dynamics inside the small volume of Au nanowire will be studied. 

It is well-known that smaller is stronger
19,37

 and the widely-observed size effect is believed to 

arise from dislocation interactions inside nanocrystals
43

. However, the interaction mechanisms in 

the small-volume nanocrystals remain unexplored due to technical challenges. Moreover, it is 

still unclear whether the three-dimensional (3D) volume defects of stacking fault tetrahedra 

(SFT), the three-dimensional crystalline defects bounded by stacking faults and stair-rod 

dislocations which are often observed in quenched or irradiated face-centered cubic metals and 

alloys, can be generated by pure mechanical deformation since all of the SFT experimentally 

observed till date are supposed to originate from vacancies
59

. Combining in-situ high resolution 

TEM with atomistic modeling, it discovers that the surface-nucleated dislocations can strongly 

interact with each other inside the confined volume of Au nanowires. These interactions lead to a 

new type of dislocation-originated SFT, in distinct to the widely believed vacancy-originated 

SFT. The complete atomic-scale processes of nucleation, migration and annihilation of 

dislocation-originated SFT are revealed to conduct in the manner that is not expected in bulk 

samples. These results uncover a unique deformation mechanism via dislocation interaction 

inside the confined volume of nanocrystals, and have important implications regarding the size 

effect on the mechanical behavior of small-volume materials.  
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4.1 INTRODUCTION 

Plastic deformation in metals and alloys is governed by the generation and evolution of defects 

of point, line, plane and volume types
59,86

. Among these defects, SFT, bounded by stacking faults 

(SFs) and stair-rod dislocations, are a peculiar type of volume defect typically found in FCC 

crystals with low stacking fault energy
59,160

. Generally, SFT can be introduced by three methods, 

i.e. quenching, high-energy particle irradiation and plastic deformation
160-165

. In 1959, Silcox and 

Hirsch
161

 first observed SFT in quenched Au. They proposed that SFT were formed from the 

Frank dislocation loops generated by collapsed vacancy clusters, which further dissociated 

through the Silcox-Hirsch mechanism
59,161

 to produce the 3D SFT. Since then, extensive studies 

have been conducted on the vacancy-originated SFT in quenched, irradiated, or plastically 

deformed bulk FCC crystals
160-181

. However, whether the SFT can be possibly initiated by 

dislocations without the aid of vacancies remain largely unexplored. If possible, how do SFT 

form, migrate and annihilate, particularly at the nanoscale? 

It is well known that the smaller tends to be stronger
19,37

 and the free surface in nano-

sized crystals acts as an effective source of dislocations
10,43,53

. However, surface nucleation only 

leads to a weak size effect on the strength of nanocrystals
43,182

, e.g., the predicted logarithmic 

scaling of strength versus nanopillar/nanowire diameter, as opposed to the measured power law 

scaling. Hence, the widely-observed size effect is generally believed to arise from dislocation 

interactions inside nanocrystals. Moreover, the study of plasticity in nanocrystals has until now 

been focused on one-dimensional (dislocation) and two-dimensional (grain boundary) 

defects
10,41,43,45,53,183

. It remains unclear if higher order defects, such as the 3D volume defect of 

SFT, can be generated inside the confined volume of nanocrystals by pure mechanical 
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deformation. Furthermore, since the sources of partial dislocation are abundant at the 

surface
10,43,53

, they might facilitate the interactions between partials and SFT in the small volume 

of nanocrystals. It is thus expected that the dynamic evolution of the SFT might be uniquely 

mediated by SFs in the nanoscale regime. However, due to technical difficulties in controlling 

the samples at the nanoscale, it has been a challenge to directly explore the dislocation 

interaction, as well as the formation and evolution of higher order defects, in small-volume 

nanocrystals. 

Here, in situ HRTEM observation shows that the dislocation can strongly interact with 

each other inside the small volume of nanocrystal and higher order defects, such as SFT, can be 

can be produced in nanocrystals directly through dislocation interactions and cross-slip, which 

are further confirmed by the large scale MD simulations. The presence of vacancies that is 

critical for the initiation of SFT in the bulk is no longer a pre-requisite for the SFT formation in 

the nanoscale. The SFT formed in the nanocrystals is termed as 'dislocation-originated' SFT, 

specifically due to its origin being solely controlled by dislocation interaction events. Moreover, 

the migration and annihilation of the dislocation-originated SFT are proved to be a direct 

outcome of dislocation-SFT interactions.  

4.2 EXPERIMENTAL PROCEDURES 

The details of the experimental procedures were described in Chapter 3. The growth direction of 

as-synthesized Au nanowires is along the [111]  direction, with few TBs parallel to the cross 

section of nanowires. The tensile experiments were conducted inside a TEM equipped with a 

Nanofactory TEM-STM holder. Before tensile testing, the Au nanowires were tilted into the 
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[110]  zone axis and a strong contact between the Au nanowire and STM probe was made by 

depositing amorphous carbon at the contact area. Tensile loading was applied along the [111] 

direction with an estimated strain rate of ~ 10
-3

 s
-1. Moreover, cold welding method

53
 was used to 

prepare some samples with the loading directions of [111] and others. In the typical cold-welding 

process, the Au STM was driven forward with a speed of 1~2 nm/s by a piezo-controller, while 

the linear size of deformation-affected area was about 10 nm, thus the strain rate of the cold-

welding process was estimated to be on the order of 0.1 s
-1

. The determination of dislocation 

types in HRTEM images was based on the method discussed by Zheng et al.
53

.  

4.3 EXPERIMENTAL RESULTS 

4.3.1 Formation of dislocation-originated SFT by dislocation interactions 

Figure 4.1 show the formation of a dislocation-originated SFT through the interactions of partial 

dislocations in an Au nanowire. The Au nanowire is 16 nm in diameter and contains a growth 

twin boundary. It is loaded along the [111] direction and viewed along the [110]  direction (Figure 

4.1a). During tensile deformation, the partial dislocation typically nucleates from the free surface 

and moves into the Au nanowire (Figure 4.1b), which is consistent with our previous 

experimental observations
10,53

. It is observed that several SFs nucleate sequentially at different 

sites of the free surface. They glide on the equivalent, inclined {111} planes (denoted as SF1, SF2 

and SF3, respectively) and interact with each other inside the Au nanowire, forming a wedge and 

then a zigzag dislocation structure (Figure 4.1c-d). Such interaction between SFs  are the first step 
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Figure 4.1 Formation of dislocation-originated SFT. (a) Crystallographic orientation of the Au 

nanowire. The nanowire diameter is ~16 nm. (b-f) Sequential HRTEM images showing the 

evolution of dislocation structure and the formation of a dislocation-originated SFT via the 

interactions of partial dislocations under [111]  tension. Upon tensile loading, the partial 

dislocations with SFs nucleate sequentially from free surface on the equivalent inclined {111} 

planes and interact with each other, forming a wedge (c) and then a zigzag (d) dislocation 

structure. (e) At 380 s, SF3 propagates and annihilates at free surface, leaving behind the wedge 

structure. The inset shows the enlarged image of the wedge structure (yellow dashed line). (f) 

The wedge structure further evolves into a triangular defect, which is identified to be an SFT 

(marked out by the yellow triangle in inset). (g-h) Projected view of SFT along [110]  direction.
184
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step of the formation of dislocation-originated SFT.  As the tensile load increases, SF3 starts to 

move and eventually annihilates at the free surface, leaving behind a wedge structure between 

SF1and SF2 (Figure 4.1e). This wedge structure involves both SF1 and SF2 with a 1/6<110>-type 

stair-rod dislocation at the intersection between the two SFs (inset in Figure 4.1e). It further 

evolves under the applied load, resulting in a 2-3 nm sized triangular defect (as indicated by the 

yellow triangle in the inset of Figure 4.1f). Such triangular defect is identical to the projected 

view of SFT along the [110]  direction, in both its shape and geometric angles (Figure 4.1g-h). 

Moreover, the morphology of this triangular defect appears to be the same as that of the vacancy-

originated SFT reported in the literature
163,169,185

. Based on the experimental observation, an 

interaction-cross slip mechanism of dislocation is proposed for the SFT formation, which will be 

discussed later with MD simulation.   

Figure 4.2 shows the formation of dislocation-originated SFT via dislocation interactions 

in an Au nanowire, as realized in our MD simulations. The Au nanowire is subjected to tensile 

loading along the [111] axial direction. Similar to our experimental observation, a leading partial 

dislocation of 1/6<112>-type and of a Schmid factor of 0.31 (denoted as A in Figure 4.2f) is 

seen to nucleate from the nanowire surface; and it propagates on the (111)  plane, leaving SF1 

behind (Figure 4.2a). Subsequently, two new partial dislocations, denoted as A  and A  (and 

with the same Schmid factor of 0.31) are triggered on the (111)  and (111) planes, respectively, 

enclosing SF2 and SF3 (Figure 4.2b,f). Note that SF3 is covered visually by SF1 and SF2 and thus 

cannot be seen in Figure 4.2b-c. Partials of A and A  propagate into the nanowire and lock 

with A , forming three 1/6<110>-type sessile stair-rod dislocations, denoted as  ,   and 

  in Figure 4.2f. The dislocation reactions can be expressed as:  
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Figure 4.2 Formation of dislocation-originated SFT in MD simulation. The Au nanowire is 

loaded in the [111] direction. (a) A leading partial with trailing SF1 nucleates from the free surface 

on the (111)  plane under tensile loading. (b) Two new SFs, SF2 and SF3, nucleate on the (111)  

and (111)  plane respectively, and intersect with SF1, forming the initial open-SFT. Note that SF3 

is covered visually by SF1 and SF2 and thus cannot be seen directly. (c) The nucleation of trailing 

partials sweeps out part of the SFs, thus removing the trails of the initial open-SFT. (d) The 

closed SFT finally forms by dislocation cross-slip. (e) Projection view of the closed SFT along 

the <110> direction. (f-h) Schematic illustration of the detailed dislocation processes during the 

SFT formation.
184
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These sequential dislocation nucleation and interaction events create an initial ‘open-SFT’ with 

only three completed faces (Figure 4.2b). Under further tensile loading, the trailing partial 

dislocations C , B  and D , which have a Schmid factor of 0.16, nucleate as in Figure 4.2g, 

the propagation of which eliminates a part of the SFs on each of the three faces of the open-SFT 

(Figure 4.2c,g), thus removing the trails of the initial open-SFT. A closed-SFT finally forms via 
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the cross-slip of one of the trailing partials into the open (111)  plane, producing SF4 that 

constitutes the base of the closed-SFT; the three 1/6<110>-type sessile dislocations  ,  and 

  enclose the base of the closed-SFT (Figure 4.2d,h). The dislocation reactions can be 

expressed as: 

 DCBB BCDoslipcross
,,

int
 


 

Each of the three partials in BCD react with the other trailing partials to form the three stair-rod 

dislocations  ,  , and  , constituting the base BCD of the SFT: 

  DD   (along BD) 

 CC   (along DC) 

  BB   (along CB) 

Figure 4.2e shows the projected image of the SFT in Figure 4.2d as viewed along the <110> 

direction, which is same as the experimental observation under HRTEM in Figure 4.1f.  

The structure of the dislocation-originated SFT is compared with the vacancy-originated 

SFT. Figure 4.3a presents the schematics of intrinsic and extrinsic SFs by using a line of atoms 

with the single and double faults of stacking along the close-packed direction of <110>. With 

such schematics as reference, it is evident that the SFs (e.g., SF1 and SF2) in a dislocation-

originated SFT are of the intrinsic type (Figure 4.3b), each of which involves only one faulted 

plane of stacking. In Figure 4.3c, a vacancy-originated SFT is “artificially” created in a nanowire 

by relaxing a triangular vacancy loop (i.e., a Frank loop)
169,174

. Each of the SFs also involves 

only one faulted plane of stacking, and thus is of the intrinsic type. The minor differences in 

colour between the two types of SFT arise owing to the fact that the former is subjected to a 

large tensile stress, while the latter is stress free. Comparisons between the two types of SFT 

prove that the dislocation-originated SFT is structurally equivalent to the vacancy-originated SFT 
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Figure 4.3 Crystallographic structure of the dislocation-originated and vacancy-originated SFT. 

(a) Schematic representation of the intrinsic and extrinsic stacking faults in terms of the A/B/C 

atomic layer stacking, as well as the single and double kinking (faults) along the close-packed 

direction of <110>. (b) {110} cross section of a dislocation-originated SFT, with atoms colored 

by their coordination numbers. (c) Same as (b) except for a vacancy-originated SFT formed via 

the Silcox-Hirsch mechanism.
184

 

 

 

 

 

. However, the dislocation-originated SFT can play an important role in controlling the plasticity 

of FCC metallic nanostructures (see the Discussion). 

4.3.2 Migration of dislocation-originated SFT 

Similar to the Lomer-Cottrell lock, the SFT is bounded by SFs and stair-rod dislocations
59

, and is 

usually sessile. In nanocrystals, however, the SFs are frequently nucleated from the surface and 

could induce migration and annihilation of the dislocation-originated SFT by dislocation-SFT 

interactions. Figure 4.4 show the migration of a dislocation-originated SFT during tensile 

deformation of an Au nanowire. In this case, two dislocation-originated SFT (SFT1 and SFT2) 

are produced sequentially via partial dislocation interactions (Figure 4.4a). Upon further loading, 

a group of partial dislocations, which consists of four leading partials on the adjacent (111) planes   
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Figure 4.4 Migration of dislocation-originated SFT during deformation. (a) Under tensile 

loading, two dislocation-originated SFTs (SFT1 and SFT2) are produced sequentially. (b) Upon 

further deformation, a group of partial dislocations (indicated by the white arrows) nucleate from 

the TB and interact with SFT2. (c) Structure of the partial dislocations group, which consists of 

four parallel leading partials with SFs. The yellow arrow indicates the strain contrast induced by 

dislocation-SFT2 interaction. (d-f) The dislocation group drives SFT2 to migrate, as indicated by 

the changes of distance and atomic layers between SFT1 and SFT2 on the (111)  and (111) plane, 

respectively. Insets in (b) and (d-e) are the changes of atomic layers between SFT1 and SFT2 on 

the (111)  and (111)  plane, respectively. (g) Migration direction of SFT2. (h) Interaction of a 

partial dislocation with SFT and the surface step on SFT created by the interaction.
184
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Figure 4.5 Comparison of the size of SFT2 before and after migration. TEM images of (a) Figure 

4.4a; (b) Figure 4.4b; (c) Figure 4f. Red arrow in (b) indicates the strain contrast induced by 

dislocation-SFT2 interaction. It can be seen that the size of SFT2 does not change after 

migration.
184

 

 

 

 

 (Figure 4.4c), nucleates from the TB at a nucleation stress of about 2.3 GPa and interacts with 

SFT2 (Figure 4.4b). The dislocation group drives the migration of SFT2 along the [001]  direction, 

which can be seen from the changes in the distance (or the number of atomic layers) between 

SFT1 and SFT2 (Figure 4.4b-f and 4.4g). In the beginning, the measured distance between the 

two SFT on the (111)  and (111)  planes is respectively 1.9 nm and 2.1 nm (Figure 4.4b), 

corresponding to 7 and 8 atomic layers (inset in Figure 4.4b). Subsequently, the interaction 

between the dislocation group and SFT2 reduces the distance between the two SFTs (Figure 

4.4d). Finally, after the dislocation group is annihilated at the free surface, the distance between 

the two SFT decreases respectively to 1.2 nm and 1.4 nm on the (111)  and (111)  planes (Figure 

4.4e), corresponding to 4 and 5 atomic layers (inset in Figure 4.4e). The measured changes in the 

distance between the two SFT match well with the distance between the corresponding atomic 

layers. Interestingly, the distance between the two SFT increases after a further increase of 
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tensile loading (Figure 4.4f). It is worth pointing out that the size and shape of SFT2 remain 

unchanged before and after its migration (Figure 4.5).  

The migration of dislocation-originated SFT can, in principle, result from thermal or 

mechanical activation. Migration of dislocation loop and vacancy cluster has been observed in 

irradiated or quenched metals
185-187

, the reason for which is attributed to thermal activation
187

. In 

the present experiment, thermal activation is unlikely, since the migration is only observed when 

a group of dislocations interact with the SFT. Therefore, we attribute the migration of SFT to the 

activation by mechanical stress that leads to dislocation-SFT interactions. It is known that due to 

applied loads, the vacancy-originated SFT can be sheared or distorted by interactions with 

dislocations
174-177

, which could result in the movement of the apex atoms of SFT to new 

positions
174

 and thus produce ledges on SFT
177

. The migration of these ledges by the absorption 

of vacancies or atoms can cause the growth or shrinkage of the vacancy-originated SFT
181,188

. 

Similarly, the gliding dislocation upon interaction with the dislocation-originated SFT can 

produce ledges on the side of SFT for a single dislocation-SFT interaction event (Figure 4.4h). 

As a result, the SFT can effectively migrate via simultaneous interaction events with multiple 

dislocations. Moreover, the relatively large surface-to-volume ratio in nanocrystals, as opposed 

to their bulk counterparts, could promote the SFT migration by feeding more SFs from the fertile 

surface nucleation sites. Additionally, it should be noted that the movement of SFT is distinct 

from the climb or glide process of dislocation under mechanical loading. The dislocations can 

climb or glide by themselves under external loading, whereas the SFT cannot move by itself and 

its migration must be driven by the dislocations through dislocation-SFT interactions. 
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4.3.3 Annihilation of dislocation-originated SFT 

The annihilation of dislocation-originated SFT is also observed by our in-situ experiment (Figure 

4.6 and Figure 4.7a,c). The pristine Au nanocrystal in Figure 4.6 is created by cold welding 

between two Au nanostructures
151

. Interestingly, SFT1 is observed in the pristine Au nanocrystal 

right after cold welding (Figure 4.6a), which indicates the occurrence of plastic deformation 

during the cold welding process. Generally, when two nanostructures come into contact, a large 

mechanical stress could be induced at the contact zone, owing to the mismatch of geometry and 

orientation, which can result in the so-called dislocation-mediated pseudoelastic deformation if 

the contact surface is atomically flat
189

. In our experiment, however, the surfaces of the two 

nanostructures are not atomically flat (Figure 4.6a), resulting in the residual dislocations or SFT 

after contact. Moreover, due to the relatively low strain rate of cold welding and the large image 

stress associated with a small sample size, supersaturation of vacancies is unlikely in the cold-

welding process and hence SFT1 should be of the dislocation-originated type. 

Upon mechanical loading, a new SFT (SFT2) is produced near SFT1 (Figure 4.6b). 

However, further deformation leads to the annihilation of SFT2 and nucleation of SFT3 (Figure 

4.6c). Since the SFT2 disappears fast (in less than 0.5s), the details of annihilation are not 

captured during in-situ experiment. However, the SF trace left indicates that the annihilation of 

SFT is mediated by dislocation-SFT interactions (Figure 4.7a,c). MD simulations (Figure 4.6d-h) 

further prove that the annihilation of dislocation-originated SFT is indeed a dislocation-mediated 

process, which is similar to that found for the vacancy-originated SFT in the bulk
170-176

. Figure 

4d shows a closed dislocation-originated SFT near a TB inside the nanowire. Under tensile 

loading, a partial dislocation loop enclosing SF1 nucleates on  (111)  plane and makes an edge-on  



 59 

 
Figure 4.6 Annihilation of dislocation-originated SFT under tensile deformation. (a) SFT1 is 

observed in the pristine nanocrystal after cold welding. (b) Upon tensile loading, SFT2 is 

produced near SFT1. (c) Further deformation induced the annihilation of SFT2 and nucleation of 

SFT3. (d-h) MD snapshots showing the annihilation of a dislocation-originated SFT by 

dislocation-SFT interactions.
184

 

 

 

 

interaction with the SFT at the third atomic layer of the SFT from its apex. The closed-SFT is 

sheared and distorted (Figure 4.6e-f). This event is followed by similar events of newly nucleated 

partial dislocations shearing the closed-SFT (Figure 4.6g-h). The Shockley partial dislocation 

with the trailing SF2 nucleates and interacts with the 1/6<110>-type sessile stair-rod dislocations 

constituting the basal plane of the SFT. These processes lead to the formation of new 1/6<112>-

type Shockley partials which would be expected to glide on the tetrahedral planes of the SFT and 

partially remove the SFs, as has been reported for the SFT using MD simulations
174

. But what we 

observe for the SFT in the nano-sized sample is its complete destruction (Figure 4.6h) due to the 

SFs intersecting at its base and/or above (SF2 and SF3  in Figure 4.6g), instead of only a partial 

destruction as in the bulk samples
172,176

. Moreover, since the free surface in the sub-20 nm 
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nanocrystal serves as an efficient nucleation source of dislocations, it could thus play an 

important role in the annihilation of SFT by providing nucleated dislocations.  

4.4 DISCUSSION 

SFT have usually been classified as a vacancy-originated volume defect in quenched or 

irradiated metals and alloys
59,160-163

. However, it is unlikely that the SFT observed in the Au 

nanocrystals of this work are vacancy-originated. Firstly, a high density of vacancies is required 

to nucleate the vacancy-originated SFT, which is often present in quenched or irradiated 

metals
59,160-162

 but is hardly achievable in our nano-sized metallic samples. Secondly, there are 

two possible factors regarding the electron beam effect, i.e., knock-on displacement and beam 

heating. For the knock-on displacement to occur, the threshold electron energy for Au is 1320 

KeV
190

. The 300 KV acceleration voltage used in our experiments is therefore insufficient to  

produce such kind of beam damage
53

. For the beam heating issue, the thermal conductivity of Au 

is very high (300 W/mK) and the two ends of Au nanowires are respectively connected to an Au 

substrate and an Au probe with large sizes compared with the samples. Considering the low 

beam current applied in our experiments (80~100 A cm
-2

) and the fact that both the Au substrate 

and the probe act as the effective heat sinks, the temperature rise induced by beam heating 

should be negligible in the sample
53,191

. More importantly, SFT are also observed to form during 

the deformation without any beam irradiation and beam-induced temperature rise (Figure 4.8), 

which further supports the conclusion that the SFT observed during plastic deformation is 

dislocation-originated and not vacancy-originated. Therefore, the beam irradiation and heating 

would have little influence on the SFT formation and dislocation-SFT interactions.  Additionally, 
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Figure 4.7 Additional examples of dislocation-originated SFT and dislocation interactions 

observed in different samples under tensile loading. The sizes of samples range in between 

10~30 nm and they were loaded along different directions (e.g., [111], [001], [112]). (a) 

Annihilation of dislocation-originated SFT in Au nanowire. Under [111] tensile loading, the 

dislocation-originated SFT are formed near a TB. Further deformation induces the annihilation 

of SFT. The SF left in (a2) indicates that the SFT annihilation process is mediated by the 

dislocation-SFT interactions. (b) A dislocation-originated SFT formed during the necking 

process of a nanotwinned Au nanowire. (c) Generation and annihilation of dislocation-originated 

SFT in a sample made by cold-welding. The sample is loaded along the [111] direction. A 

welding interface was created in the sample due to the mismatch of geometry and orientation, as 

marked by the yellow arrow in (c1). (d) A dislocation-originated SFT formed in another [111]-

loaded sample made by cold-welding. (e) A dislocation-originated SFT observed in a [001]-

loaded sample made by cold-welding. (f) Dislocation interactions in an Au nanowire under the 

[112] loading. Scale bar in (a-f), 5 nm.
184 
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although vacancy clusters and vacancy-originated SFT can be generated by plastic deformation, 

high strain rates are usually required
167,168

. In our experiments, the strain rate employed is 

relatively low and thus cannot produce sufficient vacancies by plastic deformation alone. Even if 

a smaller number of deformation-induced vacancies may exist, they could easily escape the 

nanocrystal from its free surface, owing to the large image stress associated with the small 

crystal size and the low strain rate employed, rather than condense into vacancy clusters inside 

the Au nanocrystal. Therefore, the observed SFT likely result from the interactions of partial 

dislocations, and our large scale MD simulations lend a direct support to this mechanism. On the 

basis of these considerations, we believe that the formation, migration and annihilation of the 

dislocation-originated SFT are revealed for the first time in sub-20 nm nanocrystals. 

It is generally recognized that the surface-nucleated dislocations initiate the plastic 

deformation in nano-sized crystals
10,43,53

. The partial dislocations nucleated on the equivalent, 

inclined {111}  planes can strongly interact with each other inside the small volume of Au 

nanocrystals, which results in the stair-rod dislocations and nano-sized dislocation-originated 

SFT.  The dislocation-originated SFT have been frequently observed during  the deformation  of 

Au nanocrystals with different sample sizes and loading conditions in both experiments and MD 

simulations (Figure 4.7, 4.8 and Table 4.1). Hence, the formation and evolution of SFT should be 

considered as an important deformation mechanism at this length scale. Moreover, both SFT 

formation and dislocation-SFT interaction can contribute to the strain hardening of small-volume 

samples. Nanocrystals are known to have limited strain hardening due to the lack of sufficient 

hardening obstacles (dislocations or other defects) as well as the easy annihilation of dislocations 

at the surface owing to the large image stress
10,53,76

. In contrast, the formation of dislocation-

originated SFT is a novel mechanism,  by which the nanocrystal could achieve finite amounts of  
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Figure 4.8 SFT observed in tensile experiment conducted under beam-blank. (a) Pristine sample. 

(b) Sample after beam-blank deformation. The sample is loaded along the [111] direction. SFT 

are observed to be formed during deformation without any beam irradiation and beam-induced 

temperature rise.
184

 

 

 

Figure 4.9 Formation of SFT in MD simulation of a deformed Cu nanowire through the same 

mechanism explained in Figure 4.2. The simulation methodology and the shape and the 

dimensions of Cu nanowires are similar to those for Au nanowires. It is observed that SFT were 

formed in the Cu nanowire, following the sequence of dislocation interactions, as in Au 

nanowires. The initial open-SFT is formed by the locking of the partial dislocations as can be 

seen in (a). As in Fig. 2(b-c) only two of the three SFs constituting the open-SFT are seen in this 

viewing angle. Trailing partials nucleate and sweep out a part of SF1 and SF2 in (b) and (c), 

respectively. Subsequent cross-slip of the trailing partial occurs to form the fourth (basal) face 

and the complete SFT is formed as shown in (d).
184
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Table 4.1 Summary of the SFT formation in 11 samples of Au nanocrystals tested in this 

work.
184

 

Samples Orientation Samples tested With SFT Without SFT 

Pristine 

nanowire 
[111] 5 4 1 (dislocation interaction) 

Cold-welded 

nanowire 

[111] 
4 (One beam-blank 

experiment) 
4 0 

[001] 1 1 0 

[112] 1 0 1 (dislocation interaction) 

 

 

 

inherent hardening. In addition, SFT act as strong obstacles to the motion of other dislocations 

(as shown in Figure 4.4) and contribute to further hardening. Furthermore, present results 

indicate that the SFT formation is not limited to the specific set of dimensions of the simulated 

nanowire, and the size of SFT formed depends on the sample size. Dislocation-originated SFT 

are also formed in a deformed Cu nanowire following the same dislocation-mediated mechanism 

as in the Au nanowires (Figure 4.9)
184

. This result indicates that the dislocation-originated 

formation of SFT is a general deformation mechanism applicable to a broad class of FCC metals 

and alloys with medium to low stacking fault energies under mechanical loading. On the basis of 

the above discussions, it can be concluded that SFT formation is a general plastic deformation 

mechanism in metallic nanocrystals, and has important consequences with respect to plastic 

deformation at small length scales.  

The deformation-induced formation of 3D defects has never been reported for 

nanocrystals. In the conventional bulk samples, SFT form mostly due to irradiation or quenching 

alone
160,161

, while in the nanocrystals SFT can form directly from dislocation interactions. 

Moreover, the dislocation-SFT interaction is known to cause the SFT to be sheared into two 

defects, converted to other types of defects or structurally destroyed
170,175-178

. However, our work 
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also reveals that the SFT can interact with a group of dislocations nucleated from the surface, 

resulting in the migration of SFT in a small and confined volume without any change in its shape 

and size. Such migration (i.e., displacive movement) of SFT can be attributed to the active 

operation of surface dislocation sources that is promoted by the high stress, large image force 

and abundant surface nucleation sites associated with the small crystal size, while it would be 

rare to achieve these conditions necessary for the SFT migration in the bulk. These unusual 

phenomena represent the novel deformation mechanisms at the nanoscale, and their potential 

effects on the strength, hardening and fracture warrant further study in the future.  

4.5 CONCLUSIONS 

In conclusion, in-situ HRTEM experiments were conducted to directly visualize the atomic-scale, 

dynamic evolution of a novel defect structure − dislocation-originated SFT − in Au nanocrystals. 

For the first time, we report the formation and the dynamics of a 3D crystalline defect in small-

volume nanocrystals, which plays an important role in the plasticity at small length scales. These 

results reveal a novel deformation mechanism of dislocation interaction inside the confined 

volume of nanocrystals. This result has significant implications on understanding the 

deformation behavior of nanocrystals, including plastic yielding, strain hardening, ductility, size 

effects, etc., which will motivate further experimental and modeling investigations of dislocation 

interactions and formation of higher-order defects in small-sized materials. On the other hand, it 

also provides an example of the deformation-induced and dislocation-originated formation 

mechanism of SFT in contrast to the conventional wisdom of vacancy-originated SFT, which 
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thus expands the fundamental knowledge of 3D volume defects in small-sized, non-irradiated 

materials. A more detailed understanding of various factors affecting the formation of SFT 

warrants further study in the future. 
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5.0  NEAR-IDEAL THEORETICAL STRENGTH IN GOLD NANOWIRES 

CONTAINING ANGSTROM-SCALE TWINS 

Although nanoscale twinning are effective means to enhance the strength of metals
86

, these 

metals generally prove to fail well below their theoretical strength due to heterogeneous 

dislocation nucleation from boundaries or surface imperfections
76

. Moreover, the twin size () 

effect on the deformation and failure of nanosized single-crystals remains unexplored, especially 

at the minimum limit of twin size. Using in-situ tensile tests and atomistic modeling, the effects 

of angstrom-scale twins on the plasticity and fracture of Au nanowires have been studied. When 

the twin thickness is reduced to the smallest possible size of angstrom-scale (0.7 nm), Au 

nanowires exhibit a remarkable ductile-to-brittle transition that is governed by the 

heterogeneous-to-homogeneous dislocation nucleation transition, profoundly contrasting with the 

deformation behavior of metallic nanowires with twin-free or larger twins reported so far. Our 

quantitative measurements show that approaching such nanotwin size limit gives rise to an ultra-

high tensile strength (up to 3.12 GPa) in Au nanowires, close to the ideal strength limit of perfect 

Au crystals. Such twin-size dependent dislocation nucleation and deformation represents a new 

type of size effect distinct from the sample size effect described previously. Those discoveries 

constitute an important step forward in understanding the angstrom-scale twins on the plasticity 

and fracture of metals, which are of fundamental and technological importance for future design 

and fabrication of ultra-strength materials.  
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5.1 INTRODUCTION 

The device integration of Au nanowires hinges upon better understanding the ultra-high 

strength
19

 and fracture behavior of individual nanowires under nanoscale deformation by direct 

measurements. As a model material, bulk Au is intrinsically the most ductile and malleable metal 

with a tensile ductility in the range of 0.2~0.4
73

. Past experimental studies showed that Au 

nanowires can be pulled with strain up to 50%
107

, and long atom chains can be formed until the 

last atomic bond breaks
192

. Recent experiments and MD simulations also showed that sub-10nm-

sized Au single crystals possess very good ductility before fracture
53,102

. However, it was also 

reported in another recent study that ultrathin Au nanowires can fail via brittle fracture with 

negligible ductility
56

. Brittle failure was attributed to deformation twinning
56

 whereas this 

mechanism is recognized as promoting superplastic deformation in metallic nanowires
50,107,131

. In 

view of these conflicting observations, one question naturally arises: how to decisively control 

fracture in metallic nanowires? 

The plastic deformation and fracture of bulk ultrafine-grained metals with grown-in 

nanoscale twins has been extensively studied since their first discovery 8 years ago
87

. It is now 

well-established that nanotwinned FCC metals have superior mechanical strength, remarkably-

high ductility, and better tolerance to fatigue crack initiation with decreasing twin thickness 

()
41,88,89

. Below a specific limit ( < 15 nm), reducing  dramatically enhances ductility due to 

softening effects attributed to heterogeneous nucleation and propagation of partial dislocations at 

the intersection of preexisting TBs with GBs
41,88,92,193

. Likewise, in FCC single-crystalline 

nanowires without GBs, heterogeneous nucleation of new partial dislocations from free surfaces 

is prominent
53,76,102

. Moreover, introducing low density twins (LDTs) to single-crystalline 
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nanowires can give rise to extensive strain-hardening and plastic flow after yielding owing to the 

blockage of partial slip by TBs
76,102

. However the maximum strength achieved in such materials 

is still considerably smaller than the ideal strength, which theoretically refers to the stress at 

elastic instability in a defect-free infinite crystal
76

. Furthermore, although ultrahigh density twins 

(UDTs) are frequently observed in metallic nanowires synthesized chemically
81-83

, deformation 

and failure in nanowires with growth UDTs remain largely unexplored, specifically near the 

minimum limit of twin size (i.e.  = 0.7 nm).  

Here a series of in-situ tensile tests on Au nanowires with UDTs are conducted under 

TEM-AFM, as well as a detailed description of underlying mechanisms of deformation by 

HRTEM combined with MD computer simulations. It shows that UDTs provoke a ductile-to-

brittle transition at a critical size ( = 2.8 nm) controlled by homogeneous nucleation of 

dislocations inside the nanowires followed by shear localization and confined microplasticity at 

TBs. This new regime turns ultrathin Au nanowires into brittle-like materials with near-ideal 

strength, and is unlike the heterogeneous nucleation of partial slip from free surfaces that has 

commonly been reported for Au nanowires with no twins and LDTs. 

5.2 EXPERIMENTAL PROCEDURES 

Two types of experiment were conducted: nanomechanical testing and in situ HRTEM 

observation on the deformation. Experimental details were discussed in Chapter 3. In the 

nanomechanical testing, the spring constant (k) of the cantilever is 28 N/m. During deformation, 

a CCD camera was used to record the real-time images of sample elongation and the deflection 
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(Δd) of cantilever. The tensile loading force (F) was directly calculated by F= k*Δd. The 

engineering stress was calculated by using the formula
24 /F d  , where d is the minimum 

diameter of nanowire. The engineering strain was calculated by measuring the real-time length of 

the nanowires from TEM images. More than 20 samples were tested and about 40% were found 

to break with a brittle-like fracture. Au nanowires with LDTs and no twins were created inside 

the TEM by using the cold welding technique. 

5.3 EXPERIMENTAL RESULTS 

5.3.1 In-situ mechanical measurements in Au nanowires 

Figure 5.1 presents the microstructure of ultra-twinned Au nanowires as synthesized in this 

study, along with mechanical properties of these materials under pure tensile loading. The 

growth direction of Au nanowires is along <111> (Figure 5.1a), with the diameter between 8 nm 

and 20 nm. Detailed TEM analysis reveals that parallel UDTs are perpendicular to the wire axis, 

and that the nanowire surface is made of {111} microfacets (Figure 5.1b). Figure 5.1c-d shows 

the two types of typical twin distributions in Au nanowires. The first type represents nanowires 

with UDTs, in which  varies over a narrow range from 3 atomic layers (0.7 nm) to ~2 nm 

(Figure 5.1c). In the second type, the nanowires show a bimodal twin distribution with a mixture 

of UDT and LDT spacings (Figure 5.1d). The Au nanowires with different twin structures 

exhibiting distinct mechanical behavior. 

Figure 5.2 shows that the mechanical response of Au nanowires with UDTs differs 

markedly from that of Au nanowires with LDTs and no twins. In the Au nanowires with no twin,  
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Figure 5.1 Microstructure of ultra-twinned Au nanowires. (a) Morphology of as-synthesized Au 

nanowire. (b) HRTEM image of the yellow-boxed area in (a) shows high density twins 

distributed along the nanowire axis ranging from 3 atomic layers (0.7 nm) to a few nanometers. 

{111} microfaceting can also be observed at the free surface. (c-d) Two types of twin 

distributions in ultra-twinned Au nanowires. (c) Nanowires with UDTs is made of twins less than 

2.1 nm in thickness with a predominance of twins at the minimum limit of 0.7 nm and exhibited 

brittle-like fracture. (b) The nanowire with bimodal twin distribution showed a mixture twin 

spacing with UDTs and low density twins (LDTs).
10

 

 

 

 

the ultimate strength was found equal to 1.43 GPa with no strain-hardening after yielding, in 

excellent agreement with past experimental measurements in pure single-crystalline Au 

nanowires
194

. This value is more than 30 times higher than the tensile strength of micrometer-

thick polycrystalline Au films, which is typical due to plasticity size effects
195

. The mechanical 

response of Au nanowires with LDTs is characterized by significant strain-hardening with an 

ultimate strength of ~2.05 GPa after yielding (~1.7 GPa), as well as by a sizeable ductility (35%). 

Figure 5.2a shows that this behavior contrasts with that of Au nanowires with UDTs where 

strain-hardening is found to disappear, ductility is considerably reduced, and the elastic limit 

increases to ~3.12 GPa (Figure 5.2a-b), which is much higher than that of our Au nanowires with 

LDTs and no twins (Figure 5.2a-b) and single-crystalline Au nanocrystals reported in literatures 
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(Figure 5.2c)
42,68,73,107,194,196-199

. Remarkably, this limit corresponds to a critical resolved shear 

stress of 0.98 GPa for partial {111}<112> slip (Schmid factor = 0.314), which is very close to 

the ideal shear strength of 1.42 GPa for pure Au reported from past first-principle calculations
159

. 

Moreover, the fracture behavior of Au nanowires with UDTs is brittle-like with a flat fracture 

surface perpendicular to the loading axis (Figure 5.2d). Although the total elongation is about 

7.2% due to the high elastic strain, plastic elongation at failure is negligible (less than 1%). More 

than 20 nanotwinned samples were tested and about 40% were found to break with a brittle-like 

fracture. In contrast, the behavior of nanowires with bimodal structure appears to be semi-brittle 

with slightly lower yield strength (~2.1 GPa) and limited, but finite inelastic deformation (~5%) 

and strain-hardening up to ~2.52 GPa (Figure 5.2a-b). For both brittle and semi-brittle fracture 

modes, no apparent plasticity is observed away from the fracture zone, but an interesting feature 

is that a tiny tip is formed on the failure surface in semi-brittle nanowires only (Figure 5.2e).  

5.3.2 Homogeneous dislocation nucleation and deformation mechanisms 

The above results enable us to conclude that a sharp transition from ductile plasticity to brittle 

fracture takes place in ultra-twinned Au nanowires with increasing twin density. The nature of 

the ductile-to-brittle transition is further examined by in-situ HRTEM and MD computer 

simulations. First, we consider the deformation and fracture of Au nanowires with LDTs and 

twin-free. Figure 5.3 confirm that the deformation of Au nanowires with LDTs and twin-free is 

dominated by dislocations nucleated from free surfaces
53,76,102

. In the Au nanowires with LDTs, 

uniform plastic elongation followed by necking primarily occurs between TBs with the largest . 

TBs are also found to act as barriers for partial dislocation motions (Figure 5.3b-c),  thus leading 
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Figure 5.2 Mechanical properties and fracture modes of Au nanowires. (a) Representative stress-

strain curves for Au nanowires with different structures. Dash lines in pink color indicate the 

permanent inelastic deformation after fracture. The diameter of samples with either UDTs or 

bimodal structures are almost identical, 14.5 nm and 13.4 nm respectively. The inset shows a 

close-up view of the yield points in the specimens with bimodal and LDTs. (b) Strength 

distribution in Au nanowires with different structure tested in this study. (c) Comparison of 

ultimate strengths in Au nanocrystals deformed by tension (T) or compression (C) experiments. 

The flow stress at 10% strain is used as the ultimate strength of compression tests on nanopillars. 

(d) Brittle-like fracture with a flat fracture surface observed in the sample with UDTs. (e) Semi-

brittle fracture with a tiny tip in the fracture zone observed in the sample with bimodal twins.
10
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Figure 5.3 Heterogeneous dislocation nucleation in Au nanowires with LDTs (> 5.6 nm). (a) 

TEM image of an Au nanowire with LDTs. TBs are marked out by a dash line in yellow color. 

(b-c) During tensile loading, partial dislocations with SFs nucleate heterogeneously from the free 

surface, propagate and are blocked by the TBs, as marked out by the red arrows. (d) Interaction 

of surface dislocations on different {111} slip planes to form SF cross-structures from a different 

nanowire with ~ 10 nm. (e-f) The deformation of Au nanowire with no twins is dominated by 

the surface emission of partial dislocations, similar to the deformation of Au nanowires with 

LDTs.
10

 

 

 

 

to the observed strengthening and strain-hardening effects
76,88,102

. Interestingly, the stacking 

faults nucleated on different {111} planes interact to form SF cross-structures (Figure 5.3d). 

The fracture of a brittle-like nanowire with UDTs is displayed in Figure 5.4 for 

comparison. In this example, the twin thickness  is less than 2.1 nm with a predominance of 

twins at the minimum limit of 0.7 nm (Figure 5.1c). Under tension, the nanowire first 

experiences considerable elastic elongation as evidenced by the space increase between TB3 and 

TB4 in Figure 5.4b, but sudden failure occurs at an applied strain of 6.8% (Figure 5.4c-e). The 

fracture process is materialized over such a short time scale that rare dislocation activity is 

observed,  which is at odds with the larger slip deformation and high ductility observed in single-  
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Figure 5.4 Tensile deformation and fracture in brittle-like Au nanowires with UDTs ( < 2.8 

nm). (a) TEM image of a pristine Au nanowire showing UDTs ranging from 0.7 to 2.1 nm, 

viewed in [110] zone axis. Twin interfaces of interest in the fracture zone are marked as TB1 - 

TB4. (b) Under tensile loading, the nanowire experiences elastic elongation as evidenced by the 

increase in spacing between TB3 and TB4. (c) At the elastic strain of 6.8%, the Au nanowire 

breaks suddenly with a relatively flat fracture surface, typically encountered in brittle fracture. 

(d-e) Post-deformation fracture morphology of Au nanowires at the two ends. A large de-

twinned grain is found at both ends. (f) Full atomistic view and (g) cross-sectional view of Au 

nanowire with uniform twin distribution and nm after fracture at 5.5% tensile strain by 

MD simulation (h) Close-up view of the fracture region at the onset of yielding showing the 

homogeneous nucleation of dislocations indicated by vertical arrows, near surface facets but 

inside the nanowire. Atoms in perfect FCC crystal arrangement have been omitted for clarity.
10
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crystalline twin-free Au nanowires
53,107

 and Au nanowires with LDTs. However, the grains 

formed in the fractured tips (Figure 5.4d-e) indicate that significant slip and the de-twinning have 

occurred in the confined zone separating TB1 and TB4. This result is further supported by the 

MD simulations where a net reduction in ductility and shift to brittle-like fracture are manifest in 

nanowires with a {111}-microfaceted surface structure and  ≤ 2.8 nm (Figure 5.4f-h). 

Moreover, the simulated fracture is contained within a short nanowire segment exhibiting 

significant de-twinning (Figure 5.4f-g) as in the TEM experiments. A salient feature in MD 

simulations is that the onset of yielding in brittle-like nanowires proves to be controlled by 

homogeneous nucleation of dislocations between TBs (Figure 5.4h), as opposed to 

heterogeneous deformation from free surfaces (Figure 5.3). 

We further examine the local shear strains computed at atomic-level from MD 

simulations to gain insight into the relationship between homogeneous nucleation, the de-

twinning process, and brittle-like fracture. Here, particular focus is placed on an ultra-twinned 

Au nanowire with  = 1.4 nm and a {111} microfaceted morphology (Figure 5.5). At the yield 

point, nucleation of dislocation loops on different slip planes is solely found inside the crystal 

(Figure 5.5a-b), and the nucleation sites are primarily adjacent to surface facets (see inset of 

Figure 5.5b), suggesting the homogeneous nucleation of dislocations. At this stage of 

deformation, the average shear strain at a nucleation site is equal to 0.136 ± 0.011, which agrees 

well with the ideal shear strain of 0.142 found theoretically by ab-initio simulations
159

 for 

{111}<112> slip in Au. It can also be noticed that the yield strength of 5.5 GPa for <111> 

tension is generally higher than in experiments, which can be attributed to the strain rate effects 

inherent to MD simulations, the interatomic potential used, and the uncertainty in nanowire 

shape. However, it can be concluded that the yield strength of Au nanowires with UDTs rises up 
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to the ideal strength limit, thereby making the homogeneous dislocation nucleation the rate-

limiting process controlling fracture. 

Homogeneous nucleation is a nucleation mode of defect occurred inside the initially 

perfect crystal directly
200,201

, which is triggered by the strain localization-induced local plastic 

displacement under the deformation loading
202

. Although the higher activation energy is required 

for the homogeneous dislocation nucleation than that of the heterogeneous nucleation from 

surface site, it could alleviate the plastic strain and storage energy in deformed materials due to 

their zero net elastic dilatation and short-range stress field
203

, and thus it can occur in perfect 

FCC crystals subjected to nano-indentation
204

, shock loading
201

 or serve plastic deformation
205

, 

in which the local shear stress can achieve the idea shear stress of metals. As discussed later, we 

hypothesize that homogeneous nucleation in ultra-twinned Au nanowires is induced by a shear 

instability under the ideal shear strength limit favored by the UDTs.  

Homogeneous dislocation nucleation is rapidly followed by shear localization and 

specimen necking, which are both accommodated by twin migration and de-twinning (Figure 

5.5d). Here, de-twinning arises from the atomic ledges formed at neighboring TBs during 

homogeneous nucleation, and the shear localization when dislocations transmit through the TBs 

(Figure 5.5c-f). While de-twinning promotes softening
92

 and can partly enhance ductile 

plasticity, shear localization and necking accelerate the state of instability, which may partly 

explain the occurrence of both de-twinned tips and limited elongation in ultra-twinned Au 

nanowires (Figure 5.5e-f). Figure 5.5c-d also suggests that the absence of work-hardening in 

nanowires with UDTs is related to the lack of dislocation blockage by TBs
102

 and dislocation 

storage. As  decreases to the minimum limit, the shear localization-induced necking becomes 

increasingly more important over de-twinning. 
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Figure 5.5 Simulated deformation structure and shear strain in a brittle-like Au nanowire over 

the yielding process. The Au nanowire contains UDTs with  = 1.4 nm and {111} surface 

microfacets. (a-b) Homogenous nucleation, 5.2% strain. (c-d) Plastic shear localization and de-

twinning, 5.6% tensile strain. (e-f) Fracture above 5.75% strain.
10

 

 

5.3.3 Semi-brittle fracture in Au nanowires with bimodal twin structures  

A striking aspect is the strong dependence of fracture on in ultra-twinned Au nanowires. 

Remarkably, ultra-twinned Au nanowires with bimodal twin structures show a compromise 

between strength due to homogeneous slip, and some microplasticity via de-twinning and strain-

hardening, leading to the semi-brittle fracture (Figure 5.2c). Further TEM evidence is shown in 

Figure 5.6 where TBs of interest in the fracture zone are marked out in yellow color. It is noticed 

that is not uniform along the axial direction in this sample (Figure 5.6a), and follows a bimodal 
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Figure 5.6 Deformation and fracture in a semi-brittle Au nanowires with bimodal twin 

structures. (a) Pristine Au nanowire with a bimodal twin structure as marked out by dash lines in 

yellow from TB1 to TB7. (b) As deformation proceeds, dislocations are observed to 

homogeneously nucleate in the segment with the largest twin thickness. The dislocations 

propagate and are blocked by the neighboring TBs, causing strain-hardening. (c) Shear 

localization-induced necking formation under tensile loading, as marked out by the red arrows. 

Inset: Close-up on a partial dislocation with SF propagating along the radial direction from the 

neck, which softens this region and accelerates failure. (d) Fracture morphology of semi-brittle 

fracture with de-twinned tips.
10
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Figure 5.7 Sequential images showing the de-twinning and necking process in a semi-brittle Au 

nanowires with bimodal twin structures. (a) Pristine Au nanowire with bimodal twin structures. 

The deformation mainly occurs at the part with larger , as marked out by dash lines in yellow 

from TB1 to TB3. (b-d) Dislocations nucleate homogeneously in the part with larger propagate 

and are blocked by the TB2, which produce atomic ledges to TB2 and finally induce the TB2 

migration. The inset in (b) and (d) are the inverse FFT images showing the dislocations blocked 

by TB2. (e-f) The propagation of SFs parallel to the twin plane accompanied with necking 

formation. Inset shows the structure of SFs. The red arrow points out the localized necking.
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twin distribution (Figure 5.1d). In Figure 5.6b, plastic deformation starts in the region with the 

largest between TB3 and TB7 with ~ 2.4 - 3.3 nm) in good agreement with past theoretical 

predictions
139

. As described above, dislocations and SFs are observed to nucleate directly inside 

the crystal (Figure 5.6b), i.e. homogeneous nucleation, which is consistent with the MD 

simulation; however several partial dislocations are blocked by TBs (TB3 and TB6 in Figure 

5.6b), which likely contributes to the apparent strain-hardening of the bimodal sample (Figure 

5.2c). Twinning partials produce some atomic-scale ledges on TBs and drive the moving  TBs, 

causing de-twinning (shown in white reversed “T” at TB3 in Figure 5.6b and TB2 in Figure 5.7) 

are clearly visible because the Schmid factor for this type of slip is extremely low due to the  TB 

orientation orthogonal to the axial direction of the nanowire. As deformation proceeds, shear 

localization promotes necking formation at the free surface (marked out with red-color arrows in 

Figure 5.6c and Figure 5.7f) after limited uniform plasticity. Propagation of SFs parallel to the 

twin plane accompanies necking (Figure 5.6c and Figure 5.7), and appears to soften the material 

in this region until failure. Also a tiny tip is visible in the fracture zone as a signature of post-

yielding plasticity from de-twinning (Figure 5.6d). 

5.3.4 Elastic strain limits in ultra-twinned Au nanowires  

In perfect crystals without deformation, all atoms locate at their equilibrium lattice positions. 

However, under mechanical loading, the elastic strain will accumulate inside the crystal and 

induces the atoms deviating from their equilibrium positions, which will be reflected in the 

change of the inter-planar spacing
32,206

. At the elastic strain limit of crystals, the elastic strain 

accumulated in the crystal lattice will be partially released by the nucleation of lattice defects
53

, 

leading to the yielding and the occurrence of permanent plastic deformation inside the crystals. 
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Therefore, the elastic strain limit for Au nanowires with different structures can be estimated by 

comparing the inter-planar spacing of the pristine state and the deformed state at the moment just 

before the nucleation of first lattice defects, i.e. yielding. Figure 5.8 shows the deformation of an 

[111]-Au nanowire with thinner irregular twins. Attentions will be paid to the thickness 

evolutions of two adjacent twins with the pristine values of 16.4 Å (T1) and 40.1 Å (T2), 

respectively (Figure 5.8a). It is observed that the thicknesses of T1 and T2 increase to 17.3 Å and 

42.0 Å, respectively, before the yielding (Figure 5.8b). The maximum elastic strain experienced 

in T1 and T2 is ~ 5.5% and ~ 4.7% respectively, while the value obtained from the change of 

d(111) in T1 is about ~ 5.1%, in consistent with each other. The above results suggest that the 

smaller the twin thickness, the higher the elastic strain limit.  

Figure 5.9 summarizes the twin-size and crystal-size dependence of elastic strain limit in 

Au nanocrystals, including the values from present work and both experiments
53,73,107,197,207

 and 

MD simulations
76

 in the literature. Figure 5.9a shows that the elastic strain limits of Au 

nanowires are strongly twin-size dependent, in which all of the nanowires are loaded along [111] 

direction and have the similar diameter (10~20 nm). The elastic strain limits of [111]-Au 

nanowires can be effectively improved via nanoscale twins, as indicated by both the experiments 

and simulations
76

. As the twin size are reduced to angstrom-scale, the elastic strain limit rapidly 

approaches the ideal one of [111]-Au (Figure 5.9a). Figure 5.9b summarizes the maximum 

elastic strain in single-crystalline or nanotwinned Au nanowires with different crystal-sizes and 

loading geometries. It is obvious that the elastic strain limits (Open symbols in Figure 5.9b) of 

single-crystalline Au nanowires along different directions (e.g. [001], [110], [111]) keeps at a 

low level as the crystal size decreases to sub-10 nm, though improved when compared with the 

bulk one.  However,  a net improvement in the elastic strain limit can be achieved by introducing 
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Figure 5.8 Twin thickness and interplanar spacing evolution of a nanotwinned [111]-Au 

nanowire with smaller  during deformation. Two twins are marked out and labeled as T1 and T2, 

respectively. (a) Pristine nanowire. (b) Twin thickness and measured lattice spacing in Au 

nanowire before yielding. (c) Dislocation nucleates in T2 with larger thickness firstly. 
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nanoscale twins, and near-ideal elastic strain limit can be approached when the crystal size and 

twin size are reduced simultaneously, as indicated by both [001] and [111] nanotwinned 

nanowires (Solid symbols in Figure 5.9b). It is also worth to note that the crystal-size 

dependence of elastic strain limit in Au is not so significant as that of Cu nanowires
206

 in which 

the strong crystal-size dependence are observed. Structure modification, i.e. twins, is further 

needed to approach its ideal limit. Similar phenomenon may exist in other metallic or 

semiconductor nanowires systems, in which high density growth twins are frequently 

observed
10,12,79,81-84,97-100

. These findings shed some lights on the elastic strain engineering of 

metallic and semiconductor nanowires, in which the desirable physic-chemical properties can be 

obtained when they are elastically strained to the high strain-level
19

. 

 

 

 

 

 

Figure 5.9 Effects of twin size and crystal size on the elastic strain limit in Au. (a) Twin size 

dependence of the elastic strain limit in [111]-Au nanowires. (b) Crystal size and twin size 

dependence of the elastic strain limit in Au nanowires with different orientations. The open 

symbols shows the elastic strain limits of single-crystalline Au nanowires, while the solid 

symbols shows the elastic strain limits of nanotwinned Au nanowires. “SC” in (a-b) means the 

data of single-crystalline Au nanowires; while “Exp.” in (a-b) means that the values of elastic 

strain were obtained from experiments. 
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5.4 DISCUSSION 

This study provides strong evidence for a heterogeneous-to-homogeneous dislocation nucleation 

in ultra-twinned Au nanowires below a critical twin size. In experiments, it was difficult to 

synthesize the nanotwinned with uniform twin distributions, and thus to reveal the critical twin 

size on the deformation mode transition. However, the stress-strain curves obtained by MD 

simulations reveal that a significantly ductile-to-brittle transition occurs when the twin thickness 

 ≤ 2.8 nm (Figure 5.10), accompanied with the heterogeneous-to-homogeneous transition in 

dislocation nucleation. Moreover, since significant slip activity was observed before failure, 

yielding in Au nanowires with UDTs should be viewed at the atomic scale as being different 

from classical brittle fracture by atomic cleavage
60

. With UDTs, slip is confined in such a way 

that the elastic strain energy cannot be easily released by means of dislocation propagation
53

. 

Instead,  the homogeneous dislocation nucleation multiplies primarily near the low-index surface  

 

 

 

 

 
Figure 5.10 Stress-strain curves of ultra-twinned Au NWs computed from molecular dynamics 

(MD) simulations as a function of twin thickness (). All models have uniform twin distribution. 

The NW periodic length is 68 nm in (a) and 270 nm in (b).
10
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facets, such as {111} microfacets, causing an avalanche of new dislocations that accelerates 

shear localization and necking. Therefore, Au nanowires with bimodal twin structures show a 

composite behavior between ultimate strength and a few percent of ductility, within a relatively-

narrow twin size distribution. In this case, the local increase in  provides enough volume for 

dislocations to propagate and interact with neighboring TBs in other areas of the nanowire, 

thereby explaining the emergence of strain-hardening and ductility via de-twinning
76,102

.  

Surprisingly, the ductile-to-brittle transition promoted by the heterogeneous-to-

homogeneous dislocation nucleation with increasing twin densities, is totally opposite to the 

change from brittle fracture to ductile plasticity reported so far in nanotwinned ultrafine-grained 

Cu materials
88

, and recent experiments on single-crystalline Cu nanopillars and nanowires with 

ultrathin twins
83,208

. The ultrafine-grained Cu containing nanotwins exhibits increasing softening 

and ductility with decreasing 41,88
, because deformation mediated by GBs are typically 

responsible for a transition from brittle fracture to extended ductility with decreasing 41
. Recent 

experiments on nanotwinned Cu nanopillars without GBs
208

 have shown a brittle-to-ductile 

transition in samples loaded perpendicularly to TBs, as the TB spacing decreases below a critical 

value (~3 - 4 nm), in which the deformation was found to be dominated by the heterogeneous 

nucleation of dislocations from the intersections of TBs with the free surface. The brittle-to-

ductile transition resulted from such heterogeneous nucleation of dislocations from the 

TBs/surface intersections, and shear band formation propagating across the samples
208

. 

This distinctive behavior can possibly be understood by considering three factors. First, 

the stacking-fault energy curve being different between metals
209

, the stresses required to 

nucleate new dislocations from both heterogeneous and homogeneous nucleation is 2-3 times 

larger in Cu than Au
101

. However, the tensile strength previously measured in 50-nm 
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nanotwinned Cu nanopillars (1.35 GPa)
208

 is twice as small as that of our ultra-twinned Au at a 

comparable twin size ( = 1.4 nm), which is indicative that the deformation mechanisms in Cu 

nanopillars with ultrathin twins are not related to homogeneous dislocation nucleation like Au 

nanowires with UDTs. Second, the diameter of Au nanowires in this study is the smallest ever 

reported in the literature for metallic nanowires with UDTs. Past theoretical studies have shown 

that TBs exert a repulsive force on gliding dislocations due to image effects across the 

interface
106,139

. Such repulsive force increases linearly with 1/, and the slope of this linear 

relationship was found to double with decreasing nanowire diameter from 25 nm to 8 nm
103,139

. 

Brittle-like fracture may therefore occur in ultra-twinned Au nanowires with  ≤ 2.8 nm because 

the theoretical strength limit is likely more rapidly attained than in larger nanowires. This 

assumption is also supported by the fact that only softening due to heterogeneous dislocation 

nucleation from the TB-surface intersection was found in larger Cu nanopillars with ultrathin 

twins
208

. Third, the ideal strength limit in a metal has been shown to be dictated by instabilities in 

the acoustic phonon spectra
80

. In semiconductor crystalline nanowires, phonon spectra and 

vibrational behavior can be markedly influenced by the type of surface facets, such as {111} 

microfacets
75

. Furthermore, past atomistic studies in circular metallic nanowires have shown that 

the TB-surface intersections may have the largest atom vibration and higher stress 

concentration
103,210

. In metallic nanowires, however, surface effects remain largely unexplored, 

primarily because characterizing the details of the surface structure at the atomic scale is 

extremely challenging experimentally. Nevertheless, the fact that ultra-twinned nanowires in Cu 

and Au have been synthesized by different methods suggests that these nanowires may have 

different surface structures and, therefore, different mechanical behavior with increasing twin 

density. 
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5.5 CONCLUSIONS 

In conclusion, direct quantitative measurements on individual, ultrathin Au nanowires with 

UDTs by in-situ tensile testing are conducted inside a TEM. We found that Au nanowires 

containing angstrom-scaled twins (0.7 nm in thickness) exhibit tensile strengths up to 3.12 GPa, 

near the ideal limit, with a remarkable ductile-to-brittle transition with decreasing twin size, 

opposite to the behavior of metallic nanowires with lower-density twins reported so far. 

Ultrahigh-density twins (twin thickness < 2.8 nm) are shown to give rise to homogeneous 

dislocation nucleation and plastic shear localization, contrasting with the heterogeneous slip 

mechanism observed in single-crystalline or low-density-twinned nanowires. The twin-size 

dependent dislocation nucleation and deformation represent a new type of size effect distinct 

from the sample size effects described previously. These findings shed lights on a new regime of 

fracture in metallic nanowires, and its physical mechanism, which can be controlled by 

modulating twin densities and therefore represents a new type of size effect distinct from sample 

size effects described previously. Furthermore, the conclusions of this study demonstrate the 

possibility of fabricating gold nanostructures with a desirable combination of ultrahigh strength 

and some ductility through optimization of the twin structure, which is of technological 

importance for micro-devices subjected to extreme stresses. 
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6.0  IN SITU ATOMIC-SCALE OBSERVATION OF DEFORMATION TWINNING 

DOMINATED PLASTICITY IN TUNGSTEN NANOCRYSTALS 

Twinning is a fundamental mode of plastic deformation that competes against dislocation slip in 

crystalline solids
86,110,112,211

. In metallic nanocrystals, plastic deformation requires higher stresses 

than needed in their bulk counterparts, known as "smaller is stronger"
19,37,212,213

. Such high 

stresses are thought to favor twinning over dislocation slip. Indeed, deformation twinning has 

been well-documented in FCC nanocrystals
107,112,130,197,214,215

. However, it remains unexplored in 

BCC metallic nanostructures. By using in situ high-resolution transmission electron microscopy 

and atomistic simulations, here it finds that twinning is the dominant mode of plastic 

deformation in BCC tungsten nanocrystals. Such deformation twinning is pseudoelastic
145,216,217

, 

manifested as reversible detwinning during unloading. Moreover, the competition between 

twinning and dislocation slip can be mediated by loading orientation, an effect attributed to the 

defect growth controlled plasticity in BCC nanocrystals. This work directly reveals the 

deformation twinning phenomenon and provides crucial insight into plasticity mechanisms in 

BCC nanocrystals. 
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6.1 INTRODUCTION 

The past decade has witnessed a dramatic increase in the study of mechanical properties and 

deformation mechanisms in metallic nanostructures
19,20,112,212

. Among those works, one 

prominent approach is to conduct the in situ mechanical testing of nanostructures
37,44,184,218

. 

These real-time experiments have revealed a wealth of novel deformation behaviors and size 

effects in small-volume nanocrystals, including dislocation starvation
68

, mechanical annealing
44

, 

surface dislocation nucleation controlled yielding
43,184

, and transition from dislocation to 

twinning dominated plasticity
107,130,197, etc. However, the majority of those results are obtained 

for FCC nanocrystals. Given the widespread use of bulk BCC metals, BCC nanocrystals are 

expected to play significant roles in future nanotechnologies. Hence it is natural to ask to what 

degree those phenomena and size effects still hold in BCC nanocrystals.  

One fundamental question on deforming nanocrystals is to twin or not to twin
214,215,219

. In 

bulk crystals, deformation twinning usually occurs under high strain rates or low 

temperatures
110,119

. In metallic nanostructures, plastic deformation requires higher stresses than 

needed in their bulk counterparts, owing to the starvation of plastic carriers in small crystal 

volumes with large surface areas. Such high stresses are thought to favor twinning even at room 

temperature and low strain rates, which can critically affect the strength and ductility of metallic 

nanocrystals
107,136

. Recently, both in situ and ex situ nanomechanical experiments have revealed 

the deformation twinning behaviors in FCC nanocrystals, including Au nanowhiskers
197

 and Cu 

single crystalline nanowires
130

. In contrast, the mechanical testing of small-volume BCC crystals 

only reported the dislocation mediated plasticity, for example, in single crystalline W, Mo, Ta, 

Nb, V, Fe nanowires or nanopillars
220-222

, Mo alloy nanofibers
70

, and Mo nanopillars
134

. Other 
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mechanical testing of BCC micro- and nano-pillars without TEM analysis of pre- and post-

existing dislocations also attributed plastic deformation to the dislocation-mediated 

processes
26,223

. The lack of observed deformation twinning in BCC nanocrystals is unexpected. 

In bulk BCC metals, ambient-temperature plasticity is usually controlled by screw dislocations 

that have high lattice resistance and low mobility
40,132,224,225

. In plastically deforming BCC 

nanocrystals, on one hand, the large surface area tends to destabilize dislocation sources, and on 

the other hand, the sluggish movement of screw dislocations can be insufficient to accommodate 

applied loads. As a result, twinning is expected to operate and even become a dominant 

deformation mechanism.  

To understand the competition between dislocation slip and twinning in small scale BCC 

metals, here we investigate the deformation behavior of BCC tungsten (W) nanocrystals using in 

situ mechanical testing under high-resolution TEM (HRTEM). A unique in situ welding process 

to fabricate the BCC W nanowires has been developed. This method overcomes the difficulties 

in synthesizing the sub-100 nm and clean BCC samples without preexisting defects, in contrast 

to the commonly used sample preparation method by focused ion beam cutting that tends to 

create the feature size larger than ~100 nm and surface damages
44,68,134

. With in situ fabricated 

samples, it demonstrates that at room temperature and low strain rates, deformation twinning is 

the dominant mode of plastic deformation in W nanocrystals. Such mechanical twinning is 

shown to be pseudoelastic, since the twin band can be reversibly eliminated during unloading. It 

is also found find that the loading orientation can mediate the competition between twinning and 

dislocation slip. Atomistic simulations are performed to provide insights into the twinning 

dominated plasticity in BCC nanocrystals. 

 



 92 

6.2 EXPERIMENTAL PROCEDURES 

The single and bi-crystal W nanowires were fabricated directly inside TEM using in situ welding 

process discussed in Chapter 3.1.2. The bi-nanocrystals with a grain boundary were created due 

to the orientation difference between W probe and the nanotooth. Samples with different loading 

geometries, such as <110> and <112>, were created for the in-situ tension and compression 

experiments to study the orientation-dependent deformation. All the nanomechanical testing of 

W nanowires were conducted under room temperature and at the strain rate of 10
-3

 s
-1

. For the 

observation of deformation twinning, the W nanowires were tilted into [110] zone axis, while 

[112] zone axis were used for the observation of dislocations. MD simulations were further 

conducted to reveal the mechanism of reversible deformation twinning and the loading 

orientation dependent plasticity in W nanowires. MD simulation method can be found in 

Appendix B.3. 

6.3 EXPERIMENTAL RESULTS 

6.3.1 Deformation twinning in W nanowires 

Figure 6.1 shows the in situ observation of uniaxial compression of a nanoscale W bi-crystal at 

room temperature. The bi-crystal nanowire sample is prepared by the in situ welding of two 

nano-sized W single crystals. This sample contains a large single crystal whose ]101[


direction is 

aligned with the overall axial direction of the bi-crystal nanowire.  Hence, the applied axial load  
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Figure 6.1 Deformation twinning in a W nanocrystal under ]101[


 compression. (a-c) Sequential 

images showing deformation twinning in a W nano bi-crystal (15 nm in diameter) at room 

temperature under a strain rate of 10
-3

 s
-1

, which is loaded along ]101[


 and viewed along [110]. 

(d-e) The Fast-Fourier transformed (FFT) pattern of the pristine W nanocrystal and the 

deformation twin. (f) An enlarged image of the deformation twin. (g) A MD snapshot and zoom-

in image showing the nucleation of a deformation twin embryo in a W single crystal nanowire. 

(h) Schematic of the lateral and vertical growth modes of a twin band. (i-j) MD snapshots 

showing the lateral and vertical twin growth. (k) The nucleation and growth of a deformation 

twin in a W bi-crystal nanowire. The crystal orientation is same as the orientation of Figure 6.3. 
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Figure 6.2 The inter-planar spacing evolution of the )101(


 plane under compressive loading. 

The strain, and hence stress, of twin nucleation is estimated by measuring the inter-planar 

spacing of the )101(


planes. (a-b) The inter-planar spacing of the )101(


plane decreases gradually 

as the elastic compressive strain increases. At an elastic strain of 4.9 %, the W bi-nanocrystal 

yields suddenly via the emission of a deformation twin. The Young’s modulus of W along 110 

direction is 389 GPa (See Appendix A), thus the estimated yield strength is about 19.2 GPs. 

Considering that the deformation twin is formed via slip on the )121](111[


 twin system and the 

Schmid factor is 0.47, the resolved shear stress for the twin nucleation is estimated to be 9 GPa. 

(c) After the nucleation of the deformation twin, the compressive strain is released to about 

1.3%. 
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is effectively along the ]101[


 direction of the large single crystal. The viewing direction is along 

the transverse [110] direction (Figure 6.1a). Upon compressive loading, the large ]101[


oriented 

W nanocrystal initially undergoes elastic deformation. As the lattice strain accumulates to ~ 

4.9% (Figure 6.2b), a small twin embryo nucleates from the intersection between the grain 

boundary (GB) and free surface, and grows to transverse through the nanocrystal under continual 

loading (Figure 6.1b). Figure 6.1d-f confirms that the observed shear band in the ]101[


 oriented 

crystal is indeed a twin band with the active twinning system of )121](111[


, as evidenced by the 

Fast Fourier Transform (FFT) pattern and a zoom-in image. The resolved shear stress on the 

)121(


 plane for twin nucleation is about 9 GPa (Figure 6.2). After formation of a complete twin 

band, the lattice strain is released to about 1.3% (Figure 6.2c). A further increase of the applied 

strain causes thickening of the twin band, thus producing an increased amount of plasticity 

(Figure 6.1c). Moreover, the deformation twins are also observed under other loading 

orientations, such as 100 tension and 111 compression (Figure 6.4). 

To understand the twinning mechanism of W nanocrystals, MD simulations are 

performed for both single and bi-crystal W nanowires (Figure 6.1g-k). In the ]101[


-oriented 

single crystal, a twin embryo nucleates from the surface (Figure 6.1g) and grows laterally to 

penetrate the whole nanowire (Figure 6.1h-i). Then, the twin band thickens through layer-by-

layer vertical growth at the twin boundary via 1/6111 twinning dislocations nucleated on 

adjacent {112} planes (Figure 6.1j). The resolved shear stress on )121(


 plane for twin nucleation 

obtained from the simulations is 8 GPa, in reasonable agreement with experiment. The bi-crystal 

nanowire exhibits twin nucleation and  growth from the  GB/surface intersection  (Figure  6.1k),  
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Figure 6.3 Nucleation of deformation twins at the GB/surface intersections in a W bi-

nanocrystal under compression. (a) The orientation relationship between the two grains in the W 

bi-nanocrystal. The upper grain is loaded along ]111[


 while the lower grain is ]101[


. (b-c) Under 

compression, deformation twins are observed to nucleate from both the GB and the GB/surface 

intersection. (d-e) The deformation twin grows layer-by-layer both inside one of the grains in 

one location and into both of the grains of W bi-nanocrystal in another.  

 

 

 

 

Figure 6.4 Orientation-dependent deformation twinning in W nanocrystals. (a) Deformation 

twinning under [100] tension. (b) Deformation twinning under ]111[


 compression.  
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which penetrates into both crystals, similar to the observations in some of our experiments 

(Figure 6.3). The behavior and morphology of deformation twinning depend significantly on the 

nucleation site, the geometry, and most notably the diameter of the nanowires. First, for W 

nanowires with thicknesses around 1-2 nm, the twin can penetrate the whole cross-section of the 

nanowire when nucleates with layer-by-layer growth occurring after nucleation. However, when 

the W nanowires are several nanometers in diameter, the twin thickens after nucleation, during 

propagation (Figure 6.1g-j). Second, the nucleation and growth of the twin is affected by the 

nucleation site and nanowire geometry, indicated by the different nucleation behaviors between 

single crystal and bi-crystal. For the bi-crystal, the twin nucleates from the GB/surface 

intersection and only has to propagate through a small fraction of the thickness, and thus only 

single twinning dislocations are observed. In this case, the twin is not observed to thicken prior 

to the twinning dislocation passing through the crystal (Figure 6.1k). In the single crystal (Figure 

6.1g-j), however, the twin must nucleate from the surface and must penetrate the whole diameter 

which allows for the observation of multiple twinning dislocations (i.e. thickening prior to 

complete propagation). These MD simulation results compare favorably with our experimental 

observations, which suggest that the twinning mechanism in W nanocrystal changes from pole 

mechanisms typically used to explain twinning in the bulk
110,226

 to surface or GB nucleated 

twining dislocations at the nanoscale (Figure 6.1 and 6.3).  

6.3.2 Pseudoelastic behavior of deformation twinning in W nanowires 

Deformation twinning in W nanocrystals is found to be pseudoelastic, manifested as reversible 

detwinning during unloading. That is, during compressive loading, the W nanocrystal 

experiences large plastic deformation via deformation twinning (Figure 6.5a-b,f-g), the thickness  
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Figure 6.5 Reversible deformation twinning and detwinning processes in a W nano bi-crystal 

under ]101[


 cyclic loading. (a) A pristine W nano bi-crystal nanowire with the diameter 14.7 nm 

as viewed along ]110[  and loaded along ]101[


. (b, g) Under compression, the deformation twin 

nucleates and grows to about 4 nm. (c, h) A layer-by-layer detwinning process occurs when the 

loading is reversed (also see Supplementary Movie 3). (d, i) After complete detwinning, the W 

nanocrystal recovers its original shape. (e) A deformation twin nucleates at the same place in 

subsequent deformation cycles. (f) The FFT pattern of the deformation twin. (j) Stress versus 

strain curve during compressive loading and unloading, showing the pseudoelastic response. The 

stress is estimated based on the lattice strain, while the compression strain is measured from the 

change of nanowire length. (k) MD snapshots, showing the twinning and detwinning process 

similar to TEM observations. 
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of which is about 4 nm just before the unloading (Figure 6.5g). However, when the loading is 

reversed plastic deformation mainly occurs at the twin boundary via layer-by-layer detwinning 

(Figure 6.5c,h). The detwinning process occurs in the same fashion as the twinning process 

through the nucleation and propagation of twinning dislocations, which decreases the twin 

thickness and returns the nanocrystal to its original shape with no apparent defects finally (Figure 

6.5d,i). Pseudoelasticity is also manifested in the stress-strain curve which shows the recovery of 

initially zero stress and strain values after a loading-unloading cycle (Figure 6.5j). During 

multiple loading/unloading cycles, the deformation twin is always observed to nucleate at the 

same location (Figure 6.5e). The pseudoelastic twinning is also observed in the MD simulations. 

Figure 6.5k shows the MD snapshots of a detwinning process during unloading, which occurs 

layer-by-layer at the twin boundary via 1/6111 dislocations nucleated on adjacent {112} 

planes, consistent with TEM observation.  

 

6.3.3 Loading orientation dependent deformation in W nanowires 

The deformation twinning dominates for several other loading orientations tested, including 

<110> compression, 100 tension and 111 compression (Figure 6.1, 6.3 and 6.4). However, the 

dislocation slip prevails under 112 loading, for both tension and compression. Figure 6.6  and 

6.7 shows the dislocation-mediated plastic deformation of a W nanocrystal under [112] 

compression and tension, respectively. Since the deformation of W nanocrystals under under 

[112] compression and tension are similar, here it will focus on the deformation under [112] 

compression. At the beginning, the W nanocrystal is nearly pristine with no observable 

dislocations (Figure 6.6a). Under the compressive loading, dislocations are observed to nucleate  



 100 

 

Figure 6.6 Dislocation dynamics inside a W nanocrystal under [112] compression. (a-c) 

Sequential images showing the deformation of a W nanocrystal under [112] compression, as 

viewed along ]111[


; exhibiting dislocation nucleation and the formation of a shear band. The 

dislocations are marked by an upside-down “T”. (d) The Burgers vector shows the dislocation 

nucleated from side surface is a 1/2111-type mixed dislocation. (e-f) Sequential images 

showing the nucleation and dynamics of a dislocation dipole under [112] compression. (g) The 

statistical dislocation density evolution with the compressive strain. 
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Figure 6.7 Dislocation dominated plastic deformation in a W nanocrystal under [112] tension. 

(a) Some dislocations exist in the pristine W nanocrystal. (b-c) Under tension loading, more 

dislocations are observed to nucleate simultaneously from multiple-sources.  

 

 

 

simultaneously from multiple sources with the estimated nucleation stress of ~ 7.2 GPa on the 

(101)  slip planes (Figure  6.6a-b). Most of the dislocations appear to nucleate as dipoles (Figure 

6.6), which are likely the surface-nucleated half loops on {110} planes. It is worth noting that in 

most of these dipoles the two dislocations lie on the same slip plane, though some occur on 

adjacent slip planes (Figure 6.6 and 6.7). Dislocations in the dipoles are mobile, resulting in the 

expansion of those dipoles on the (101) slip planes after nucleation (Figure 6.6e-f). Further 

deformation results in the formation and thickening of a shear band along the (101) plane within 

which the dislocation density is as high as ~2×10
16

 m
-2

, thus generating large local plastic strain 

(Figure 6.6c,g). Here it is noted that it has been notoriously difficult to determine the operative 

dislocation slip plane in BCC metals and the commonly used visual inspection of surface slip 

traces often caused confusions as to the {110} versus {112} slip
218,227

. In contrast, in situ 

HRTEM experiments conducted in current research enable a direct unambiguous determination 
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of the active slip plane in BCC W nanocrystals, i.e., a specific {110} plane depending on the 

loading orientation. 

6.4 DISCUSSION 

To understand the competition between deformation twinning and dislocation slip, atomistic 

studies are performed for W single crystals under 112 loading. In the direct MD simulations, 

either tension or compression, it is found that the plastic deformation is dominated by dislocation 

activities, including dislocation nucleation from the surface, glide inside the nanocrystal and 

entanglement with each other; some dislocations eventually escape from other parts of the 

surface under continual loading. The active dislocation behaviors in these MD simulations are 

consistent with the experimental observations. However, one might still be puzzled as to why 

dislocation slip is the active mode of plastic deformation under 112 loading, while twinning 

prevails for other loading orientations tested, including 110, 100, and 111.      

To further study the twin and dislocation competition, it is noted that in FCC 

nanocrystals, the intrinsic lattice resistance is so low that the surface nucleated defects such as 

dislocations or twins can easily penetrate into the nanocrystal. As a result, plasticity in FCC 

nanocrystals is usually controlled by surface nucleation
20,43,184

. In contrast, in BCC nanocrystals, 

a surface nucleated defect experiences the intrinsically large lattice resistance as it grows into the 

nanocrystal. As a result, plasticity in BCC nanocrystals can be controlled by defect growth or 

migration rather than surface nucleation. In other words, even if a surface defect such as a twin 

embryo has been initiated at some favorable surface sites, its growth, including both the lateral and 
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Figure 6.8 Atomistic simulations of competition between twinning and dislocation slip in W 

under [112] loading. (a) Nucleation and expansion of a dislocation loop from the edge of a pre-

embedded twin embryo, whose edge is predominantly perpendicular to the twinning direction 

(pink arrow). (b) Similar to (a), except that the dominant edge of the twin embryo is parallel to 

the twinning direction. In both cases, the growth of the twin embryo is suppressed due to the 

competing nucleation of a dislocation that accommodates the load and results in shrinkage of the 

twin embryo. 

 

 

Figure 6.9 Atomistic simulations on the growth of twin embryo in W under ]101[


 loading. (a-c) 

The growth of a twin embryo with an edge-dominant front. (d-f) The growth of a twin embryo 

with a screw-dominant front. In both cases, twin embryo grows to form a twin plate across the 

pillar, as shown in (g). 
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Table 6.1 Largest Schmid factors on the dislocation slip and deformation twinning systems for 

the four loading orientations tested in BCC W 

Loading 

orientation 

Dislocation Twinning Dominant 

mechanism in 

experiment Slip system Schmi factor Twin system 
Schmid 

factor 

]101[


 )011](111[


 0.4082 )121](111[


 0.4714 Twinning 

]112[  )101](111[


 0.4082 )211](111[


 0.3928 Dislocation slip 

]100[  )011](111[


 0.4082 )112](111[


 0.4714 Twinning 

]111[


 )011](111[


 0.2722 )121](111[


 0.3143 Twinning 

 

 

 

vertical mode as schematically shown in Figure 6.1h, still has to compete with and even be 

overridden by other modes of defect nucleation and growth. To explore the defect growth limited 

plastic deformation, a twin embryo is created near the surface of a [112]-loaded W nanocrystal 

(Figure 6.8a). This embryo belongs to the twinning system of )211](111[


 , which is subjected to 

the largest resolved shear stress among all possible twinning systems under [112] compression 

(Figure 6.4c). During MD simulations under various applied stresses, the nucleation of 

individual dislocation loops near the twin embryo is always observed, rather than the growth of 

the twin itself. Similar dislocation-dominated responses are observed when a twin embryo is 

created at other surface locations (e.g., Figure 6.8b). These results demonstrate that the 

expansion of the twin embryo can be limited by its lateral growth under [112] compression. In 

contrast, for other loading orientations studied, the twin embryo created at the surface always 

grows to form a complete twin band and then thickens through layer-by-layer migration of twin 

boundary, as seen during ]101[


compression (Figure 6.9). These atomistic studies clearly 

demonstrate that the surface nucleated twin embryos cannot continue to grow during <112> 
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compression, thereby highlighting the growth controlled defect process in BCC nanocrystals 

owing to the intrinsically high lattice resistances. These MD results also reinforce the notion of 

twinning-dominated plasticity in BCC W nanocrystals, except for 112 loading.  

Further insights into the competition between deformation twinning and dislocation slip 

are gained by analysis of the resolved shear stress on the respective twin and slip systems. 

Currently, there is a lack of established criteria for selecting the active mode of deformation 

twinning or dislocation slip in BCC metals. However, one expects that the resolved shear stress 

should play an important role. Table 6.1 lists the largest Schmid factors of twinning and 

dislocation slip for each of the four loading orientations tested. Under 110 , 100  and 111  

axial loadings, the corresponding Schmid factors of twinning are larger by a finite margin than 

those of dislocation slip. This is consistent with the observed twinning dominated plasticity in 

experiments. However, for 112  axial loading, the Schmid factors of twinning and dislocation 

slip are very close, which implies the similar resolved shear stresses to drive twin growth and 

dislocation glide. In this case, the above atomistic simulations shown in Figure 6.8 suggest that 

the active mode of dislocation shear is favored possibly due to the difficulty of lateral growth of 

the twin embryo. Nevertheless, a mechanistically-based, quantitative criterion for selecting the 

deformation twinning versus dislocation slip warrants further research in future.  

Finally, we note that in addition to gaining new insight into deformation mechanisms, the 

in situ welding technique developed in this work provides a relatively simple means of sample 

preparation to facilitate the in situ atomic-scale mechanical testing of nanostructures without 

surface damage. Our study also demonstrates the advantage of in situ HRTEM deformation 

experiments that allows the unambiguous determination of active systems of dislocation slip and 

twinning, which has been a challenge for BCC crystals. 
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6.5 CONCLUSIONS 

In conclusion, the combined in situ TEM experiments and atomistic simulations have revealed 

that deformation twinning is the dominant deformation mode in BCC W nanocrystals at room 

temperature and low strain rates, when loaded along 100, 110 and 111 directions. Under 

cyclic loads, deformation twinning is pseudoelastic and such a unique nanoscale deformation 

behavior could enable large actuation, energy storage and mechanical damping in micro/nano-

devices. However, in situ TEM experiments also reveal the prevalent dislocation activities for 

112 loading. The loading orientation effect is attributed to the defect growth controlled 

plasticity in small-scale BCC nanocrystals with high lattice resistances, which contrasts with the 

nucleation controlled plasticity in FCC counterparts. Broadly, our work demonstrates that the 

combined in situ HRTEM nanomechanical testing and atomistic modeling enable a deeper 

understanding of the fundamental deformation mechanisms in nanomaterials, and such integrated 

research may ultimately enable the design of nanostructured materials to realize their latent 

mechanical strength to the full. 
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7.0  CRYSTAL STRUCTURES ON THE DEFORMATION OF SMALL VOLUME 

FCC AND BCC METALS 

In Chapters 4-6, the deformation mechanisms of FCC and BCC metals have been discussed. In 

this chapter, the commonalities and differences between FCC and BCC metals deforming at 

small length scale will be further explored, in both dislocation nucleation and deformation 

twinning. For both BCC and FCC nanocrystals, the deformation twinning can serve as the 

dominated plastic deformation mode under room temperature and low strain rates; while 

differences between BCC and FCC nanocrystals are observed in the twinning growth and 

dislocation nucleation modes, due to their distinct dislocation-core structures and intrinsic lattice 

resistances. The discussions presented in this chapter are helpful for understanding the differing 

size dependent strengthening in FCC and BCC nanopillars.  

7.1 INTRODUCTION 

It is well known that the deformation behavior of FCC and BCC metals can differ 

substantially
20,85

. In FCC metals, the dislocations have planar cores and thus have high mobility. 

The plasticity of bulk FCC metals with moderate to high stacking fault energies
214

 is governed 

by dislocations-obstacle interactions. In FCC metals with ultra-low stacking fault energies, 

twinning can serve as the dominant deformation mechanism at room temperature (RT)
110

. In 
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BCC metals, however, screw dislocations have a non-planar core structure and experience a high 

lattice resistance
20,132

. Consequently, the plasticity of bulk BCC metals is strongly temperature 

and strain rate dependent
85

. At RT and moderate strain rates, plasticity of bulk BCC metals is 

controlled by the motion of screw dislocations
85,118,134,135,228

. At high strain rates or liquid 

nitrogen temperatures
110,113,119,136

, the stress required to move screw dislocation increases 

significantly, allowing twinning to become a competing deformation mechanism
113

. Given these 

differences at macroscopic scales, it is interesting to consider what might happen as the sample 

dimensions are decreased down to the nanoscale. 

Based on the results presented in this dissertation and reported in literature, the 

differences between FCC and BCC metals deforming at small length-scale will be explored and 

discussed in this chapter.   

7.2 DISCUSSION 

It is worthwhile to note several important commonalities and differences in the plastic 

deformation in FCC and BCC nanocrystals. First, the competition between deformation twinning 

and dislocation slip occurs in both FCC and BCC nanocrystals, and mechanical twinning can 

become the dominant plastic deformation mode at room temperature and low strain rates in both 

of them. As reviewed in Chapter 2, the deformation twinning in FCC nanocrystals has been well 

documented in literature
107,112,130,197

. However, it is largely unexplored in BCC metals due to the 

difficulties in the synthesis of BCC nanosized sample. The results shown in this dissertation 

provide the first direct experimental evidence of the twinning dominated plasticity in BCC W 

nanocrystals at room temperature and low strain rates. The physical origin of twinning 
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dominance in nanoscale FCC and BCC metals can be attributed to the prevalent high stresses 

required for the plastic deformation at small length scale, i.e. “smaller is stronger”. Such high 

stresses favor the twinning shear over the dislocation slip.  

  However, the twin growth in BCC metallic nanocrystals is different from that in the 

nanosized FCC metals. The deformation twinning in FCC metallic nanowires, such as Au, are 

strongly affected by the loading orientation, i.e. the Schmid factor. For a given loading direction, 

deformation twinning can be formed by the successive nucleation of leading partial dislocation 

on the adjacent slip planes, if the Schmid factor of trailing partial is lower than the leading ones
20

; 

otherwise, the trailing partial will nucleate on the same slip plane and remove the slip trace of 

leading partial to form a full-slip. Thus, the minimum stable deformation twinning in FCC metals 

has two-layers in thickness
137

. Whereas, the Schmid law on deformation twinning breaks down 

in BCC metals due to the non-planar dislocation core
229

 and no stacking fault in BCC metals. 

Although the nucleation of deformation twinning in BCC metals also conducts in the manner of 

layer-by-layer growth on the adjacent twinning plane, a critical thickness is required for a stable 

twin embryo. For example, in bcc Mo and W
137,145

, the twin embryo with two-layers is 

metastable, while the twin embryos with three- and four-layers are unstable. Steady growth of 

twin occurs only when the twin embryo achieves five-layers. As a result, the initial growth of 

deformation twin in BCC metals needs to overcome a relatively large lattice resistance, unlike 

the FCC metals. The atomistic simulations presented in Chapter 6 also demonstrate that the 

growth and propagation of twin embryos in BCC metals are strongly limited by their lateral 

growth, while the vertical growth of twin is relatively easy, because the latter growth mode 

involves the glide of twin interface dislocations with low energy barriers
137

. As a result, 

dislocation slip can dominate over twinning for certain loading conditions, such as 112 tension 
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and compression in W nanocrystals. However, such orientation-dependent deformation mode in 

BCC metals remains unclear. A mechanistically-based, quantitative criterion for selecting the 

twinning versus dislocation slip warrants further research in the future. 

  Second, the dislocation starvation is typical in FCC nanocrystals (such as Cu)
68

, but not 

observed in the BCC W nanocrystals, even the smaller crystal size studied here. In the 

deformation of FCC nanocrystals, dislocation will be exhausted during deformation, leading to 

the dislocation starvation, and as a result, the nucleation of new dislocations is required for the 

further deformation, which will be controlled by the dislocation sources
45,69

. On the contrary, in 

BCC nanocrystals under 112 loading, numerous nucleation events can occur nearly 

simultaneously, and a gradual increase in dislocation density occurs during continual loading, in 

different from the single nucleation process observed in FCC metals (See Chapter 4). Such 

difference can be attributed to the intrinsically high versus low lattice resistances of dislocations 

in BCC versus FCC metals. Moreover, in nanosized BCC metals, the self-multiplication can 

conduct during the propagation of those surface nucleated dislocations
40

. As a result, the 

dislocation density in small-volume BCC metals will continually increase under the combined 

effect of multiple-sources nucleation and self-multiplication, which avoids the dislocation 

starvation. Those differences may play a role in the observed different strengthening trends in 

small scale FCC and BCC single crystals when dislocations serves as the dominant mechanisms 

of plastic deformation
40,71

. Also, the surface structure may affect the different dislocation 

nucleation behaviors, and the future studies are needed in understanding the surface structure. 

  Third, deformation twinning can be pesudoelastic in elemental BCC nanocrystals during 

loading and unloading, as shown in the results in Chapter 6. In contrast, while the deformation-

induced twinning has been experimentally observed in FCC nanowires
107

, the detwinning and 
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resultant pesudoelasticity has not been reported to date. It is of interest to note that the 

pesudoelastic deformation has been recently measured for the nanoscale shape memory alloys
216

 

and ceramics
217

. Pseudoelasticity could allow for reversible inelastic deformation, 

superelasticity, large actuation, energy storage and mechanical damping in micro/nano-

devices
145,216,217

.  

7.3 CONCLUSIONS 

In conclusion, the commonalities and differences in FCC and BCC nanocrystals deforming at 

nanoscale are discussed in this chapter, in both dislocation and deformation twinning. 

Deformation twinning can serve as the main plastic deformation mode at room temperature and 

low strain rates in both nanosized BCC and FCC metals. But, the dislocation nucleation modes 

and twinning growth mechanisms in BCC and FCC nanocrystals are distinct, contributing to the 

observed differing size-dependent strengthening in small-volume FCC and BCC single crystals. 
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8.0  SUMMARY AND CONCLUSIONS 

The main objective of this dissertation is to understanding the relationships between structure-

mechanical properties-deformation mechanisms in small volume crystals. FCC and BCC 

metallic nanowires were used as the model materials for this project, and in situ nanomechanical 

testing under HRTEM was employed to reveal the atomic-scale dynamic processes during the 

deformation of those FCC and BCC metallic nanowires.  

It was discovered that the surface-nucleated dislocations can strongly interact inside the 

confined volume of Au nanowires. Those dislocation interactions can lead to a new type of 

dislocation-originated SFT via an intersection and cross-slip process, in distinct to the widely 

believed vacancy-originated SFT. Such formation mechanism of SFT is applicable to a broad 

class of FCC metals and alloys. Moreover, the dynamic processes of this deformation-induced 

dislocation-originated SFT can conduct in a manner that is not expected in the bulk samples, 

which serves as an important deformation mode in controlling the plasticity and strain hardening 

at nanoscale. This result advances the knowledge about the 3D volume defects in FCC metals 

and alloys.   

Microstructure strongly affects the mechanical properties, deformation mechanisms and 

plasticity of materials. By introducing the coherent twin boundaries into Au nanowires, the 

strength of those Au nanowires can be improved significantly. Quantitative measurements show 

that Au nanowires containing angstrom-scaled twins (0.7 nm in thickness) exhibit tensile 
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strengths up to 3.12 GPa, close to the ideal strength limit of perfect Au crystals. However, 

approaching such nanotwin size limit gives rise to a remarkable ductile-to-brittle transition that is 

governed by the heterogeneous-to-homogeneous dislocation nucleation transition in Au 

nanowires, profoundly contrasting with the behavior of metallic nanowires with lower-density 

twins reported so far. Such twin-size dependent deformation is a new type of size effect in 

different from the crystal size effect described previously. This result is of fundamental and 

technological importance for future design and fabrication of ultra-strength materials.  

Twinning is a fundamental deformation mode that competes against dislocation slip in 

crystals. In bulk BCC metals, the deformation twinning only occurs under high strain rate and/or 

low temperature, under which higher stress are required for the plastic deformation. However, as 

the crystal size decreased down to the nanoscale, deformation twinning can serve as the 

dominant deformation mode in BCC-tungsten nanocrystals at room temperature and low strain 

rate. The deformation twinning in BCC metals shows a pseudoelastic behavior under cyclic 

loading, which enables mechanical damping in nanodevices. A competition between twinning 

and dislocation slip is observed in W nanocrystals when the loading orientations are changed, 

which is controlled by the defect growth controlled plasticity in BCC materials deformed at 

small length scale.  

Based on the results presented in this dissertation, the effects of crystal structure on the 

deformation of small volume materials were further explored. Several important commonalities 

and differences in FCC and BCC nanocrystals deforming at nanoscale were further proposed, in 

both dislocation and deformation twinning. As the crystal size decreases, deformation twinning 

can become the main plastic deformation mode in both BCC and FCC nanocrystals at room 

temperature and low strain rates, due to the higher stress required for the dislocation activities at 
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nanosclae. While BCC and FCC nanocrystals are different in both the twinning growth and 

dislocation nucleation modes, due to their distinct dislocation-core structure and intrinsic lattice 

resistance. Those differences may contribute to the observed differing strengthening trends in 

small scale FCC and BCC single crystals.  

The results from this dissertation advance our fundamental understanding of plastic 

deformation in a broad class of metals and alloys, and are of technological importance for 

degradation control and future design of ultra-strength nanomaterials. 
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9.0  OUTLOOK 

The results presented this dissertation were mainly focused on the real-time structure evolutions 

and deformation mechanisms in small-volume metals under mechanical loading. However, the 

recent development of micron/nano electro-mechanical systems (MEMS/NEMS) and portable 

electronics requires to reveal the materials’ responses under the coupling effect of mechanical 

and electronic damage, which is critically important for the development of high performance 

materials in real applications. Here, some examples will be used to show the current research and 

future directions in the related fields.  

Lithium-ion batteries are one of the most important parts that could revolutionize portable 

electronics and will be key to electrifying transport vehicles and delivering renewable electricity. 

However, the large volume changes upon lithium insertion and extraction will lead to the 

capacity fading and cycability loss. Understanding the atomic-scale structural evolution during 

the electrochemical reactions in solid-state electrodes is critically important to the development 

of high-performance Li-ion batteries. In the past few years, we have successfully developed 

several experimental setups for the in situ studies on the structure changes during the 

electrochemical processes in lithium and sodium ions batteries
17,30,31,230-235

. In a typical 

experiment, a nano-battery was constructed in the half-cell configuration, as shown in Figure 9.1. 

The working electrode was a uniform a-Si layer (yellow) coated on an individual carbon 

nanofiber (black).  A Li metal on a W probe was the counter electrode,  and the native Li2O layer  
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Figure 9.1 Schematic illustration of in situ electrochemical lithiation inside a TEM.
30

 

 

 

 

Figure 9.2 Comparison of the two-phase lithiation mechanism in c-Si and a-Si. (a) A high 

resolution TEM image showing a sharp phase boundary between the reactant of c-Si and the 

product of a-LixSi. (b) A snapshot from MD simulation showing the atomic structures near the 

amorphous-crystal phase boundary. The Li concentration is locally high near the surface of c-Si 

and a group of Li atoms collectively weaken the strong Si-Si covalent bonding, thereby 

facilitating the dissolution of Si atom from c-Si surface. (c) A HR TEM image showing a sharp 

phase boundary between a-Si and a-LixSi (x ~ 2.5). (e) A snapshot from MD simulation showing 

the atomic structures near the amorphous-amorphous interface. The a-Si consists of a continuous 

random network of Si atoms. Similar to (b), the Li concentration is locally high near the surface 

of a-Si.
30
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on Li metal served as a solid-state electrolyte for Li transport. By applying a negative potential 

on the lithium side, the electrochemical lithiation can be started. This experimental setup allows 

the atomic-scale observations on the structure change during the lithiation. By using this 

experiment setup, it was discovered that the lithiation of crystal silicon (c-Si) is controlled by the 

atomic-scale ledge mechanism, which gives rise to the crystallographic orientation dependence 

of lithiation-induced swelling (Figure 9.2a-b); while the lithiation of amorphous Si (a-Si) is 

mediated by an unexpected two-phase lithiation mechanism, which is opposite to the widely 

believed single-phase lithiation in a-Si (Figure 9.2c-d). These discoveries elucidate the atomistic 

origin of morphological change and mechanical degradation in lithiated electrodes, and have 

important application in the design of novel Si-based anodes that can alleviate the lithiation-

induced failure and fracture.  

Although the modified experimental setup can be used to study the lithiation/sodiation 

behaviors of different anode materials, including nanowires, nanoparticles and thin films, they 

does not work very well in the application of studying the cathode materials, such as LiFePO4. 

The difficulties of the experiments might be due to the different kinetics, which is considerably 

affected by the factors such as experimental configuration. However, the differences are not 

understood very well at present. Future efforts are needed to reveal the structure evolution of 

cathode materials during electrochemical cycling, considering their limitations on battery 

performances. Another direction is the in situ liquid cell. Although the all-solid cell setup 

provides the advantage for the atomic-scale observation on the lithiation mechanisms, in situ 

study on the lithiation behaviors of electrodes in liquid electrolyte is necessary to simulate the 

real working conditions in batteries, which may leads to the different reaction kinetics. Some 
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progresses have been made in this direction; however, most of the results might be caused by the 

artifacts due to the exposure to electron beam. 

On the other hand, electronic pulse is frequently used in MEMS/NEMS, nanodevice, 

transistor and memristor. However, the materials responses under electronic pulse conditions are 

largely unexplored, due to the technological difficulties in combining TEM with pulse generator. 

By changing the power source of the electrochemical experimental setup into a pulse generator, 

we have developed a method to couple the in situ observation and pulse source together. By 

using this method, ultrafast cooling (higher than 10
14

 K s
-1

) can be achieved inside TEM, which 

could keep the liquid structure of pure BCC metals (such as Mo and V) down to the room 

temperature
236

. As a result, those pure metals were converted into their amorphous phase, i.e. 

monatomic metallic glasses, which solved a long-standing question in material science. By well-

controlling the applied pulse, other interesting phenomenon are also discovered, such as the 

interface migration. However, the potential mechanisms of the material response and damage 

under pulse conditions are largely unknown due to the ultrafast structure change. Experimental 

studies combined with atomic-scale simulations are needed to reveal those fundamental physical 

processes. This method also has potential application in the study of the phase change 

mechanism in memristor.    

In summary, current progresses in several related fields are briefly discussed and the 

problems existed are proposed. Great efforts need to be made before we can achieve an in-depth 

understanding on the material responses under the coupled effects of mechanical and electronic 

loading.  
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APPENDIX A 

YOUNG’S MODULUS OF W SINGLE CRYSTAL 

To estimate the yield stress and defects nucleation stress in W single crystals under mechanical 

loading, the young’s modulus of W single crystals along different crystallographic direction need 

to be known. In theory, the Young’s modulus of W single crystal along 110 and 112 

directions can be calculated by using
60

: 
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where Eijk is the Young’s modulus along the [ijk] directions, respectively; S11, S12, S44 are the 

elastic compliances of W; li1, lj2, lk3 are the direction cosines of the [ijk] direction. The elastic 

compliances for W single crystal at room temperature is S11= 0.257×10
-2

 GPa
-1

, S12= -0.073×10
-2

 

GPa
-1

, S44= 0.66×10
-2

 GPa
-1

, respectively
60

. The directions cosines for 110 and 112 

orientations are listed in Table A.1. Thus, the Young’s modulus of W single crystal along 110 

and 112 directions are calculated to be E110 = E112 = 389 GPa. The yielding stress of different W 

nanocrystals are calculated by using =E, where  is the maximum elastic strain the material 

experienced just before yielding. While, the resolved shear stress on the shear plane can be 

obtained by using m, where m is the Schmid factor on the corresponding slip systems. For 
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the W nanocrystal loaded along ]101[


 in Figure 6.1, the Schmid factor for )121](111[


twinning 

system is 0.47. For the W nanocrystal loaded along 112 in Figure 6.6 and 6.7, the Schmid 

factor for )101](111[


dislocation slip system is 0.41. 

 

 

Table A.1 Directions cosines for 110 and 112 orientations in BCC W 

Direction cosines li1 lj2 lk3 

110 2/2  2/2  0 

112 6/1  6/1  6/2  
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