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Recent efforts to increase the efficiency of and reduce NOx emissions from coal-fired
boilers have led to higher operating temperatures and localized reducing conditions that favor
sulfidation and carburization, together with possible formation of only the most stable oxides
(e.g., Al2O3, SiO2 and Cr2O3). Under such conditions, the ability of a given alloy to develop a
protective oxide scale is crucial for achieving extended corrosion resistance. This study assessed
the effects of different major and minor alloying components on the corrosion resistance of
several commercial alloys (all supplied by Haynes International), pure chromium and model
alloys in environments having a relatively low oxygen, but high sulfur and carbon potentials.
Such environments are relevant to low-NOx burner and coal gasification systems. Isothermal
exposures were done for up to 100 h at 871°C (1600°F) and the exposed alloys were
characterized in detail using some combination of XRD, SEM, EPMA, XPS, GDOES, EBSD
and TEM.
It was found that the mode of growth and kinetics of chromia formation are affected by
the presence of water vapor, sulfur and carbon in the atmosphere. The presence of these species
was inferred to affect the grain-boundary diffusion. Under such conditions, chromia scales can
grow much faster and have a finer grain structure than those formed in dry air. It was also shown
iv

that Ni-Co-base alloys exhibit much better sulfidation and carburization resistance to the mixedgas environments studied compared to Ni- and Fe-Ni-base alloys. An optimum in sulfidation
resistance can be achieved when the Ni:Co mass ratio is close to unity, due to the reduced risk of
formation

of

relatively

low-temperature

metal/metal-sulfide

eutectics.

Resistance

to

carburization, however, could only be achieved by formation of a continuous alumina scale. The
effect of Cr concentration on corrosion resistance of Ni-Co-base alloys was also studied. It was
found that in the presence of specific minor alloying elements, higher Cr concentration is not
necessarily better for sulfidation resistance. A combination of lower Cr and minor alloying
elements can provide better resistance. Silicon additions, in combination with Al, Ti, and Mo,
were found to be the most effective in providing the resistance to mixed gases owing to the
establishment of a complex inner layer at the alloy surface.
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1.0

INTRODUCTION

Attention towards coal-fired steam power plants is mainly due to the worldwide availability and
low cost of coal. However, coal combustion generates a very harsh environment characterized by
high temperatures and corrosive gases, which cause severe wastage of the exposed boiler
components. When fossil fuels are burned in air, nitric oxide and nitrogen dioxide are produced.
These pollutants can result in the production of ozone and acid rain. The nitrous oxides (NOx)
are produced through high-temperature combustion and in most cases, can be reduced by
lowering flame temperature. However, reducing the flame temperature will reduce the overall
efficiency of the boiler. Another method to reduce these emissions while also improving boiler
efficiency is to control the air-fuel ratio for the combustion. Specifically, combustion at high
temperature and low oxygen partial pressure reduces NOx emissions. However, these conditions
may also have negative effects of enhancing the propensity for corrosion and consequently
increasing materials wastage in boilers [1, 2].
Many power plant operators are moving toward the staged combustion process in order to
reduce the boiler emissions in accordance with recent environmental regulations. In this process,
NOx emissions are reduced in the by-product of combustion by delaying the mixing of fuel and
oxygen, and therefore, creating a reducing environment in the boiler. A low-NOx atmosphere
usually contains about 15% carbon monoxide, 3% hydrogen, 0.12% hydrogen sulfide and 3%
steam and nitrogen in which the equilibrium oxygen partial pressure is very low, about 10-20 atm,
1

which is “reducing” from the standpoint of iron and nickel oxidation (i.e., FeOx and NiO
formation is thermodynamically not possible) [3].
Prior to using staged combustion, most boiler atmospheres were oxidizing and
component degradation by sulfidation and/or carburization was not a major problem. Formation
of a protective oxide scale on waterwall tubes under the oxidizing conditions prevented their
failure and increased their service life [2]. On the other hand, in the staged combustion boilers
the atmosphere is very reducing to the extent that the highly corrosive H2S gas is stable. Reaction
of H2S, as well as SO2 and SO3, with waterwall tubing materials leads to the formation of metal
sulfides, excessive wastage of the tube, and unsatisfactory service life of the low alloy steel tubes
[4]. For instance, waterwall tubing materials in low-NOx burner plants have experienced wastage
between two times to an order of magnitude higher than conventional oxidative atmosphere
plants [5]. One of the best approaches to solve this problem has been to use a weld overlay
cladding of more resistant alloys, such as nickel base superalloys, on the tubes. These alloys can
provide more protection in reducing environments than standard steels, and in some cases have
exceeded 10 years of service. However, they contain expensive alloying elements such as
niobium and titanium, and most of them are susceptible to circumferential cracking [3].
The purpose of this study is to systematically determine the corrosion behavior of nickel-,
cobalt- and iron-base alloys containing different levels of chromium and minor alloying
elements, such as aluminum, molybdenum and silicon, in mixed-gas environments that are
carburizing,

oxidizing-sulfidizing,

and

oxidizing-sulfidizing-carburizing.

A

thorough

understanding of the behavior of these alloys in mixed gases can significantly aid in the design of
more corrosion-resistant alloys for extended service at higher temperatures.
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2.0

2.1

BACKGROUND

SULFIDATION OF ALLOYS

In many technical processes, in particular low-NOx burners, the structural components are
exposed to atmospheres with low oxygen and high sulfur partial pressures. Sulfur is a relatively
strong oxidant and can cause aggressive forms of corrosion depending on its concentration. In
general, corrosion by sulfur is much more rapid than the corresponding oxides [6]. Figure 2-1
shows an Arrhenius plot comparing parabolic rate constants for sulfidation and oxidation of Fe,
Ni and Cr.
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Figure 2-1 Collective plot of the temperature dependence of the sulfidation and oxidation rates of some metals
[6]

Previous studies [7, 8, 9] have shown that all Ni-, Co-, and Fe-base alloys in reducing
environments exhibit a transition from oxidation with low oxide-scale growth rates to sulfidation
with much higher sulfide-scale growth rates. This transition is often referred to as a “kinetic
boundary,” and it will be reviewed in detail in the next chapter. The aim of this section is to
define general concepts of high-temperature sulfidation in the environments having a low PO2
and high PS2. Thermodynamics and mechanistic aspects are presented. Then the effects of
alloying elements are briefly described.
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2.1.1

Thermodynamics of sulfidation

In laboratory studies of metals and alloys under sulfidizing conditions, the environment is
characterized by a certain sulfur partial pressure (PS2). A commonly used gas mixture for
sulfidation studies is H2/H2S and the important gas-phase equilibrium to consider in such an
atmosphere follows:
𝐻𝐻2 𝑆𝑆 = 𝐻𝐻2 +
𝐾𝐾1 =

𝑃𝑃𝐻𝐻2 �𝑃𝑃𝑆𝑆2
𝑃𝑃𝐻𝐻2 𝑆𝑆

1
𝑆𝑆
2 2

= 𝑒𝑒𝑒𝑒𝑒𝑒 �

(2-1)
−∆𝐺𝐺1𝑜𝑜
�
𝑅𝑅𝑅𝑅

(2-2)

where ∆G1° is the standard Gibbs free energy change for reaction ((2-1) in J/mol, R the gas
constant and T the temperature. In sulfidizing atmospheres with relatively high sulfur
potentials, sulfides of nickel, cobalt, iron, and chromium are likely to form if the sulfur
potential is sufficiently high. The equilibrium reaction for sulfidation is:
1
𝑥𝑥𝑥𝑥 + 𝑦𝑦𝑆𝑆2 = 𝑀𝑀𝑥𝑥 𝑆𝑆𝑦𝑦
2

(2-3)

The standard free energy for metal sulfidation is given by:

and thus,

∆𝐺𝐺𝑇𝑇𝑜𝑜 = 𝑅𝑅𝑅𝑅𝑅𝑅𝑅𝑅(𝑃𝑃𝑆𝑆2 )
1
(𝑃𝑃𝑆𝑆2 ) �2

1�
2

∆𝐺𝐺𝑇𝑇𝑜𝑜
= exp(
)
𝑅𝑅𝑅𝑅

(2-4)

(2-5)

where PS2 is the equilibrium sulfur partial pressure between metal and metal sulfide and it is
called the sulfide dissociation pressure. When the sulfur partial pressure in the environment is
higher than the sulfide dissociation pressure, sulfide formation is thermodynamically stable. The

sulfur partial pressure in equilibrium with a sulfide can be read from the Ellingham diagram
5

(Figure 2-2) by drawing a straight line from point “S” to the PS2 through the temperature of
interest and crossing the free-energy line of a given sulfide [10].

Figure 2-2 Standard free energies of formation of selected sulfides [10]
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Less research has been published on sulfidation compared to oxidation, mainly due to the
much greater ease in conducting oxidation experiments. Sulfidation is more complex than
oxidation mainly due to the large number of stable sulfides compared to oxides. The standard
free energies of the formation of sulfides are generally less negative than that for the
corresponding oxide (Table 2-1). The differences in anion sizes in sulfides and oxides, leads to
the longer M-S bond lengths compared to M-O and, thus, smaller lattice energies. This will
reflect in lower free energies of sulfide formation and, therefore, lower melting points of
sulfides. Another major concern in sulfidation of metals at elevated temperatures is the liquid
product formation due to the low melting point metal-metal sulfide eutectics. Liquid corrosion
products tend to rapidly consume the alloy and are, therefore, highly undesirable.

Alloys

containing above about 20% nickel are often susceptible to liquid formation. Table 2-2 shows the
melting points of sulfides of several metals compared to their oxides and also several important
metal-sulfide eutectics. As it can be seen, Ni-Ni3S2 eutectic forms at about 645 °C [9].

Table 2-1 Free energies of formation of several metal sulfides and oxides in kJ of oxidant at 1200 °C [9]

Sulfide

∆G°

Oxide

∆G°

∆G°(Oxide)- ∆G°(Sulfide)

FeS

-21,11

FeO

-43,84

23,73

CoS

-16,20

CoO

-34,90

19,70

CrS

-33,09

Cr2O3

-64,88

31,79

MnS

-47,83

MnO

-70,97

23,14

Al2S3

-47,17

Al2O3

-103,13

55,96

ZnS

-39,16

ZnO

-53,26

14,10

TiS

-55,91

TiO

-101,53

45,62

ZrS2

-58,13

ZrO2

-104,02

45,89

ReS2

-8,60

ReO2

-26,91

18,31

InS
ThS

-19,63
-63,52

In2O3
ThO2

-43,44
-119,59

23,81
56,07
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Table 2-2 Melting points of several sulfides, oxides and metal-sulfide eutectics [9]
Sulfide

Melting point (K)

Oxide

Melting point (K)

TiS
Y2S3
CrS
Cr2S3
MoS2
MnS
FeS
CoS
Al2S3
NiS
Ni3S2
Cu2S

2373
1873
1823
?
1431
1598
1468
1373
1373
1083
1067
1403

TiO
Y2O3
Cr2O3
MoO2
MnO
FeO
CoO
Al2O3
NiO
Cu2O

2023
2683
2607
2200
2058
1697
2083
2319
2230
1515

2.1.2

Metal-Sulfide
Eutectics
Mn-MnS
Cu-Cu2S
Fe-FeS
Co-Co4S3
Ni-Ni3S2

Melting point (K)
1513
1343
1258
1153
918

Mechanisms and kinetics of sulfidation

The mechanisms of sulfidation is fundamentally similar to these of oxidation. However, they can
differ in complexity and, more importantly, rate of attack. Metal sulfide scales generally grow
according to parabolic kinetics as a result of solid-state diffusion control. However, according to
previous studies [9, 6, 8], sulfidation rates of most metals are orders of magnitude higher than
their oxidation rates (Figure 2-1). This increase in sulfidation rate is primarily due to the higher
degree of non-stoichiometry in sulfides compared to oxides. This section is aimed to briefly
define the defect structures in sulfides, transport properties and kinetic rate laws.

2.1.2.1 Defect structures and diffusion mechanisms
In general, sulfides of common-metals, such as chromium, nickel and cobalt, show greater
deviation from stoichiometry, and therefore, higher defect concentrations than their oxides. This
8

deviation from stoichiometry occurs mainly in sulfides due to their smaller lattice energy, which
makes the formation of point defects much easier. Higher concentrations of point defects will
cause higher diffusion rates and, correspondingly, higher growth rates in sulfides [11, 9].

Defect structures
There are three main pathways for transport of metal or sulfur species in sulfide scales:
macroscopic defects, grain boundaries and lattice defects. The predominant lattice defects in the
stoichiometric ionic compounds are Schottky and Frenkel defects. Schottky defect is an
equivalent number or concentration of vacancies on both cationic and anionic sub-lattices and
both anions and cations can therefore be mobile. Frenkel defect, on the other hand, is when the
anion lattice is assumed to be perfect but cation lattice contains cation vacancies and interstitials
in equivalent concentrations and thus, only cations are mobile. However, simultaneous migration
of ions and electrons is necessary to be considered in order to explain the materials transport and
neither of these defect structures provides a mechanism by which electrons can migrate. As was
mentioned before, sulfides of common metals show deviations from stoichiometry and it is
necessary to consider them as non-stoichiometric compounds. Under such conditions, the ratio of
metal to non-metal atoms is not exactly as it appears from the chemical formula and it should be
assumed that cations or anions exhibit variable valency in their sub-lattices in order for the
compound to be electrically neutral. These non-stoichiometric compounds can be classified into
two main categories: n-type (metal excess or non-metal deficit), where the charge is transferred
by negative carriers and p-type (metal deficit or non-metal excess), where charge is transferred
by positive carrier [12]. The deviation from stoichiometry in some of these sulfides can be seen
in Table 2-3.
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Table 2-3 Metal/metal sulfide eutectic temperatures and sulfide non-stoichiometry ranges [13]

In addition, sulfide scales formed on high temperature alloys inevitably contain some
forms of macroscopic defects (such as cracks or voids), mainly due to the stresses induced during
growth, poor adhesion to the substrate or porosity due to rapid or incomplete growth. These
defects can act as one rapid transport path for sulfur or other oxidants in the environment.
The third pathway for transport of metal and sulfur in the sulfide scales is the grain
boundaries. In these polycrystalline scales, grain size can vary considerably. Grain boundary
diffusion, in general, is more important than lattice diffusion; especially at lower temperatures
due to the lower activation energy and more disordered structures. Boundary diffusion is an
important component in scale growth [13, 14].

Diffusion mechanisms
According to Wagner’s theory of oxidation [15], mass transport through oxides (or sulfides)
results from two distinct driving forces: charged species migrating in an electrical field and of
chemical species diffusing along chemical potential gradients. Metal and sulfur ions tend to
migrate across the scale in the opposite directions and since they are charged particles, their
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migration will cause the formation of an electrical field across the scale. As a result, electrons
can transport in this electrical gradient across the scale from metal to the atmosphere.
Sulfides of common metals (nickel, cobalt, iron …), in general, grow by outward
diffusion of cations [9]. It should be noted that the solid state diffusion in these sulfides proceeds
mainly through the defects which can be point defects, grain boundaries, or macroscopic defect
as discussed before. Transport through the lattice can be described by self- and chemicaldiffusion coefficients. Previous studies showed that the self-diffusion rates of cations in
common-metal sulfides are generally much higher than in their corresponding oxides [16, 17].
Self-diffusion coefficient is the product of defect concentration and mobility. It has been shown
that in majority of cases, higher self-diffusion rates in sulfides compared to oxides results from
higher defect concentrations and not from greater defect mobility since the defect mobility in
sulfides and oxides do not differ significantly [9, 6]. However, it has become clear that in most
cases short-circuit paths predominate during the mass transport [14]. Diffusion through grain
boundaries and defects such as cracks or pores is called short-circuit diffusion. The relative
contributions to scale growth from lattice and grain boundary diffusion depend on temperature
and the grain size of the scale (sulfide or oxide).
In the case of refractory-metal sulfides (Mo, W, Ta, and etc.), the situation is much
different. Refractory-metal sulfides show very little deviation from the stoichiometry. As
opposed to other common-metal sulfides, anion defects are predominant defects in these sulfides.
These sulfides (such as MoS2) have a layered crystal structure which allows the intercalation of
ions of the common base metals (such as Co or Ni). These transition metal ions can diffuse
through the octahedral holes within the Van der Waals gap separating the S-Mo-S layers as
illustrated in Figure 2-3. They can diffuse between these layers at a relatively fast speed.
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However, in sulfidation of pure Mo, diffusion of molybdenum and sulfur do not occur through
these Van der Waals gaps. Thus, MoS2 can be very protective on pure Mo and in the absence of
Ni or Co [18]. Sulfidation rates of most of the refractory-metals are comparable to the oxidation
rate of chromium [19].

Figure 2-3 Schematic of the layered structure of MoS2 showing the Van der Waals gap between the loosely
bound S-Mo-S sandwiches. As depicted, cobalt intercalates in the Van der Waals gap. Also shown is the
perspective structure of MoS2 [18]

Knowing the transport mechanisms, the kinetics of sulfidation (similar to oxidation) can
be determined by the rate of the slowest step of the process. Rate laws associated with the most
common rate-controlling steps are presented next.

2.1.2.2 Rate laws
Sulfidation and oxidation are very similar processes and in general, sulfides of common metals
contain the same type of cation defects as found in oxides. This will cause the sulfide scales to
grow predominantly by outward cationic diffusion. Thus, the principles of Wagner theory can
equally well be applied to sulfidation and oxidation.

12

Linear kinetics
If the rate-controlling step proceeds at a constant rate, oxidation kinetics follow a linear law
𝑥𝑥 = 𝑘𝑘𝑙𝑙 𝑡𝑡

(2-6)

where “x” is the scale thickness, “kl” the linear rate constant and “t” the oxidation time. A linear
rate law may result when a phase boundary reaction controls the kinetics rather than a transport
process through the scale. As an example, it can be observed at the early or transient stage of
oxidation or sulfidation, when the scale is sufficiently thin to support rapid diffusion. In addition,
if the reaction product is volatile or if the scale spalls or cracks, the substrate metal or alloy can
be consumed in a very short time. Under such conditions, the scale formed does not provide a
barrier separating the alloy from the atmosphere, and the condition of fast metal supply is
fulfilled throughout the process, which results in continued linear kinetics [12].

Parabolic kinetics
After the rapid initial scale growth stage, the reaction rate will eventually decrease when the
scale reaches a specific thickness. In other words, when the scale is thin the activity of metal at
the scale-gas interface is high and the rate of the oxidation is controlled by the surface reaction.
As the scale thickens, the flux of ions through the scale must be equivalent to the surface reaction
and as a result, the activity of metal at the scale-gas interface drops to approach the value in
equilibrium with the atmosphere. At this stage, the transport of reactant species may become the
rate-controlling step. Thus, the scaling kinetics will follow the “parabolic rate law”. In parabolic
kinetics the scale thickness, x, increases with time, t, and by increasing the diffusion distance
over time the oxidation rate decreases [12]. Thus, the oxidation rate is inversely proportional to
the scale thickness,
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𝑑𝑑𝑑𝑑 𝑘𝑘𝑃𝑃′
=
𝑑𝑑𝑡𝑡
𝑥𝑥

(2-7)

𝑥𝑥 2 = 2𝑘𝑘𝑃𝑃′ 𝑡𝑡

(2-8)

∆𝑚𝑚2 = 𝑘𝑘𝑃𝑃 𝑡𝑡

(2-9)

This can also be shown as a function of weight gain (g.cm-2):

kP is directly related to the diffusivities within the scale, so that
𝑘𝑘𝑃𝑃 ∝ exp(

−𝑄𝑄𝑑𝑑
)
𝑅𝑅𝑅𝑅

(2-10)

Here, Qd is the activation energy for the oxide scale growth. The dependence of the
parabolic rate constant kP on temperature for the oxides of several major components of high
temperature alloys (Ni, Co, Fe, Cr, Al, and Si) is shown in Figure 2-4. As can be seen from this
diagram, the growth rates of oxides of Si, Al, and Cr are much lower compared to Ni, Co, and Fe
[20]. Thus, in development of corrosion resistant alloys for high temperature applications,
formation of one of these slow growing oxides as the scale is always considered.
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Figure 2-4 Parabolic oxidation rate constant for various oxide scales as a function of temperature [20]

Sulfidation of Ni, Co, and Fe in H2-H2S gas mixtures were investigated and summarized
by Mrowec and Przybylski previously [16]. Sulfidation of all these metals was found to follow
parabolic behavior. They also showed that binary Ni-Cr, Co-Cr, and Fe-Cr alloys exhibit
parabolic behavior with no significant difference among them. All three alloy systems showed a
similar trend of decreasing sulfidation rate by increasing chromium content. Alloys with less
than 40% Cr showed improved resistance to sulfidation mainly due to the formation of an inner
chromium sulfide or Fe(Fe2-xCrx)S4 layer. The sulfidation resistance for these alloys can be
improved through addition of other alloying elements such as Al and Mo which will be discussed
next.
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2.1.3

Alloying effect on sulfidation resistance

As previously mentioned, large deviations from stoichiometry occur in sulfides since point
defects can easily be created. As a result of high defect concentrations in sulfides, they have high
diffusion rates and therefore, high corrosion rates. The sulfidation rates of most of the major
metallic components in conventional high temperature alloys are 104-106 times higher than their
oxidation rates (Figure 2-1). Resistance to sulfidation comes from the ability to form a
continuous and adherent slow-growing oxide scale which has sufficient mechanical properties to
withstand the effects of both growth and thermal stresses. Thus, elements such as Cr, Al and Si
are mainly added to these alloys for the purpose of forming a continuous oxide scale with a very
low growth rate. But in the absence of oxygen, it is known that these elements alone do not seem
to be very promising in designing novel materials for high temperature applications. In this
section the effect of some of the important elements in conventional high temperature alloys on
their sulfidation resistance will be reviewed briefly.
Effect of nickel- High nickel contents in chromia forming alloys can make them
susceptible to rapid sulfidation attack at temperatures higher than 645 °C, since according to the
Ni-S phase diagram (Figure 2-5) a low melting point eutectic for Ni-Ni3S2 exists at 645 °C.
Molten sulfide can easily destroy the chromium oxide scale and cause catastrophic sulfidation
attack. Figure 2-6 shows the influence of nickel, iron and chromium contents on the melting
temperature of the sulfides formed on these alloys. According to this diagram the melting
temperature of the sulfide increases with increasing iron and chromium contents and alloys with
≥25Cr and ≤20Ni are safe from liquid sulfide formation under most practical conditions [21].
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Figure 2-5 Ni-S binary phase diagram

Figure 2-6 The melting points of sulfide scales that form on Fe-Ni-Cr alloys [21]
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Effect of Cobalt- Cobalt-base alloys or, in general, cobalt-containing alloys have better
sulfidation resistance than nickel- or iron-nickel-base alloys with similar chromium contents.
These alloys have higher temperature capabilities and are more resistant to breakaway corrosion.
High cobalt concentrations can reduce the rate of sulfur diffusion in the alloy and also decrease
the risk of Ni-Ni3S2 eutectic formation. Previous studies [10, 22, 23, 24] on pure cobalt in H2H2S environments showed that under similar conditions, the rate of sulfidation attack for cobalt
is lower than nickel and iron. Also in 1985, Lai [25] showed that Co-based alloys were more
resistant than Ni and Ni-Fe-based alloys when they are exposed to atmospheres having PO2 ≤ 3 ×
10-17 atm and PS2 ≤ 4 × 10-6 atm at 760, 870, and 980°C.
Effect of chromium- In 1971 Rau [26] showed that the sulfides of chromium are highly
non-stoichiometric and so the protection from sulfidation achieved by addition of chromium is
less than that observed for oxidation. Figure 2-7 shows the dependence of the sulfidation and
oxidation rate of Fe-Cr alloys on their chromium content. According to this diagram, at
compositions around 40% Cr the oxidation rate of the alloys is much lower than their sulfidation
rate when a homogeneous Cr2S3 scale was formed.
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Figure 2-7 The dependence of the sulfidation and oxidation rates of Fe-Cr alloys on composition [6]

However, addition of chromium to some level can still decrease the sulfidation rate in
pure sulfidizing environments. The sulfidation rate of Fe-Cr, Co-Cr and Ni-Cr alloys have been
studied previously by Mrowec [6, 9]. His results are demonstrated in Figure 2-8 which shows
that the sulfidation resistance of all these alloys performs similar to each other with increasing
chromium content. According to this study (Figure 2-9), addition of chromium to about 2% does
not affect the sulfidation rate of the base metal. The scale formed on the alloy at this stage is a
single phase scale of base metal sulfide doped with chromium. By increasing chromium content
to about 20%, the sulfidation rate decreases rapidly due to the formation of an inner barrier layer
of: Fe(Fe2-xCrx)S4 for Fe-Cr alloys and chromium sulfide with nickel and cobalt for Ni-Cr and
Co-Cr alloys, respectively. Addition of more chromium to the alloy will cause the scale to
transform to a homogenous layer of chromium sulfide doped with base metal which has a
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sulfidation rate lower than that of pure chromium. Eventually, when the chromium is depleted,
the remaining base metal will be attacked rapidly [27].

Figure 2-8 The dependence of sulfidation rate of Fe-Cr, Co-Cr and Ni-Cr alloys on composition [6]
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Figure 2-9 Schematic of the composition dependence of the sulfidation rate of Fe-Cr, Ni-Cr and Co-Cr alloys
[6]

Effect of Mo- Another important alloying element would be molybdenum since Mo is
added to most of the high temperature Ni-based alloys for solid solution strengthening purposes.
Therefore, the effects of different Mo contents in these alloys on their sulfidation resistance in
environments containing high sulfur and low oxygen partial pressures would be of interest. Mo,
and more generally, refractory metals (mainly Mo and Nb) seem to be very promising candidates
in sulfidizing atmospheres as they show excellent resistance to sulfidation. The reason for the
remarkably low rate of sulfidation of these metals is shown to be the low defect concentration in
their sulfide structures. It is also assumed that, as refractory metal sulfide and oxide scales grow
by inward diffusion of sulfur and oxygen respectively, anionic, as opposed to cationic, defects
predominate, as in the case in common metal sulfides [28]. As was mentioned in a previous
section, Mo shows an excellent resistance to sulfidation by formation of MoS2, which sulfidizes
21

at a rate comparable to oxidation of chromium. However, it can only provide moderate
protection on common-base-metal alloys due to the layered structure and rapid diffusion of
transition metal ions through these weakly bonded Van der Waals gaps [18, 29]. Therefore,
addition of refractory metals, such as Mo, cannot provide a satisfactory resistance to sulfidation
alone.
Effect of Al- Aluminum is also a beneficial alloying element in improving sulfidation
resistance, especially for Fe-Cr and Co-Cr alloys. The beneficial effect of aluminum additions
was previously reported by Mrowec and Przybylski [16] and it was attributed to the formation of
an inner layer of Fe(FexAlyCrz-x-y)S4 for Fe-Cr alloys with an outer layer of Fe1-yS. Similar
behavior was also observed for Co-25Cr alloys with aluminum content up to 22% (at.%) [30].
According to the results by Douglass et al. [18, 31] on the combined effect of aluminum
and molybdenum, Fe-30Mo-5Al alloy shows excellent protective properties with the formation
of an outer scale mainly composed of Al0.5Mo2S4. The sulfidation rate of this alloy is comparable
to oxidation rate of chromium. However, due to the two phase nature of this alloy consisting of a
Fe-rich α phase and Mo-rich β-intermetallic phase, numerous cracks have been observed. In
addition, the low aluminum activity at the alloy-scale interface cannot suppress the formation of
the highly volatile molybdenum oxide (MoO3). As a result, further modifications are required for
this alloy.
In 1998, Yakuwa et al. [32] studied the effects of the above mentioned alloying elements
on sulfidation behavior in H2-H2S environments at 600°C in comparison with alloy AISI685
((18-21 wt. % Cr)-(12-15 wt. % Co)-(3.5-5 wt. % Mo)-(2.75-3.25 wt. % Ti)-(1.2-1.6 wt. % Al)(0.02-0.08 wt. % Zr)-(0.003-0.1 wt. % B)-(≤2 wt. % Fe)-(≤0.15 wt. %Si)-bal. Ni). Alloy
AISI685 is a γʹ (Ni3(Al,Ti))-precipitation hardening alloy where the strength is determined by the
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quantity of γʹ. Low γʹ quantities provide inadequate strength while high quantities affect the hot
workability and make the forging process difficult. Thus, the amount of Al and Ti needed to be
controlled in order to have the same mechanical properties but with better sulfidation resistance.
The summary of their results is shown in Figure 2-10. They showed that by increasing Al and Ti
contents up to 2.5%, sulfur penetration into the alloy and internal sulfidation can be controlled to
great extents. However, they showed that in the alloys with similar chemical composition to
alloy AISI685, increasing the Al content to 3.5% and decreasing the Ti content to 1.5% will
result in the best balanced composition overall with reasonable mechanical properties and high
temperature sulfidation resistance.

Figure 2-10 Weight gain of Ni-base alloys sulfidized in H2-H2S mixture [32] (Sulfur partial pressure is 10-10.5
atm, at 600°C for 49 hours)

The above mentioned results by previous researchers on the effects of alloying elements
on improving the sulfidation resistance of high temperature alloys can be used in this study to
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better understand the behavior of alloys in multi-oxidant environments and to design model alloy
systems with better resistance in these environments.

2.2

CARBURIZATION OF ALLOYS

Strongly carburizing gases are encountered in different process environments using fossil fuels
(coal and natural gas) as their feedstock. The combustion reactions such as synthesis gas reaction

the Boudouard reaction

𝐶𝐶𝐶𝐶(𝑔𝑔) + 𝐻𝐻2 (𝑔𝑔) = 𝐻𝐻2 𝑂𝑂(𝑔𝑔) + 𝐶𝐶(𝑠𝑠)

(2-11)

2𝐶𝐶𝐶𝐶(𝑔𝑔) = 𝐶𝐶𝑂𝑂2 (𝑔𝑔) + 𝐶𝐶(𝑠𝑠)

(2-12)

and the hydrocarbon cracking

𝐶𝐶𝑛𝑛 𝐻𝐻𝑚𝑚 (𝑔𝑔) = 𝑛𝑛𝑛𝑛(𝑠𝑠) +

𝑚𝑚
𝐻𝐻 (𝑔𝑔)
2 2

(2-13)

are the main carburization reactions when the environment contains CH4, CO, or H2 and CO. If
the oxygen partial pressure in the environment is high enough to form an oxide scale (Cr2O3,
Al2O3, and SiO2), carbon ingress into the alloy can be prevented. The main concern is then the
stability of these oxides at high temperatures, their ability to prevent the carbon ingress into the
alloy, and the consequences of their failure. The ingress of carbon in chromia forming alloys
causes precipitation of chromium-rich carbides and therefore, a loss of ductility and oxidation
resistance.
Carburization has been studied by several authors in different environments with
different carbon activities [33, 34, 35, 36]. In general, carburizing environments are
characterized by a carbon activity and an oxygen partial pressure. However, as discussed
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previously, in order to reduce the emission of greenhouse gases (COx and NOx) a number of high
temperature processes are now carried out under reducing conditions. When carbon activity is
lower than 1, but large enough to stabilize a metal carbide and oxygen partial pressure is lower
than the equilibrium partial pressure for the oxide formation, carbon can easily diffuse in and
severe carbon pick-up can occur which is described as carburization. In this case the rate of
carburization depends on the solubility and diffusivity of carbon into the alloy. When carbon
activity is lower than 1 and oxygen partial pressure is relatively higher than the equilibrium
partial pressure needed for the formation of a stable oxide scale such as chromia (~ 10-20 bar),
oxide will be formed and carburization cannot take place. Under these conditions, carburization
can occur only if carbon diffuses along the grain boundaries or cracks in the oxide scale and
reaches the surface of the alloy. Although stainless steels are stable under these conditions,
nickel-based alloys are often preferred since they have higher carburization resistance [37].
At carbon activities higher than 1, so-called metal dusting is frequently observed. Metal
dusting results from oversaturation of alloys with carbon which can cause the disintegration of
the alloy in a dust of metal particles, graphite, oxides or carbides.
This section is aimed to define the general concepts of the high-temperature
carburization. Thermodynamics and kinetics aspects are discussed. Then the effects of alloying
elements on carburization resistance are reviewed. In the last section, carburization of nickelbase alloys is described.

2.2.1

Mechanisms and kinetics of carburization

High temperature carburization kinetics can be divided into three main steps: first, adsorption of
carbon containing species in the gas phase on alloy surfaces, second, diffusion of the adsorbed
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carbon into the alloy and third, reaction of carbon with carbide forming elements, most
importantly Cr, and formation of internal carbides. The kinetics of surface reaction (step 1) are
mainly controlled by a linear rate law, whereas the kinetics related to the carbon diffusion into
the alloy obeys a parabolic rate law. The latter can be described using Fick’s second law. In the
one-dimensional case if we assume that carbon diffusivity is much higher than other elements,
the change in concentration of carbon N(C) with time is given by
𝜕𝜕𝜕𝜕(𝐶𝐶)
𝜕𝜕 2 𝑁𝑁(𝐶𝐶)
𝜕𝜕𝜕𝜕(𝐶𝐶)
= 𝐷𝐷𝐶𝐶
+ 𝐷𝐷𝐶𝐶 𝑍𝑍
2
𝜕𝜕𝜕𝜕
𝜕𝜕𝜕𝜕
𝑥𝑥𝑥𝑥𝑥𝑥

(2-14)

where N(C) is the carbon concentration, DC the diffusion coefficient of carbon, x the penetration
depth, t the time and Z is the geometrical constant of the sample which can be considered zero
for plane geometry. According to Wagner’s theory for internal oxidation [38], the carbon
penetration depth can be calculated as
1�
2

2𝐷𝐷𝐶𝐶 𝑁𝑁𝑆𝑆 (𝐶𝐶)𝑡𝑡
𝑥𝑥 = �
�
𝜈𝜈𝑒𝑒𝑒𝑒𝑒𝑒 𝑁𝑁𝐵𝐵0

(2-15)

where Ns(C) is the mole fraction of carbon at the surface, νeff is the stoichiometric factor of BνC
and DC is the diffusion coefficient of carbon in the metal. As can be seen from this model, the
carbon penetration depth has parabolic time dependence [39].
𝑥𝑥 2 = 2𝑘𝑘𝑃𝑃 𝑡𝑡

(2-16)

As Eq. 2-15 shows the carburization rate is determined by the inward diffusion of carbon
which depends on carbon diffusivity DC and solubility Ns(C). The product of these two factors is
known as the permeability and depends on the composition of the substrate alloy. According to
previous studies [33, 39, 40], carbon permeability shows a minimum at the ratio Ni/Fe=4/1. The
solubility and diffusivity of carbon in Fe-Ni alloys has also been investigated and both decrease
by increasing Ni content in the alloy up to about 70-80 wt. % nickel and after that a small
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increase with increasing Ni content to 100 wt. % (Figure 2-11). This is mainly due to the fact that
nickel reduces the chromium activity coefficient and is less soluble in M23C6 carbide compared
to iron. A previous study by Forseth and Kofstad [39] shows that Eq. 2-15 can describe
carburization kinetics only approximately. Since the carbon activity in the substrate alloy
increases as the carburization process proceeds, the stability of the internal carbide phases
formed in the alloy changes. This fact has been neglected in the above mentioned model. The
quantity NB in the above equation, which is mainly related to chromium concentration, will be
changed during the process since some amount of chromium will precipitate as carbides. On the
other hand, B can contain substantial levels of iron as well as chromium and therefore the value
of NB is an underestimate.

Figure 2-11 Carbon permeability as a function of alloy composition for Fe-Ni alloys at 1000°C with unit
carbon activity
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Internal carburization of the high temperature alloys is the result of the competition
between the rapid diffusion of carbon into the alloy and chromium to the surface of the alloy.
Therefore, high temperature alloys are unlikely to form external carbide scales, since the inward
diffusion coefficient of carbon is so high. In most of the iron-, nickel- and cobalt-base alloys,
carbon diffusion will result in formation of chromium carbides of Cr3C2, Cr7C3 and Cr23C6 or for
combined metal elements in the carbide are then represented as M3C2, M7C3 and M23C6. The
stabilities of these carbides can be described through stability diagrams, which will be discussed
in the next chapter.

2.2.2

Thermodynamics of carburization

The most important parameter in carburization of an alloy is the carbon activity in the
environment and the carbon activity in the alloy. Carburization occurs when carbon activity in
the environment is higher than the carbon activity in the alloy. Other than that, decarburization
will occur. Carbon activity of the environment (aC) can be calculated from the reaction that will
produce C from the carbon containing specie in the gas. As an example, in most reducing
environment when there is no oxygen in the environment this reaction can be written as
previously mentioned hydrocarbon cracking reaction (2-2). Under these conditions the carbon
activity in the environment can be calculated by
∆𝐺𝐺 ° = −𝑅𝑅𝑅𝑅𝑅𝑅𝑅𝑅

𝑚𝑚�
2

𝑎𝑎𝐶𝐶𝑛𝑛 . 𝑃𝑃𝐻𝐻2

𝑃𝑃𝐶𝐶𝑛𝑛𝐻𝐻𝑚𝑚

𝑃𝑃𝐶𝐶𝑛𝑛𝐻𝐻𝑚𝑚
°
𝑎𝑎𝐶𝐶 = 𝑒𝑒 −∆𝐺𝐺 /𝑅𝑅𝑅𝑅 � 𝑚𝑚
�
�2
𝑃𝑃𝐻𝐻2
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(2-17)

(2-18)

In many high temperature alloys (ferritic and austenitic stainless steels and nickel- and
cobalt-base alloys) carbon can diffuse into the alloy rapidly which results in the formation of
mainly chromium carbides. The morphology of the precipitates is the result of a competition
between nucleation and growth. Depending on alloy microstructure, more rapid carbon diffusion
will lead to a quicker supersaturation and the nucleation will tend to be homogeneously
distributed. On the other hand, the presence of grain boundaries will cause a rapid chromium
supply to the precipitates and favor their continued growth.
There are three different types of chromium carbides of: Cr3C2, Cr7C3 and Cr23C6. In
general, higher carbon activities will favor the formation of Cr3C2 carbide in the alloy. However,
as the carbon diffuses into the alloy, the activity of carbon will be reduced and Cr7C3 and after
that Cr23C6 carbides will be formed respectively. Until now, the assumption was that these
chromium carbides are pure phases. This is only true in the systems such as Ni-Cr-C. However,
these carbides can incorporate other alloying elements such as Fe in Fe-Cr-C or Ni-Fe-Cr-C
systems. Therefore, for combined metal elements, carbides can be represented as M3C2, M7C3
and M23C6. In 1974, Benz et al. [41] studied the phase relations in the Fe-Cr-C system in
temperature range of 900 to 1150°C. Figure 2-12 shows the isothermal section of this system at
1000°C. It can be clearly seen that the iron solubility in carbides is high and cannot be neglected.
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Figure 2-12 Isothermal section of the Fe-Cr-C system at 1000°C [41]

Other alloying elements such as Mo, Ti, Ta, Nb and W, which are strong carbide formers,
also have been added to many high-temperature alloys for an important strengthening
mechanism by forming carbides. The stability of some of these binary carbides are shown in
Figure 2-13. The next chapter is focused on the effect of several important alloying elements on
carburization behavior of high temperature alloys. Several studies on the effect of these alloying
elements on carburization behavior will be briefly reviewed.
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Figure 2-13 Standard free energies of formation for selected binary metallic carbides [25]

31

2.2.3

Alloying for carburization resistance

Effect of nickel- Traditional materials used in carburizing environments such as steam cracking
furnaces were either cast (HK40) or wrought (Incoloy 800 or type 310 stainless steel). In order to
increase the efficiency, tube wall thicknesses are being decreased and as a result, higher levels of
major (Ni, Cr) or minor (Mo, Si, Ti, Al, Nb) alloying elements are being used to increase the
tube lifetime [42]. Previous studies show that high-nickel alloys are generally more resistant to
carburization compared to Fe-Ni-Cr alloys. In 1976, Grabke et al. [43] observed that
carburization resistance of the Fe-Ni-Cr alloys increases with increasing nickel content and the
maximum resistance is achieved when Ni/(Fe+Cr) ratio is 4:1. In 1970s, Demel et al. [44]
showed that the diffusivity of carbon in Fe-15Cr-Ni alloys decreases by almost two orders of
magnitude when the nickel content increases from 26 to 50%. In addition, nickel reduces
chromium activity coefficient and it’s also less soluble in M23C6 carbide than iron.
Effect of silicon- Oxide scale formation is one of the most effective ways to reduce the
carbon diffusion into the alloy. As a result, elements such as aluminum, silicon and chromium
have been added to high temperature alloys to form a protective oxide scale at the surface. The
diffusion of carbon in such cases mainly depends on the nature of the oxide scale and the oxygen
partial pressure of the environment. Under reducing conditions, where the partial pressure of the
oxygen is not enough to form this oxide layer at the surface, these oxides cannot be formed due
to their lower thermodynamic stability in comparison with the carbides [45]. Under such
conditions, carburization is mainly controlled by diffusivity and solubility of carbon. It has long
been known that silicon additions to these alloys can reduce the carburization attack. In addition,
the stability of silicon carbide (SiC) is much less than chromium carbides. Therefore, no SiC will
be formed and addition of silicon does not affect the value of NB in Eq. 2-15. The effect of
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silicon addition has been studied by Roy et al. [46], Mitchell et al. [47] and Smith et al. [42].
According to their studies, silicon has been known to reduce both solubility and diffusivity of
carbon into the alloy. In 1982, Mitchell et al. [47] showed that addition of silicon decreased the
solubility more than diffusivity. However, since the addition of silicon reduces the creep strength
and weldability of the austenitic alloys, the maximum limit of silicon content in cast HP and HK
grades are approximately 2%.
Effect of aluminum- The beneficial effect of aluminum additions has also been
demonstrated previously. Aluminum has been known as the most effective element in improving
the carburization resistance since the Al2O3 layer is thermodynamically stable at the impurity
levels of water vapor which are unavoidable in reaction gases. In most of the cases, this oxide
layer is so thin which cannot be seen by scanning electron microscopy. Smith et al. [42] have
shown that addition of aluminum up to 3.3 wt. % is effective against carburization. In addition,
Ando et al. [48] have reported the existence of a critical concentration of ~2.7 wt. % aluminium
for good carburization resistance. They showed that for aluminum concentrations less than the
critical value, protective oxide scale cannot be formed. Clearly an aluminum content of 4.5 wt. %
is sufficient to maintain a protective oxide film, even under strongly reducing conditions [49].
Effect of molybdenum- Molybdenum, which is strong carbide former, has been added to
high temperature alloys for the purpose of solution strengthening. According to previous study
by Mitchell et al. [49], the carbides of Mo3C and Cr7C3 have similar stabilities and can coexist at
similar activity levels. As a result, presence of this carbide can increase the value of NB in Eq. 215.
Effect of niobium and titanium- Niobium and titanium have similar effect on
carburization resistance. Both of these elements are strong carbide formers and their precipitation
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can decrease the reaction rate by consuming some of the carbon flux. The effect of Nb and Ti on
increasing the carburization resistance and decreasing the kP have been reported previously by
Smith et al. [42]. However, since these elements are usually added in low concentrations
(typically around 0.1-1.2 wt. %), their effect on the value of NB in Eq. 2-15 is much less than the
reductions observed on kP. It was observed that increasing the Ti level from 0.4 wt. % in alloy
800H to 1.2 wt. % in alloy 801 can cause a decrease of about 90% in kP. This was much higher
than the predicted value of about 10% at 1000°C. Therefore, it is possible that carbides of these
elements show some blocking effect on carbon diffusion and, thus, decrease the NCDC/NB in Eq.
2-15.

2.2.4

Protection by adsorbed sulfur

Carburization attack can also be reduced by adjusting the composition of the environment, most
importantly, introducing sulfur containing compounds such as H2S into the environment. As was
mentioned previously, there are three different kinetic steps in the high temperature carburization
of an alloy:
1- Transfer of carbon from gas phase to the alloy surface (linear rate law)
2- Diffusion of carbon into the alloy (parabolic time dependence)
3- Reaction of carbon with chromium to form chromium carbides
At lower temperatures and in the absence of sulfur, kinetics are controlled by diffusional
processes and have parabolic time dependence; but upon sulfur additions or at higher
temperatures step 1 in the aforementioned sequence of steps becomes very important and
becomes the slowest step. When sulfur is introduced to the environment, it can preferentially be
adsorbed by the alloy surface and therefore, blocks the adsorption sites for carbon and prevent
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the transfer of carbon into the alloy. Figure 2-14 shows a schematic of the mechanism of
inhibition of carburization by sulfur [50].

Figure 2-14 Schematic mechanism of inhibition of carburization by sulfur [50]

In a1998, Ramanarayanan et al. [34] conducted an experiment to show the effect of H2S
on carburization kinetics. In their experiment, H2S was introduced at a concentration level of 100
ppm after the surface chromium oxide was completely converted to the carbide and carburization
had set in. A dramatic reduction in carburization rate was observed according to the
thermogravimetric regime in Figure 2-15. When the H2S turned off, rapid carburization
happened almost immediately. These results show that sulfur has no memory effect. The precise
mechanism of sulfur interaction with carbide surface in carburizing environments still needs
further study.
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Figure 2-15 Effect of H2S addition on kinetics of carburization [34]

Up until now, thermodynamics and kinetics of the reactions in single-oxidant
environments of sulfidizing and carburizing and the effect of alloying elements on the high
temperature resistance of alloys in these environments were discussed separately. The following
section is focused on the reaction of these alloys in multi-oxidant environments.

2.3

CORROSION IN MIXED-GAS ENVIRONMENTS

Earlier in this chapter the reaction of metals and alloys in single-reactant environments
containing sulfur or carbon was discussed. As was mentioned before, in some process
environments such as coal conversion systems or certain petrochemical processes, alloys are
exposed to multi-oxidant gas atmospheres containing low oxygen and high sulfur and carbon
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activities. The product of high temperature reactions with these environments can be very
complex and the rate of formation is difficult to predict.
Although laboratory testing can never simulate the exact conditions existing in
powerplants, the results obtained over the years of testing can be very helpful in providing the
technical basis for alloy design. Having an understanding of individual corrosion processes, such
as oxidizing, sulfidizing or carburizing, can be very helpful but definitely do not provide
synergistic effects that might occur in the plant. In order to understand how alloys behave in
different corrosion environments containing several oxidants, it is important to understand the
fundamentals of the thermodynamic phase stability of the metal-gas system.

2.3.1

Sulfidizing-oxidizing

Most common gas mixtures used in sulfidation-oxidation studies are H2-H2O-H2S which has
relatively low oxygen partial pressures and SO2-containing atmospheres with higher oxygen
partial pressures. Since the focus of this research is on the atmospheres with low oxygen and
high sulfur potentials, the atmospheres containing H2, H2S, and H2O will be studied in more
detail in this chapter.

2.3.1.1 Thermodynamic considerations
Up until the 1990’s, many laboratory studies in sulfidizing-oxidizing conditions have been
concerned with relatively high temperatures, 700-1000°C, using equilibrated gas. However, in
the 1990’s emphasis moved to lower temperatures of about 400-700°C since no alloy could resist
such atmospheres at those temperatures. Under these reducing environments, the most relevant
reactions in order to determine the equilibrium PO2 and PS2 are:
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𝐻𝐻2 (𝑔𝑔) +
𝐻𝐻2 (𝑔𝑔) +

1
2

𝑂𝑂2 (𝑔𝑔) → 𝐻𝐻2 𝑂𝑂(g)

1
𝑆𝑆 (𝑔𝑔) → 𝐻𝐻2 𝑆𝑆(𝑔𝑔)
2 2

(2-19)

(2-20)

From these reactions the equilibrium constant, K, can be written as:
𝐾𝐾1 =
𝐾𝐾2 =

𝑃𝑃𝐻𝐻2 𝑂𝑂
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𝑃𝑃𝐻𝐻2 𝑆𝑆

(2-21)

(2-22)

where ΔGs are the standard Gibbs free energy change for reaction (2-19) and (2-20) in typical
units of J/mole, R is the gas constant and T the absolute temperature. By combining these two
equations it is found that:
𝑃𝑃𝑂𝑂2
𝐾𝐾2 𝑃𝑃𝐻𝐻 𝑂𝑂
= � . 2 �
𝑃𝑃𝑆𝑆2
𝐾𝐾1 𝑃𝑃𝐻𝐻2 𝑆𝑆

𝐾𝐾2
−155,710 + 5.41𝑇𝑇
= 𝑒𝑒𝑒𝑒𝑒𝑒 �
�
𝐾𝐾1
𝑅𝑅𝑅𝑅

(2-23)

(2-24)

According to equations (2-23) and (2-24), by increasing temperature the PO2/PS2 ratio
increases (for a fixed PH2O/PH2S ratio). Same thing happens with increasing PH2O (at a fixed
temperature and PH2S). Increasing the PO2/PS2 ratio increases the oxidizing potential of the gas
mixture and therefore, increases the resistance to sulfidation by promoting the formation of a
protective oxide layer.
In general, sulfidizing-oxidizing atmospheres are characterized in terms of both sulfur
and oxygen partial pressures. This can be presented through metal-sulfur-oxygen stability
diagrams. Hemmings and Perkins [51] previously discussed how these stability diagrams can be
used in order to understand the corrosion behavior of various metals in these environments. For a
given atmosphere there exist equilibrium values of PO2 and PS2 which represent a point on the
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stability diagram and identify the phase that is in equilibrium with that particular atmosphere.
Figure 2-16 shows the stability range of Ni and Cr and their oxides and sulfides as a function of
PO2 and PS2.

(a)
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(b)
Figure 2-16 Stability diagram of a) Ni-S-O and b) Cr-S-O at 870°C (1600°F) [51]

These stability diagrams can be determined considering the equilibrium reactions
between metal and oxide and metal and sulfide as follow
𝑀𝑀 +
𝑀𝑀 +
𝑀𝑀𝑀𝑀 +

1
𝑂𝑂 (𝑔𝑔) → 𝑀𝑀𝑀𝑀
2 2
1
𝑆𝑆 (𝑔𝑔) → 𝑀𝑀𝑀𝑀
2 2

1
1
𝑆𝑆2 (𝑔𝑔) → 𝑀𝑀𝑀𝑀 + 𝑆𝑆2 (𝑔𝑔)
2
2

(2-25)

(2-26)

(2-27)

These diagrams allow us to predict the phases that are likely to form on pure metals when
they are exposed to the multi-oxidant environments.
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2.3.1.2 Kinetic boundary
According to reaction (2-27), the thermodynamic boundary separating the sulfide and oxide
stable regions can be determined through
1

𝑃𝑃𝑂𝑂 2
� 2 � = 𝐾𝐾
𝑃𝑃𝑆𝑆2

(2-28)

However, many studies previously showed that transition from sulfide to oxide actually
occurs at higher PO2 values compared to the calculated values. It has been shown [52] that the
experimentally-determined boundary of sulfide/oxide in these diagrams, is affected by the kinetic
factors and accordingly, is referred to as “kinetic boundary”. The location of this boundary
depends on many factors, such as: alloy composition, surface finish of the specimen,
composition of the gaseous environment, etc. It has been observed [52] that the oxygen pressure
of about two orders of magnitude is necessary for oxide formation and to suppress sulfidation
(see Figure 2-17). In the case of alloys, superposition of different diagrams for pure metals can
aid us in interpreting the reaction products. However, the practice of superposition is not so
accurate since it neglects the formation energies due to the mutual solubility of metals and their
products.
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Figure 2-17 Thermodynamic phase-stability diagram for type 310 stainless steel at 875°C, showing the
experimentally-determined kinetic boundary [7]

2.3.1.3 Protection by formation of an oxide scale
The protection against sulfidation mainly comes from the ability of the alloy to form a protective,
slow growing oxide scale at the surface, which protects the substrate alloy from further attack.
Most commercial high temperature alloys consist of a base of Ni, Co, or Fe, which forms very
stable sulfides and moderately stable oxides. On the other hand, they also consist of alloying
elements Cr, Al, or Si, which form highly stable oxides. The selective oxidation (oxidation of
solute preferentially to the parent element) of these elements is the basis for the protection of all
alloys used at high temperatures. The concentration of these alloying elements plays an
important role in protective behavior of the scale. However, Al and Si tend to embrittle the
metallic materials and therefore, there is a limit on their content in the alloy. Thus, for
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applications in coal fired boilers or gasification plants, chromia forming alloys are the usual
choice.
The oxidation of these elements can occur by either one of two mechanisms depending
on their concentrations in the alloy and oxygen potential in the gas. If the concentration of the
oxidizing element is low, oxygen will diffuse inward, causing the formation of an internal
oxidation zone. If the concentration is sufficiently high, solute atoms can diffuse outward and
oxide will be formed as an external layer. The minimum required concentration of these
elements for the formation of an external, protective oxide scale can be calculated through the
Wagner’s theory;
(0)

𝑁𝑁𝐵𝐵 > �

𝜋𝜋𝜋𝜋∗ (𝑆𝑆) 𝐷𝐷𝑂𝑂 𝑉𝑉𝑚𝑚
𝑁𝑁
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2𝜈𝜈 𝑂𝑂 𝐷𝐷𝐵𝐵 𝑉𝑉𝑜𝑜𝑜𝑜

(2-29)

where g* is the critical volume ratio necessary to form a continuous BOν scale (typically g∗ =
(𝑠𝑠)

0.3), 𝑁𝑁𝑂𝑂 the oxygen solubility in the alloy, DO and DB diffusivity of oxygen and the oxide
forming element B in the alloy, Vm and Vox the molar volumes of alloy and oxide. It is seen that

according to this equation, the exposure conditions can affect the minimum concentration of the
solute to be able to form a protective external oxide scale.
Continued growth of oxide scale depends on the transport of metal and oxygen species
through the existing layer. Wagner (1952) also determined the minimum required concentration
of the oxide-forming element B necessary to maintain the growth of the external oxide scale of
BOν on an A-B alloy. Several assumptions were made: DB is independent of concentration, the
growth of this oxide scale obeys the parabolic rate law, solvent metal A is insoluble in BOν, and
that the moving boundary of alloy/scale can be neglected; Wagner derived the following
criterion:
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(2-30)

where it shows the molar flux of solute B to that being required for oxide growth. The
actual concentration of oxide-forming element B necessary for both the establishment and
sustained growth of a BOν scale will probably be higher than due to the kinetic reasons [53].

2.3.1.4 Transport properties of the scale
In the presence of a secondary oxidant, chromia scale has been found to behave in different
ways. Under such conditions, a Cr2O3 layer might not form or even when it forms, it might not
be completely protective. Previous studies [54, 55], clearly show the formation of other phases
(carbides, sulfides, and nitrides) beneath or above the initially formed chromia scale after certain
amount of time into the reaction, which shows the existence of an incubation period for the oxide
layer. This incubation period last longer for the more adherent oxide scales.
During the initial period of the reaction in sulfidizing-oxidizing atmospheres, there is no
equilibrium with the gas phase and both sulfide and oxide can be formed as long as their
formation pressure is exceeded. In other words, the transient stage is mainly governed by
kinetics. In 1987, LaBranche et al. [8] showed that oxides and sulfides can both nucleate on the
surface of the alloys during the heating stage and can continue to grow when the sample reaches
the reaction temperature. Continued growth of oxides and sulfides depends on both kinetic and
thermodynamic factors. If oxide is more stable than sulfide, sulfide that formed initially is
quickly overgrown by oxide and trapped as separate sulfide particles at the alloy/scale interface.
Later, diffusion of sulfur through the oxide layer causes the growth of initially formed sulfide
particles, which will further cause the breakdown of the oxide scale and rapid corrosion. This
phenomenon is known as “breakaway corrosion” which is shown schematically in Figure 2-18.
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The penetration of sulfur through the oxide scale may be possible in two ways: 1.
Dissolution of sulfur in the oxide scale and diffusion to the scale/alloy interface, and 2. Transport
of sulfur or sulfur containing species (H2S) through physical defects in the scale such as cracks
or pores or through grain boundaries. However, the solubility of sulfur in chromia scales is
negligible. Thus, it is generally accepted that sulfur transport occurs mainly through physical
defects (cracks or pores) and other internal surfaces such as grain boundaries in the oxide scale.

Figure 2-18 Schematic of the degradation sequence leading to breakaway corrosion under oxidizingsulfidizing conditions [6]

The presence of other species in the gas can affect the transport properties of the chromia
scale. The preferential adsorption of one particular gas molecule on internal surfaces of the oxide
scale can greatly influence the permeation of other species. As an example, Young et al. [54, 55]
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observed that the presence of water vapor can prevent the inward transport of nitrogen and
formation of internal nitrides or at as was discussed in the previous chapter, preferential
adsorption of sulfur on the internal surfaces of the oxide can decrease the permeability to carbon.
When oxide scale breaks down, fast growing sulfides can form on the surface of the
oxide scale. Considering a typical scale formed on the surface of an alloy, the activity of the
reactants will decrease from a maximum value at the scale/gas interface to a minimum in the
alloy while the activity of the metallic elements increases. Figure 2-19 (a) shows a typical scale
formed on a Ni-Cr alloy in sulfidizing-oxidizing environment. This concept is the basis of the
“reaction path” concept which was introduced by Stringer et al. in 1977 [56]. This can be
explained by the dashed line in the phase stability diagram shown in Figure 2-19 (b) as a path
from point A to D.

(a)

(b)

Figure 2-19 a) Schematic model to compare sequence of reaction products in sulfidizing-oxidizing
environment, b) Superimposed phase stability diagram and reaction path depicting the change of sulfur and
oxygen activities in the reaction products [57]
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At the scale/gas interface (point A), NiS is in equilibrium with the gas. As the local
values of PO2 and PS2 decrease through the scale, a point B is reached where the value of PS2 is
below the Ni/NiS boundary but the value of PO2 is still sufficiently high for Cr2O3 to form and
this explains the presence of the Cr2O3 layer beneath the NiS layer. At position C the PO2 value
has become too low for Cr2O3 to be stable but the PS2 is still sufficient for CrS to form, hence
explaining the presence of CrS precipitates in the alloy. Finally position D is reached where only
the alloy is stable [28].

2.3.1.5 Alloying for protection in sulfidizing-oxidizing environments
The effect of different alloying elements in sulfidizing environments was previously discussed at
the beginning of this chapter. As was mentioned, common metals and their corresponding
sulfides can form low melting point eutectics (Table 2-3) which will cause the formation of
liquid sulfide over the oxide scale. As a result, high nickel containing alloys are susceptible to
sulfidation and liquid attack at temperatures higher than 645°C. It has been known that
increasing Fe content of the alloy can decrease the risk of liquid sulfide formation. For more
severe conditions, Co-containing alloys can be a good alternative, such as alloy HR-160 (~37Ni30Co-28Cr-2.75Si). High cobalt content in Ni-base alloys is generally known to reduce the risk
of Ni-Ni3S2 eutectic formation and also can decrease the rate of sulfur diffusion in the alloy
matrix.
Most high temperature alloys used in these environments are chromia former alloys,
which mainly rely on chromia formation for protection against corrosion. In general, increasing
the chromium content causes better sulfidation resistance in most iron- and nickel-base alloys
[58]. Figure 2-20 shows the effect of chromium concentration in several commercial alloys on
the time to breakaway corrosion [59].
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Figure 2-20 Effect of chromium concentration on the time to breakaway corrosion of Fe-Cr-Ni alloys in coal
gasification atmospheres with 1 and 1.5% H2S [59]

Based on the previous studies on alumina forming alloys, it is clear that these alloys
provide the best resistance to sulfidation by formation of an alumina layer. However, formation
of a protective and continuous alumina scale requires high concentrations of Al. Effect of Si on
sulfidation resistance of alloy HR-160 was also investigated by Lai [10]. Addition of about
2.75% Si to this alloy provided a good sulfidation resistance by formation of a chromium oxide
layer followed by a SiO2 layer in the subscale region. However, Al and Si tend to embrittle the
metallic materials and therefore, there is a limit on their concentrations in the alloy.
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2.3.2

Carburizing-oxidizing

Many commercial carburizing atmospheres often contain both C- and O-containing gas species,
and the oxygen partial pressure is usually enough to cause simultaneous oxidation and
carburization. The oxidizing species are usually present in the form of carbon dioxide or water
vapor and the common equilibria are the synthesis gas reaction

or the Boudouard reaction

𝐶𝐶𝐶𝐶 + 𝐻𝐻2 = 𝐻𝐻2 𝑂𝑂 + 𝐶𝐶

(2-31)

2𝐶𝐶𝐶𝐶 = 𝐶𝐶𝐶𝐶2 + 𝐶𝐶

(2-32)

2.3.2.1 Thermodynamic considerations
Carburizing environments can also be characterized using two terms of aC and PO2. The carbon
activity at the alloy surface can be calculated by:
∆𝐺𝐺

𝑎𝑎𝐶𝐶 = 𝑒𝑒 −𝑅𝑅𝑅𝑅 (

𝑃𝑃𝐶𝐶𝐶𝐶 . 𝑃𝑃𝐻𝐻2
)
𝑃𝑃𝐻𝐻2 𝑂𝑂

∆𝐺𝐺

𝑎𝑎𝐶𝐶 = 𝑒𝑒 −𝑅𝑅𝑅𝑅 (

2
𝑃𝑃𝐶𝐶𝐶𝐶
)
𝑃𝑃𝐶𝐶𝐶𝐶2

(2-33)

(2-34)

which shows the carbon activity as a function of gas compositions. Similar to sulfidizingoxidizing environments, stability diagrams can be plotted for M-C-O systems, M being different
metallic components. Figure 2-21 shows the stability diagram for the Cr-C-O system at 870°C.
As it was mentioned before in the carburization chapter, chromium is one of the most important
elements in carburizing environments by forming stable carbides.

49

Figure 2-21 Stability diagram of Cr-C-O system at 870°C [25]

Another important reaction in carburizing-oxidizing conditions for chromia-forming
alloys is:
9
3𝐶𝐶𝐶𝐶2 𝑂𝑂3 + 4𝐶𝐶 = 2𝐶𝐶𝐶𝐶3 𝐶𝐶2 + 𝑂𝑂2
2

∆𝐺𝐺° = 3,192,100 − 797.3 𝑇𝑇 𝐽𝐽. 𝑚𝑚𝑚𝑚𝑚𝑚 −1

(2-35)
(2-36)

which can be used to determine the thermodynamic boundary between Cr3C2/Cr2O3. According
to this reaction, chromium carbide is stable when PO2 of the environment is lower than the
equilibrium PO2 from above reaction. On the other hand, if PO2 is higher than the equilibrium PO2
chromium oxide will be stable. This reaction is temperature dependent and, thus, temperature can
significantly affect the carburization behavior of an alloy. Accordingly, higher temperatures
favor carburization and lower temperatures favor oxidation [13].
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2.3.2.2 Kinetic considerations
As it was mentioned before in the carburization section, carburization is generally the result of a
competition between internal precipitation due to the rapid inward carbon diffusion and external
scale formation by chromium outward diffusion. Internal carburization obeys parabolic kinetics,
similar to internal oxidation. Parabolic rate constant and depth of carbon penetration is directly
proportional to carbon permeability which consists of carbon diffusivity and solubility.
However, under carburizing-oxidizing environments, the presence of water vapor or CO2
can help the formation of an oxide layer, which can prevent or slow down the carbon penetration
into the substrate alloy. Carbon ingress can be greatly reduced by formation of a dense oxide
layer such as Cr2O3 or, more importantly, Al2O3 and SiO2. Carburization kinetics under such
conditions, are then controlled by carbon diffusion through the oxide scale. Previous studies [60]
showed that there is no detectable solubility for carbon in these oxide scales. Thus, carbon
cannot diffuse through a perfectly dense oxide scale, unless the scale exhibits some kind of
defect such as pores or cracks or even possibly through the grain boundaries. Carbon transport
mechanisms through oxide scale will be discussed next.

2.3.2.3 Transport properties of the scale
Under carburizing-oxidizing conditions, when the partial pressure of oxygen is high enough, the
chromium oxide scale forms at the surface. However, it has been reported that the expected
protection against carbon penetration was not achieved in the case of chromia forming alloys.
Carbides can still form beneath the oxide layer and continue to grow as the oxide scale thickens.
Figure 2-22 shows a schematic of the microstructure that can form under these conditions and
also oxygen and carbon activity profiles across different layers. The observed sequence of
reaction products are in accord with their thermodynamic stability with the most stable phase
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(oxide) at scale surface, where the Cr activity is the lowest, and the least stable phase (carbide) at
the scale/metal interface where Cr activity is the highest. In 1986, Grabke et al. [61] conducted
experiments to investigate the mechanism of carbon transport through the oxide layer. In this
study, several Fe-Cr alloys were pre-oxidized in H2-H2O gas mixtures (at 900 or 1000°C) and
then exposed to the H2-H2O-CO-CO2 atmospheres with carbon activity of 0.2 and oxygen partial
pressure of 10-20, tagged with radiotracer carbon. They observed that carburizing specie can
slowly permeate through the preformed oxide scale.

Figure 2-22 Schematic activity profile representing the penetration of carbon through a Cr2O3 layer [13]

Now, the important question is: How does carbon penetrates an otherwise protective
chromia scale? It has been known that solubility of carbon in chromia scale is too low and lattice
diffusion is therefore unimportant [60]. Thus, carbon penetration occurs either by gaseous
diffusion through large defects such as cracks or pores in the scale or through much smaller
defects such as internal surfaces. However, the gaseous transport through macro cracks cannot be
the main mechanism here since the oxygen and carbon activities at the alloy/scale interface
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would then be similar to those in the external gas atmosphere, and carburization is
thermodynamically impossible. Therefore, transport of molecular species through oxide grain
boundaries or nanoscale pores has been proposed [62].
In a recent study by Nguyen et al. [63], it was clearly shown that chromia scales are not
completely protective against carburization attack and carbon can still transport through the
chromia grain boundaries. A two-stage test was performed, where a sample of Fe-20Cr was first
exposed to Ar-20O2 gas, followed by exposure to Ar-20CO2 gas at 650 °C. Formation of internal
carbides beneath the oxide scale showed that carbon or carbon-containing specie can transport
through the oxide scale. Further atom probe tomography confirmed the enrichment of carbon on
some of the grain boundaries of the oxide. It was then concluded that grain boundary transport is
the main mechanism, where carbon penetrates the oxide scale and enters the substrate alloy. In
addition, it was observed that the presence of carbon can lead to the refinement in grain size of
the oxide scale which might be due to the presence of carbon on grain boundaries and limiting
their mobility.

2.3.2.4 Alloying for protection in carburizing-oxidizing environments
As noted earlier, most industrial gas atmospheres almost always contain oxidizing species with
partial pressures high enough to form the stable oxides such as chromia, and therefore alumina
and silica. The resistance to carburization comes from the ability of alloys to form one of these
oxides and the protective nature of this scale.
Aluminum has been known as the most effective alloying element in increasing
carburization resistance [45]. Alumina scale is thermodynamically stable at impurity levels of
water vapor which are unavoidable in reaction gases. However, sufficient Al content in the alloy
is necessary to form an external scale (see Eq. 2-29). A minimum Al content of 4 wt. % is
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required to achieve complete protection. Figure 2-23 shows the results of the study by Lai [25]
on two commercial alloys of 214 (alumina former) and 601 (chromia former) in the environment
characterized by unit carbon activity and oxygen partial pressures such that chromia was not
expected to form. No internal carburization was detected in alloy 214 due to the formation of
alumina scale.

Figure 2-23 Optical micrographs showing the microstructures of (a) alumina-former alloy 214 (Ni-16Cr-3Fe4.5Al-Y), and (b) chromia-former alloy 601 (Ni-23Cr-14Fe-1.4Al) [25]

It has long been known that silicon is beneficial in providing carburization resistance.
Silicon addition is known to reduce the solubility and diffusivity of carbon into the alloy. In
addition, chromia forming alloys containing sufficient silicon tend to develop silica layers
beneath their chromia scales, which greatly improve the carburization resistance. Kane [64]
previously showed that the best corrosion resistance is achieved at silicon contents above 2%.
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2.4

SUMMARY

To conclude this literature survey, the main aspects regarding the reaction of high-temperature
alloys in sulfur and carbon-containing environments are summarized here.
The reaction of metals and alloys in sulfur-containing environments has been reviewed
by many researchers. It has been found that austenitic Fe-Ni-Cr steels have the most resistance in
sulfur containing environments. High-Ni alloys, however, have been shown to be susceptible to
sulfidation attack, especially at high temperatures due to the formation of the low melting
eutectics. It has also been shown that resistance to these environments can only be achieved by
formation of a stable, slow-growing, and dense oxide layer. Alumina-scale forming alloys show
a very good sulfidation resistance at high temperatures. However, in order to form a protective
alumina layer high Al contents are needed, but that also tends to embrittle the alloy. Therefore,
chromia-scale forming alloys are the usual choice for such applications.
Carburization of high-temperature alloys occurs in many industrial environments
containing CO, CH4, or other hydrocarbon gases at elevated temperatures. In the absence of a
protective layer, carbon can diffuse into the substrate alloy at relatively high rates and form
internal carbides, which will cause embrittlement of the alloy and an overall degradation of its
original mechanical properties. The effect of various alloying elements on carburization
resistance was discussed in previous sections. It was found that Ni-base alloys generally exhibit
better carburization resistance over Fe-base alloys. Nickel reduces the diffusivity of carbon in
Fe–15Cr–Ni alloys and at a Ni/Fe ratio of 4:1, a maximum of carburization resistance can be
achieved. It was also shown that Al and Si are the most effective alloying elements in providing
carburization resistance by forming Al2O3 and SiO2 scales. In addition, silicon tends to reduce
the carbon diffusivity in the substrate alloy.
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The environments of certain high-temperature commercial processes can be even more
complex by having low oxygen and high sulfur and carbon activities at the same time. Under
such conditions, the composition of these alloys becomes more important since they not only
need to have high sulfidation resistance, which implies low Ni-content chromia former alloys,
but also high carburization resistance, which implies high Ni-content silica or alumina former
alloys. Thus, it is very important study the behavior of these alloys in more realistic conditions
containing both sulfur and carbon activities.
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3.0

RESEARCH OBJECTIVES

In Chapter 2, the kinetics and thermodynamics of reactions in single and multi-oxidant
environments were reviewed and some of the important results from previous studies were
highlighted. According to those results, protection of the alloys is always dependent on their
ability to form a continuous and slow-growing oxide scale with good adherence to the substrate
alloy. The most important oxides for this purpose are Al2O3, SiO2 and Cr2O3, which have much
lower growth rates compared to the oxides of relevant base-metal elements such as Ni, Co and
Fe. However, by moving toward more reducing environments and increasing the temperature in
a staged combustion process, the environment becomes more reducing and highly corrosive. The
environments of certain high-temperature commercial processes can be even further complicated
by having carburization as an additional degradation mode. Such conditions require materials
that have higher resistance to different corrosive species and high temperature strength. Thus, the
effect of alloy composition becomes very important in reducing the rates of component
degradation. Under such conditions, protection depends on the effect of both major and minor
alloying elements to retard the process of sulfide formation or carbon penetration into the alloy
and promote the formation of a protective oxide scale under reducing conditions.
The corrosion mechanism of unalloyed chromium and chromia-forming alloys in
different environments of H2-C3H6 [33, 55], CO-CO2 [63, 57, 55], H2-H2S [65, 66, 8], O2-SO2
[67, 68, 55] or other mixtures of these gases [65, 69, 28, 54, 55] has been studied. Although
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understanding the corrosion mechanisms in environments containing one or two oxidants can be
very useful, such environments do not provide the synergistic effect that occur under actual
conditions. As a result, fundamental understanding of corrosion mechanisms in complex
atmospheres is quite limited. Consequently, it is important to identify and analyze a number of
unresolved questions in this area of research.
Accordingly, the general aim of this study is to better understand the effects of alloying
components and their amounts on the high-temperature corrosion behavior of commercial and
model alloys in sulfur and carbon-rich atmospheres. This study will discuss laboratory-scale
efforts to better understand the effects of compositional and environmental factors on the
corrosion behavior of model and commercial alloys in sulfidizing, carburizing and mixed
(sulfidizing-carburizing-oxidizing) atmospheres at temperatures above 650°C, which is the
current temperature of the most efficient fossil-fueled power plants. Thus, the main aims of this
research are to:
1- Determine the degradation behavior of several commercial Ni-, Ni-Fe, Ni-Co-base
alloys in mixed sulfidizing-oxidizing conditions with low oxygen and high sulfur partial
pressures, and also in a carburizing environment with high carbon activity. The temperature of
study will be mainly 871°C (1600°F), based on the temperature of interest in collaboration with
Haynes International (our industry collaborator), for which very little published data exist.
2- Investigate the effect of different oxidants in the mixed gas environments on corrosion
mechanism and morphological development of reaction products on pure Cr in strongly reducing
sulfidizing and sulfidizing/carburizing environments.
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3- Determine the effects of gas composition on surface reaction pathways, using three
different environments of sulfidizing-oxidizing, carburizing and sulfidizng-carburizingoxidizing.
4- Determine the influence of compositional factors on reaction kinetics by designing
model alloys that introduce minor additions (Al, Mo, Ti, and Si) at different levels and studying
their behavior in similar environments.
5- Ultimately guide alloy selection and design for use in advanced combustion systems.
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4.0

MATERIALS AND EXPERIMENTS

4.1

4.1.1

MATERIALS

Commercial alloys

The first part of this study is concerned with the behavior of wrought commercial alloys in mixed
gas environments. Thus, several commercial Ni-, Ni-Fe-, and Ni-Co-base alloys (supplied by
Haynes International, collaborated on project) were selected for the investigation. Nominal alloy
compositions are presented in Table 4-1. Rectangular specimens were cut to approximate
dimensions of 10 × 8 × 2 mm3. A 1mm diameter hole was drilled near the edge of a given

sample so that it could be suspended in the furnace. Samples were then polished to 320-grit

finish using SiC paper, ultrasonically cleaned and degreased in ethanol and then weighed prior to
testing.
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Table 4-1 Commercial alloys chemical compositions

4.1.2

Model alloys

To better understand the interaction among different species in the gas and their effect on the
modes of degradation, the first set of experiments were done on pure chromium system. Pure
chromium of 99.99% purity, procured from Goodfellow Corporation, was used in this study.
Based on recent observations by Wu [70], it was shown that Ni-Co-based commercial alloys
showed the better corrosion resistance compared to Ni- and Ni-Fe-based alloys. It was also
confirmed that when the Ni:Co ratio in these alloys is near unity, the alloy has optimum
sulfidation resistance. Based on this study, two Ni-Co-base chromia-scale forming model alloys
38Ni-40Co-22Cr and 32Ni-40Co-28Cr (compositions in at.%) were designed to study the effect
of chromium content on their corrosion behavior. All model alloys were made by the Materials
Preparation Center at the Ames Laboratory [71]. The alloys were prepared by arc melting of the
99.95% purity constituent elements on a water-cooled copper hearth in an atmosphere of high
purity argon. After that, the alloy was drop-cast into a 10 mm diameter chilled copper mold. The
alloy was then annealed at 1100°C for 24 hours in vacuum.
In the next set of experiments, eight different model alloys were designed to study the
effect of minor alloying element additions. The nominal compositions of these alloys are
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presented in Table 4-2. These model alloys have different levels of Ni, Co and Cr and are
modified with minor alloying elements of Al, Ti, Mo, and Si. Model alloys 1, 2, and 3 were
previously tested in similar environments but at lower temperature of 750°C and showed
exceptional sulfidation resistance [70]. It is noted that the average grain size of the cast model
alloys are much larger than those of the wrought commercial alloys mentioned in the previous
section. The average grain sizes for commercial alloys and the first three model alloys are
compared in Figure 4-1. The first three model alloys have a single-phase γ structure, with
precipitation of σ-phases in the alloy 2 after exposure at 871 °C. However, precipitation of other
phases (not identified) were observed in the as-received structures of the modified model alloys
4, 5, 6, 7, and 8 with addition of Si or increasing the Al and Cr chromium concentrations. The asreceived SEM microstructure of these alloys and measured EDS analyses of these phases can be
seen in Figure 4-2.
Round specimens were cut from model alloys with diameter of approxiametly 10 mm and
thickness of 1mm. A 1mm diameter hole was drilled near the edge of a given sample so that it
could be suspended in the furnace. Samples were then polished to 320-grit finish using SiC
paper, ultrasonically cleaned and degreased in ethanol and then weighed prior testing.
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Table 4-2 Chemical composition of model alloys

Composition (wt. %)
Alloy

Alloy structure
Ni

Co

Cr

Al

Mo

Ti

Si

1

50.6

17.4

22

2.5

5

2.5

-

Single phase γ

2

44.8

17.2

28

2.5

5

2.5

-

γ+σ

3

33.1

34.9

22

2.5

5

2.5

-

Single phase γ

4

31.6

33.4

22

2.5

5

2.5

3

γ
20Ni-24Co-16Cr-18Si-13Mo-9Ti
32Ni-21Co-6Cr-24Si-1Mo-16Ti

5

30.2

31.8

28

2.5

5

2.5

-

γ+σ

6

31.9

33.6

22

5

5

2.5

-

γ
34Ni-21Co-9Cr-6Ti-30Al

7

30.4

32.1

22

5

5

2.5

3

γ
36Ni-21Co-10Cr-4Si-4Ti-25Al
17Ni-29Co-30Cr-11Si-8Mo-3Ti-2Al

8

29.0

30.5

28

5

5

2.5

-

γ
36Ni-19Co-10Cr-6Ti-29Al
13Ni-27Co-48Cr-8Mo-1Ti-3Al
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Figure 4-1 Average grain size base on at least 10 measurements for commercial alloys and the first three
model alloys
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Figure 4-2 As-received microstructures of model alloys 4, 5, 6, 7, and 8 and EDS analyses of the different
phases
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4.2

GAS MIXTURES

Tests were carried out at 871°C (1600°F) in gas mixtures summarized in Table 1. Water vapor
was obtained by flowing the gas through distilled water at a controlled temperature of 0°C, room
temperature and 46°C to obtain 0.6, 3, and 10% water vapor, respectively. The pH of the water
was stabilized via saturation to ensure achievement of the nominal gas compositions. Average
pH values of 4.73 and 4.63 after 6 and 30 hours of flushing with the reaction gas, respectively,
confirmed the stability of the pH of the water in the times studied. The calculated partial
pressures of the gases by using the HSC software are presented in the Table 1 and shown on the
super-imposed stability diagrams of Ni-O-S and Cr-O-S in Figure 4-3. It can be seen that the first
four mixed gases are in the oxide stable region with respect to chromium and sulfide stable
region with Ni. Gas 5, on the other hand, is very reducing and has the carbon activity of unity.
Although there was no oxygen in the premixed gas, there still exists an impurity level of water
vapor in the system, even after flushing the system for 24 hours.

Table 4-3 Equilibrium gas compositions and corresponding equilibrium oxidants potentials at 871°C (1600°F)
Gas
No.

Gas Composition (Vol%)

PS2 (atm)

1

N2-15%CO-3%H2-0.6%CO2-0.12%H2S [72]

1.3×10

2

N2-15%CO-3%H2-0.6%CO2-0.12%H2S + 0.6% H2O

9.2×10

3

H2-25%CH4-14.8%N2-4%CO-0.6%CO2-0.6%H2S + 3% H2O [69]

2.57×10

4

H2-25%CH4-14.8%N2-4%CO-0.6%CO2-0.6%H2S + 10% H2O

2.25×10

5

Ar-5%H2-2%C3H6

-
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-6

-7

-8

-8

PO2 (atm)

aC

-22

0.2

-20

0.2

8.0×10
2.1×10

1.35×10
4.14×10
-

-22

~1

-22

~1
1

Figure 4-3 Superimposed phase stability diagram for three systems of Ni-, Cr- and Co-O-S at 871°C

4.3

EXPERIMENTAL PROCEDURE

A schematic of the testing system used is shown in Figure 4-4. The main part of the system is a
horizontal furnace. Samples were suspended from the sample holder in the furnace using kanthal
wires. The system was first purged with argon gas for about 20 hours to remove oxygen prior to
exposing samples to the reaction gas. All corrosion tests were carried out at 871°C (1600°F).
With a given gas mixture flowing through the pre-heated system at a rate of 50 ml/min, a test
was initiated by pushing the samples from a position outside the furnace to inside the hot zone.
Thus, sample heating to 871°C was less than 60 s. Since the calculated gas compositions are
really close to the thermodynamic boundary, a Pt catalyst was positioned at the front (i.e.,
upstream position) of the hot zone to ensure gas-phase equilibrium. However, due to the
presence of high levels of sulfur in the reaction gases, sulfur poisoning of the surface of the
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catalyst after some time is still a possibility. It is inferred that, based on agreement of the
experimental observations of the reaction products formed on pure chromium after exposure to
these environments (Chapter 5.2.1) with the calculated equilibrium partial pressures in Figure
4-3, the environments were at least near equilibrium in the tests conducted.
After thermal exposure, samples were removed from the hot zone, cooled to room
temperature under argon gas flow and then removed from the system and weighed. The weight
change for each sample caused by oxygen, sulfur or carbon pick-up was determined. Additional
tests were also carried out in dry-air atmosphere using a Setaram symmetrical thermogravimetric
analyzer (TGA) with heating and cooling rates of 99 and 50°C/min, respectively.

Figure 4-4 Schematic of testing system used in current study

4.4

CHARACTERIZATION TECHNIQUES

After a given exposure, the specimens were weighed and photographed. Metallographic crosssections were prepared by cold mounting, sectioning and then polishing using standard
techniques (polishing with SiC paper, and diamond and silica solutions). Final polishing of the
cross-section of selected specimens were performed using a Fischione Instruments Model 1061
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by broad beam Ar ion milling. This method was found to be the best solution for obtaining high
quality cross-sections without damaging the brittle scale caused by conventional mechanical
polishing. Selected specimens were characterized using the following techniques:

X-ray diffraction (XRD)
In order to identify the phases formed after the exposure, X-ray diffraction measurements of the
samples were obtained using a Cu Kα characteristic radiation operated at 40 kV and 40 mA.
Patterns were recorded over a 2θ range of 20 to 80° at a step size of 0.02. It should be noted that
only the outer most layers can be analyzed using this technique.

Scanning electron microscopy (SEM)
Cross sections of the samples were examined using scanning electron microscopy (SEM).
Energy-dispersive spectroscopy (EDS) was also used in order to obtain semi-quantitative
composition analysis.

Electron backscatter diffraction (EBSD)
Microstructural characterization of selected samples has been carried out using SEM-FEI Apreo
with high-vacuum field emission gun. Cross-section specimen preparation was done using the
Fischione SEM mill (model 1060) to provide a damage-free surface for EBSD.

Electron probe microanalysis (EPMA)
Electron probe microanalysis was carried out on specimen cross-sections using a JEOL-JXA8530F model, equipped with five wavelength dispersive spectrometers (WDS).
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Transmission Electron Microscope (TEM)
Selected samples were characterized using transmission electron microscope. FEI Tecnai G2
TEM at University of Pittsburgh, FEI Tecnai F30 300kV TEM at Swagelok Center for Surface
Analysis of Materials (SCSAM) at Case Western University and at Fischione instruments Inc.
were used. TEM specimens were prepared using a focused ion beam (FIB) and further thinned
using the Fischione Instruments Model 1040 NanoMill® TEM specimen preparation system in
order to obtain ultrathin and defect free lamellae.

Etching and optical microscopy
Etching was performed using Murakami’s reagent (1g K3Fe(CN)6, 1g KOH, 10 mL H2O) to
reveal chromium carbides for carburized samples. Optical microscopy was carried out on
specimen cross-sections after etching.
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5.0

RESULTS AND DISCUSSIONS

This Chapter presents a summary of the experimental results obtained for commercial and model
alloys. The reaction behavior in several multi-oxidant environments is first presented, followed
by insights on the effects of different species in the environment on corrosion mechanisms and
reaction pathways. The next section focuses on the behavior of ternary model alloys and the final
section is mainly focused on the effects of minor alloying elements on corrosion resistance in
multi-oxidant environments.

5.1

5.1.1

COMMERCIAL ALLOY STUDY

Sulfidation-Oxidation

The weight-change measurements for six commercial alloys after 100 h exposure to gas 2 are
summarized in Figure 5-1 and Figure 5-2. It should be noted that most of the commercial alloys
used in this study are single-phase gamma alloys. The mass-change data can give an initial
indication of whether or not sulfidation has occurred. It is evident that alloy HR-120 with 28%
Cr exhibited the highest weight gain with an increase of almost 68 mg.cm-2 after 100 h. Very
high weight gains were also measured for HR-224 with 20% Cr, thus, the extent of corrosion is
not necessarily reduced by increasing the chromium concentration. In contrast, alloys 214
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(alumina former) and alloy 617 (chromia former) showed the lowest weight gains after 100 h.
The initial weight gain for alloy 214 was high due to initial sulfide and oxide formation;
however, once the continuous alumina layer is established no further attack was observed. These
reaction products apparently spalled after 100 h exposure during cooling, which can be seen in
the surface image of the sample after exposure in Figure 5-5. The negative weight gain recorded
for alloy HR-160 (containing 2.75 wt. % Si) is also mainly due to scale spallation; but besides
the spallation, no major metal attack was observed for this alloy.

Figure 5-1 Weight change kinetics of the commercial alloys up to 100 h exposure to gas 2 at 871 °C
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Figure 5-2 Weight change measurements of the commercial alloys after 100 h exposure to gas 2 at 871 °C
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Figure 5-3 XRD spectra of the selected commercial alloys after 100 h exposure to gas 2 at 871 °C

X-ray diffraction analyses of the corroded sample surfaces (Figure 5-3) revealed the
formation of chromia scale on almost all alloys. The main phases detected were Cr2O3, Ni3S2,
and Ni-γ. SEM studies of the surface scales (Figure 5-4) showed major differences in
morphology. Ni-rich sulfide nodules had grown and covered the surfaces of alloys HR-120 and
HR-224. On the other hand, dense chromia scales were observed on alloys 617 and 625, which
was in agreement with the XRD results. Surface images of alloy 214 revealed the formation of
Cr- and Al-rich oxides, even though some spallation had occurred from this alloy. Alloy HR160, on the other hand, shows extensive spallation and the alloy subsurface is revealed in the
surface images.
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Figure 5-4 SEM surface images of: (a) 214, (b) 617, (c) 625, (d) HR-160, and (e) HR-224 after 100 h exposure
to gas 2

According to SEM images of the polished cross-sections, significant amounts of sulfides
and oxides are formed on the surface of HR-120 after 100 h exposure. The scale does not have a
uniform thickness. Based on EDS analysis, this scale is composed of mixed Fe- and Ni-sulfides
(light grey areas) in the form of nodules, metallic Ni and Fe (white areas) and chromium oxide
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(dark grey areas). Nodules are also formed on the surface of alloy HR-224, which according to
the EDS and XRD results are mainly composed of Ni3S2 and metallic Ni areas. At the testing
temperature of 871 °C, liquid reaction products can form due to the low temperature of the NiNi3S2 eutectic (645 °C), which involves the formation of Ni3S2 and metallic Ni during cooling.
Among the abovementioned alloys, 617, 214 and HR-160 showed the best corrosion
resistance in gas 2. Figure 5-5 shows SEM cross-sectional images of these alloys after 100 h
exposure to gas 2at 871 °C. Although spallation occurred from 214 and HR-160, no major metal
attack was apparent. Alloy 214 has the highest levels of Ni and Al and lowest Cr concentration
among the commercial alloys tested in this study. The good sulfidation resistance of this alloy is
due to the formation of a thin external alumina scale, which can be seen in higher magnification
micrograph of the cross-section in Figure 5-6. Formation of an external Al-rich oxide scale
protects the substrate alloy from further sulfidation attack.
Alloy HR-160, developed originally by Lai in 1987 [73], is a Ni-base alloy with a
combination of high Si, Cr and Co to optimize sulfidation resistance in combination with
metallurgical stability, creep rupture properties and weldability. The good sulfidation resistance
of this alloy is evident from Figure 5-5, which shows no major attack on the sample apart from
the spallation that occurred. With high Co, Cr and Si concentrations in this alloy, formation of an
outer Cr2O3 layer followed by an underlying SiO2 layer, which is thermodynamically more stable
than Cr2O3, is expected in addition to the beneficial effects of cobalt in sulfidation resistance.
However, the scale spalls relatively easy during the cooling and it is difficult to preserve it on the
sample for further characterization. Regarding the last point, high cobalt levels in Ni-base alloys
reduce both the rate of sulfur diffusion in the matrix and the risk of Ni-Ni3S2 eutectic formation
[7].
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Figure 5-5 Cross-sectional scanning electron micrographs and EDS analyses of scale formed on commercial
alloys after 100 h exposure at 871 °C
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Figure 5-6 Scanning electron micrograph of cross-section of scale formed on alloy 214 after 100 hours of
exposure

An adherent protective Cr-rich oxide scale formed on alloy 617 with an internal Al-rich
oxide beneath. Alloy 625 also formed a continuous chromia scale layer and Ni3(Nb,Mo)
precipitates in the subscale region. The adherence of the chromia scale on alloy 625 was not as
good as that on alloy 617 and the scale was detached from the substrate at most parts after
mounting. The 625 alloy has similar Mo concentration to alloy 617 (9% Mo) but much lower Co
and Al concentrations. In both cases, formation of Ni- or Fe- or Co-rich sulfides was observed
mainly on the edges of the samples, which indicates their vulnerability to sulfidation in the
presence of any defects. Here, the focus will be on the behavior of the alloys mainly in the bulk
(i.e., away from any edge effects).
Understanding the beneficial effect of molybdenum in increasing the alloy sulfidation
resistance, in the environments containing low oxygen and high sulfur partial pressures, is
important since Mo has been added to many high temperature alloys for solid-solution
strengthening purposes. Alloys 617 and 625 are two alloys with high Mo concentrations and it is
evident from Figure 5-5 that both of these alloys showed good sulfidation resistance and less
localized breakdown and internal sulfidation attack even at the edges of the samples. Young et
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al. [74] showed that the existence of MoS2 in the internal sulfidation zone lowers the rate at
which sulfur diffuses into the alloy. Due to the complicated nature of both alloys and
environment here, it is very difficult to comment on the contribution of each of these elements on
alloy’s overall behavior. Thus, model alloys were designed to better study these effects.
However, before getting into the results obtained from model alloys, the behavior of these alloys
in other carburizing and mixed environments needed to be determined. Carburization resistance
of these alloys will be discussed next.

5.1.2

Carburization

Carburization tests on commercial alloys were conducted for 1, 5, 10, 50, and 100 h exposures at
871 °C in gas 5 (Ar-5%H2-2%C3H6). Figure 5-7 shows the weight-gain kinetics for all six
commercial alloys used in this study. The two alumina former alloys 214 and HR-224 exhibited
the lowest weight gains after 100 h exposure, while alloy HR-120 (Ni-Fe-base alloy with 25Cr)
and alloy 625 (Ni-base alloy with 21Cr and 9Mo) showed the highest weight gains. The
measured values for the alloys 625, HR-160, and HR-224 seem to be increasing at a faster rate
between 50 and 100 h exposure times. It should be also noted that carbon deposit on the surface
of some of the samples was observed, which can affect the measured weight gains.
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Figure 5-7 Weight change kinetics of the commercial alloys after exposure to gas 5 at 871°C

Figure 5-8 shows SEM cross-sectional images of all alloys after 100 h exposure.
Formation of both intergranular and intragranular carbides can be observed in most of the alloys.
However, only intergranular carbide was formed in alloy 214, even after 100 h exposure. This
shows the high resistance of alloy 214 to highly reducing carburizing environments. Exposure
for shorter times showed only the formation of intergranular carbides on alloy HR-224 up to 50 h
exposure. However, formation of intragranular carbides can be observed clearly after 100 h
exposure.
All carburized samples were etched with Murakami solution in order to reveal the
carbides. Optical micrographs of the etched cross-sections of these samples are shown in Figure
5-9. Carbon penetration depth was considered as the average depth of intragranular (within
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alloys grains) carbides, since in most cases intergranular or grain boundary carbides formed
throughout the sample. The grain boundaries can act both as preferred nucleation sites for
carbides and high diffusivity paths for carbon transport. The average carbon penetration depth
values are presented in Figure 5-10. Alloy HR-120 with the highest Fe concentration and alloy
625 with low Cr and high Mo concentrations showed the highest penetration depths. The lowest
carbon penetration depths were attributed to the two alumina-scale forming alloys 214 and HR224. Increasing the Al concentration of the alloy is shown to be beneficial in decreasing the
extent of carburization attack.
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Figure 5-8 SEM cross-sectional micrographs of alloy a) 625, b) HR-120, c) 617, d) HR-160, e) HR-224, and f)
214 after 100 h exposure to gas 5 at 871°C
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Figure 5-9 Optical cross-sectional micrographs of alloy a) 625, b) HR-120, c) 617, d) HR-160, e) HR-224, and
f) 214 after 100 h exposure to gas 5 at 871°C (etched by Murakami solution)

83

Figure 5-10 Carbon penetration depths in commercial alloys after 100 h exposure to gas 5 at 871°C

Figure 5-11 shows SEM cross-sectional images of the two alumina former alloys 214 and
HR-224 and corresponding elemental maps of aluminum, chromium, and oxygen after 100 h
exposure. A very thin and continuous alumina scale formed on the surface of alloy 214. Alloy
HR-224, on the other hand, was able to form an external Al-rich oxide layer beneath a Cr-rich
carbide layer; however, the scale is not as adherent as that on alloy 214. In order to study the
behavior of these two alloys more carefully, cross-sections of these alloys after exposure for 10
and 50 h were also prepared and the results are shown in Figure 5-12 and Figure 5-13,
respectively. It is seen that upon 50 h exposure to the carburizing gas, both alloy 214 and HR224 formed a continuous alumina scale and no further carburization attack was observed.
However, between 50 to 100 h exposure, the breakdown of the oxide scale clearly occurred on
alloy HR-224 and internal carbides formed within alloys grains.
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Figure 5-11 Scanning electron micrograph and elemental maps of alloy a) 214 and b) HR-224 after 100 h
exposure at 871°C

Figure 5-12 Scanning electron micrograph and elemental maps of alloy (a) 214 and (b) HR-224 after 10 h
exposure at 871°C
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Figure 5-13 Scanning electron micrograph and elemental maps of alloy (a) 214 and (b) HR-224 after 50 h
exposure at 871°C

Figure 5-14 shows the cross-sectional micrographs of alloy 617 after 10 and 100 h
exposure to gas 5. Although alloy 617 is not an alumina former alloy (it has around 1.2% Al in
its composition), it shows better resistance to carburization compared to the other chromiaformer alloys. Formation of a non-uniform Al-oxide layer can be observed in addition to Cr-rich
carbides on the alloys surface. This was followed by formation of Mo-rich precipitates beneath
the scale and a thin Cr-depleted region. After 100 h exposure, the surface Cr-carbide layer and Cr
depleted subscale region have grown.
In the case of alloy HR-160, formation of a duplex external scale of Cr-rich carbide
above a Si-rich oxide layer was observed (Figure 5-15). However, the scale was not adherent and
spallation occurred possibly during the cooling step. The carbon diffusion depth in this alloy is
still less than those in alloys 617, HR-120, and 625. The better carburization resistance of this
alloy can be attributed to both high Si and high Cr concentrations. As was discussed in Chapter
2.2.3, silicon additions to the alloy can increase the carburization resistance mainly by reducing
solubility and diffusivity of the carbon in the substrate alloy. In 1982, Mitchell et al. [47] showed
that addition of silicon decreased the solubility more than diffusivity. Moreover, the stability of
silicon carbide (SiC) is much less than chromium carbides. Therefore, no SiC can be formed [42,
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46, 47]. Alloy HR-160 contains high levels of chromium as well as silicon. According to the
Wagner’s theory [38] and Eq. (2-15), increasing the chromium content or other major carbideformer elements can decrease the carbon penetration depth. Combination of both high chromium
and silicon content in alloy HR-160 provided good carburization resistance for this alloy.

Figure 5-14 Cross-sectional SEM micrographs and elemental maps of Cr, Al, and O of alloy 617 after (a) 10 h
and (b) 100 h exposure at 871°C
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Figure 5-15 Cross-sectional SEM micrograph and elemental maps of Cr, Si, and O of alloy HR-160 after 100
h exposure at 871°C

Figure 5-16 Scanning electron micrograph of alloy HR-120 after 100 h exposure to gas 5 at 871 °C

The detrimental effect of Fe on carburization resistance is evidenced in the results
obtained from alloy HR-120. The SEM cross-sectional micrograph of alloy HR-120 after 100 h
exposure is shown in Figure 5-16. This alloy was among the two alloys with highest carbon
penetration depth. It has been previously shown [33] that the permeability of carbon decreases by
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increasing the Ni/Fe ratio, which shows a minimum at Ni/Fe ~ 4. Thus, in alloy HR-120 with the
lowest Ni/Fe ratio of 1.12, carbon penetration depth is expected to be the highest. An interesting
observation from this sample was formation of a thin and non-continuous Cr-carbide scale
compared to the other Ni-base alloys. XRD analysis verified the formation of (Fe,Cr)7C3.

5.1.3

Sulfidation-Carburization-Oxidation

The main purpose of this section is to study the corrosion behavior of these alloys in reducing
environments containing both high sulfur and high carbon activities. The carbon activity of gas 3
was calculated to be about 1. The sulfur and oxygen potentials were intended to be kept constant
between gas 2 and gas 3 for comparison; however, due to the multi-oxidant nature of this gas,
there exist some variations. Specifically, the oxygen partial pressure of gas 3 was slightly lower
than that of gas 2. Figure 5-17 shows surface images of all six alloys after only 25 h exposure to
gas 3. Based on the surface appearance of these samples, severe degradation occurred on the two
Fe-containing alloys HR-120 and HR-224 and also alloy 617, which previously showed the best
resistance in gas 2. Extensive sulfide formation can be observed on these three alloys. Sulfide
formation can also be observed to some extent on alloy 214. Alloys HR-160 and 625 showed
much less reaction-product formation on the surface.
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Figure 5-17 Photographs showing specimen surface appearance after reaction with gas 3 for 25 h at 871 °C

Cross-sectional micrographs of these alloys are shown in Figure 5-18. The attack on the
two alumina-former alloys 214 and HR-224 was mainly internal with formation of internal Crrich sulfides. It has to be noted here that these two alloys have the lowest Cr concentration and
can be very susceptible to rapid internal carburization attack if the alumina scale cannot be
established. When the internal Cr-carbides form and no protective oxide scale was present, sulfur
can easily diffuse into the substrate alloy and transform those carbides to sulfides.
Sulfide nodules together with a deep internal corrosion zone containing mixed oxides and
sulfides can also be observed on alloys HR-120 and 617. Such extensive degradation was
expected from HR-120 since this alloy had shown very poor resistance to both gas 2 (sulfidizingoxidizing) and gas 5 (carburizing). This is also in agreement with results reported previously by
Harper et al. [69] where they tested alloy HR-120 in a similar environment for 500 h at 900 °C.
Nodules consisted of three main phases: Fe-Ni-sulfides with the lighter phase being metallic Ni
and Fe, which likely formed during cooling, and also Cr2O3. Similar behavior was observed on
alloy 617; however, inconsistency was observed with this alloy. Exposure of alloy 617 to gas 3
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for 100 h showed a complete protective behavior by formation of a continuous chromia scale and
an internal Al-rich oxide layer, as presented in Figure 5-19. These observations on alloy 617
confirms that gas 2 composition is very close to the kinetic boundary of oxide/sulfide and slight
changes in the gas composition can completely alter the alloy’s behavior. Alloy 625 also showed
formation of a mixed Cr-oxide and Cr-sulfide scale and localized breakdown of this scale and
formation of Ni-rich sulfides on top.
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Figure 5-18 SEM cross-sectional micrographs of alloy a) 214, b) HR-160, c) HR-224, d) HR-120, e) 617, and f)
625 after 25 h exposure to gas 3 at 871°C
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Figure 5-19 SEM cross-sectional micrographs of alloy 617 after 100 h exposure to gas 3 at 871°C

Based on previous observations of the corrosion behavior of these alloys in carburizing
environment of gas 5, it was shown that increasing the iron content of the alloy will decrease the
resistance to carburization and increasing the Ni+Co/Fe ratio in the alloy can significantly
improve resistance. Figure 5-20 shows cross-sectional micrographs of the reaction fronts in HR120 and HR-224, which both had lowest Ni+Co/Fe ratio. Formation of internal Cr-rich carbides
at the reaction front can clearly be observed in both alloys. Thus, it can be inferred that carbon
plays a significant role in degradation mechanism of these alloys. Formation of Cr-rich sulfides
is appeared to follow the same pattern as the carbides. Similar internal attack and formation of
internal Cr-sulfide was observed on alloy 214 after 25 h exposure. It is noteworthy that alloy 214
has a very low chromium concentration and can be very susceptible to carburization attack in the
absence of a protective alumina scale.
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Figure 5-20 SEM micrographs of reaction front after exposure of alloys a) HR-224 and b) HR-120 to gas 3 for
25 h at 871°C. Formation of Cr-rich carbides at the reaction front can be observed.

HR-160 exhibited protective behavior. Although spallation of the scale occurred during
cooling step of this alloy, no major attack could be observed for up to 25 h exposure. According
to the cross-sectional micrograph of this alloy after 25 h exposure (Figure 5-18(b)), an external
scale consisting of mainly chromium oxide with small amounts of sulfides above a Si-rich oxide
layer was established on this alloy, with some indication of internal sulfides. However, no major
sulfidation attack was observed.

5.1.4

Discussion

Since all of the commercial alloys tested in this study were heavily alloyed with a variety of
elements, finding trends for their resistance to sulfidizing, carburizing, or mixed environments is
difficult. In this section, some major observations and conclusions, which led to the design of
different model alloy systems, will be discussed.
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5.1.4.1 Sulfidation-Oxidation
Exposure of these alloys to the sulfidizing-oxidizing environment of gas 2, with low carbon
activity, can aid us to gain insights on the effect of both major and minor alloying elements on
sulfidation resistance. An understanding of the corrosion behavior of these alloys requires
knowledge of the interactions between different species in the gas phase, the chemical
composition of the alloy, and the temperature of the reaction. The observed results clearly
showed that the gas 2 environment is very close to the kinetic boundary of sulfide/oxide at 871
°C and alloy chemistry can significantly affect scaling behavior of an alloy and the time to
breakaway corrosion.
Severe degradation by formation of the base-metal sulfides was observed on the two
alloys HR-120 and HR-224 with high Fe concentrations. Since the temperature of reaction in this
study is above the low eutectic temperatures of most metal/metal-sulfides, liquid products can
easily from in the absence of a protective oxide scale. Formation of a liquid product can lead to
an extremely rapid degradation. Alloy HR-120 has a relatively high chromium concentration (25
wt. %) and is expected to be able to form a protective chromia layer. Alloy HR-224, on the other
hand, has a high concentration of Al and about 20 wt. % Cr and is expected to form a protective
alumina scale (similar to Figure 5-12 and Figure 5-13). However, both alloys have one thing in
common and that is the high concentrations of Fe and the observed formation of (Fe,Ni) sulfide
nodules. Since Fe-FeS eutectic temperature (988 °C) is higher than those of Ni-Ni3S2 (645 °C)
and Co-Co9S8 (880 °C), it is usually expected that alloys containing higher Fe concentration
show better resistance to sulfidation [10]. However, the poor corrosion resistance of alloy HR120 in mixed-gas environments has also been reported by other researchers [69, 75]. A possible
explanation for the more severe attack observed on alloys HR-120 and HR-224 might be the
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presence of the carburizing species CO in the environment. As was observed in the carburization
results in gas 5 (to be discussed in the next section in more detail), carbon has much higher
permeability in Fe compared to Ni. Thus, since gas 2 still has a carbon activity of about 0.2, by
increasing the Fe content of the alloy, carbon permeability and, consequently, carbide
precipitation would increase. These carbides are rich in Cr, which will decrease the available Cr
for the formation of the protective oxide, especially at initial stages of reaction. As a result, the
remaining depleted substrate alloy will undergo a more severe sulfidation attack and rapid
consumption of the alloy. It was previously discussed that carbon permeability shows a
minimum at the ratio of Ni/Fe=4/1; however, the only oxides that can provide complete
protection against carburization are alumina (Al2O3) and silica (SiO2), which can be a
contributing factor to the much better protection observed for alloys 214 and HR-160 in gas 2
environment as well. However, further study on the effect of carbon on the corrosion mechanism
of similar alloy systems in gas 2 is needed.
Results on alloys HR-160, 214 and 617 clearly highlight the fact that there are more
factors to consider than major alloying elements. It is inferred that the addition of minor alloying
elements such as Al, Ti, Si and Mo play an important role in improving sulfidation resistance in
these alloys, which were protected against sulfidation attack by formation of silica, alumina, and
chromia scales, respectively. Although spallation occurred for the case of alloy HR-160 during
cooling, no major metal attack was observed on the sample even after 100 h exposure. This is in
agreement with the results reported by Lai [10, 73] for alloy HR-160 in mixed sulfidizingoxidizing gases. The formation of an outer Cr2O3 layer followed by an underlying SiO2 layer is
expected for this alloy. In addition, a high concentration of Co contributes to the better
sulfidation resistance. From the results observed after exposure of alloy 214 to gas 2, it is clear
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that once a continuous alumina scale is established, no further sulfidation attack can occur. In a
similar manner, alloy 617 is a chromia-forming alloy with about 1.2 wt. % Al and showed
excellent resistance to sulfidation by formation of a Cr-rich oxide outer layer and Al-rich oxide
on the inner layer.
Given that the requirement for these alloys to perform well in the harsh environments
tested is the formation of slow growing oxides of Cr2O3, Al2O3, and SiO2, it was clearly shown
that addition of higher concentrations of Cr, Al, or Si solely, cannot account for a good resistance
to sulfidation and consideration of both major and minor alloying element effects is necessary.
Carburization resistance of these alloys will be discussed next.

5.1.4.2 Carburization
The parabolic kinetics of internal carburization can be explained through Wagner’s theory as
discussed in the previous chapter. Since carbon permeability is so high in these alloys, the
inward diffusion of carbon to the reaction front dictates the carburization rate. Under such
conditions the parabolic rate constant can be described as
𝑘𝑘𝑃𝑃 =

(𝑠𝑠)

𝜀𝜀𝐷𝐷𝐶𝐶 𝑁𝑁𝐶𝐶
(0)

𝑁𝑁𝑀𝑀

(5-1)

where DC is the diffusion coefficient of carbon in the substrate alloy, NC the surface
concentration of the dissolved carbon in the alloy, NM is the original alloy concentration of the
carbide-former element, ɛ is a diffusional blocking parameter known as “labyrinth factor”, and ν
is the stoichiometric ratio for the carbide MCν. The experimentally determined parabolic rate
constants for all six commercial alloys are presented in Table 5-1.
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Table 5-1 Experimentally determined parabolic rate constants for all six commercial alloys

kP (g2/cm4.s)
2.7 × 10-13
7.5 × 10-13
9.4 × 10-12
2.1 × 10-11
6.7 × 10-11
7.0 × 10-11

Alloy
214
HR-224
HR-160
617
HR-120
625

Carburization kinetics depend on carbon solubility and diffusivity (NCDC). Carbon
solubility is a function of chemical composition. As was mentioned before (Chapter 2.2.3), Ni
reduces both diffusivity [44] and solubility [76] of carbon in Fe-Ni-Cr alloys with a maximum
carburization resistance achieved when the Ni:Fe mass ratio is 4:1 [43]. Assuming that Co has a
similar effect as Ni, the high (Ni+Co) content in alloy HR-160 can partially explain the slower
kinetics in this alloy. It has also been found that when Cr and Fe are the main carbide-forming
elements in the alloy, there exists a correlation between carburization resistance and Ni:(Cr+Fe)
ratio or (Ni+Co):(Cr+Fe) ratio [45]. Thus, it would be expected that alloy 214, 617 and 625 with
highest (Ni+Co):(Cr+Fe) ratios show the lowest carburization attack. However, a wide range of
behavior was observed among these alloys (Figure 5-21). This suggests that in the presence of
other elements such as Al, Ti, Mo, or Si the above correlation may not be entirely valid. The
significant concentrations of such elements (Al in 214 and HR-224 and Si in HR-160) can affect
carburization resistance by forming protective oxides such as Al2O3 and SiO2, which are stable at
the oxygen impurity levels in the environments.
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Figure 5-21 Carburization rate constants as a function of (Ni+Co):(Cr+Fe) ratio for several commercial alloys
tested at 871 °C in the gas 5

Despite the complexity of these alloys, their performance can be understood to some
extent using Wagner’s theory for internal oxidation (Eq. 2-15), which can also be used to
described the internal carburization [38]. Figure 5-22 illustrates the dependence of carburization
depth of commercial alloys on their chromium contents. It is seen that the carbon penetration
depth decreases by increasing the chromium content. In accordance with Wagner’s limiting Eq.
2-15, carbon penetration depth is expected to be inversely proportional to the Cr concentration.
As can be seen from the results, with increasing the Cr concentration the carbon penetration
depth decreases for most chromia-former alloys. However, in the case of alumina-former alloys,
the carbon penetration depth decreases rapidly with increasing Al concentration. Taking a closer
look at the microstructures of alloys 617, HR-224, and 214 after 100 h exposure to gas 5, it was
clearly observed that formation of a continuous alumina scale, as in the case of alloy 214, can
completely prevent carbon penetration in the substrate alloy. These findings are in agreement
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with previous studies by Lai [77] and Kane et al. [78] showing that alumina-scale forming alloys
such as 214 and MA956 performed significantly better than the other alloys. However, if this
oxide scale cracks or spalls (alloy HR-224) or if the alloy is unable to form a continuous layer of
alumina, carbon can penetrate into the alloy and internal carbides will form. Since Cr-carbide is
more stable thermodynamically than Cr-oxide under these highly reducing conditions, any
chromium oxide formed at the initial stages (i.e., during heating) will be transformed to Crcarbide, in which carbon has a relatively high mobility [79] (will be discussed in more detail on
model alloys in Chapter 5.4.2).
Alumina was shown to be the most protective barrier against carburization attack in
strongly reducing carburizing atmospheres (gas 5). It should also be noted that, in the
environments with lower carbon and higher oxygen activities, where chromia is stable to form an
external layer, internal carburization often still occurs. In recent studies by Young et al. [63, 80],
the formation of internal carbides were observed on Fe-Cr alloys after exposure to Ar-20CO2 at
650 °C. A two-stage test performed in Ar-O2 followed by Ar-CO2 gases clearly demonstrated
that carbon species could transport through the pre-existing Cr2O3 layer. Atom probe
tomography showed the enrichment of carbon at scale/alloy interface and at some oxide grain
boundaries. Considering that carbon has a very low solubility in the oxide [60], it was suggested
that grain-boundary transport of carbon is the main mechanism for carbon permeation through
the scale. However, no carbon transport through alumina scale, which has similar crystal
structure as chromia, has yet to have been reported to our knowledge.
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(a)

(b)
Figure 5-22 The dependence of carburization depth of a) chromia forming and b) alumina forming alloys
after 100 h exposure at 871 °C on their chromium contents

The distinctive behavior of alloy 214 may, at least in part, be attributed to the beneficial
effects of Y, which is present in a small amount in this alloy. The current results are in agreement
with a previous study by Tawancy et al. [45]. According to their TEM observations, the oxide is
mainly α-Al2O3 with small concentrations of Cr, Y and Ni. The beneficial effect of Y on
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improving the adherence of alumina scales is now established [81, 82, 83]. Several different
mechanisms have been proposed such as: enhanced scale plasticity, graded seal mechanism,
growth process modification, chemical bonding, vacancy sink model, formation of oxide pegs at
alloy/scale interface, and tying up sulfur in the alloy and preventing its segregation at alloy/oxide
interface. Relatively recent work by Smialek [83] conclusively identified the latter as the main
mechanism. It has been clearly shown that sulfur is the major source of spallation in alumina
scales and the interaction between reactive elements and sulfur improves the adhesion of scale.
The beneficial effect of Y may be seen by comparison of the results between alloy 214 and HR224. In both cases carbon penetration has been prevented at the initial stages (up to 10 h) due to
the formation of a continuous layer of alumina at the surface. However, in alloy HR-224 after
100 h exposure due to the failure of the oxide layer, carbon was able to penetrate into the
substrate alloy and form intragranular carbides. Although the effect of Y on scale adhesion has
been discussed mainly for the systems under cyclic conditions, it might also affect the adhesion
and overall quality of the scale during the isothermal exposures. In almost every study of
alumina-scale forming alloys, the formation of voids or cavities at the scale/alloy interface has
been mentioned. It has also been reported that segregation of RE elements affects surface energy
and, thus, can inhibit the formation interfacial voids by reducing the driving force for these voids
to grow and thereby improving the scale adhesion [84].
For the cases where a surface scale forms, the value of NC in Eq. 5-1 can be perturbed. It
should be noted that the carburizing atmosphere is the same for all exposure conditions;
however, when the scale forms, it can separate the alloy from the gas. The current results clearly
show that the alumina scales in two alloys 214 and HR-224 or silica scale in alloy HR-160 has
essentially no permeability for carbon. Carbide scales, on the other hand, grow by outward
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diffusion of chromium and when they form a continuous layer on the alloy surface, the carbon
activity beneath is established by the carbide-dissociation equilibrium. Since in most cases this
external carbide layer was characterized as Cr3C2, the carbon activity at alloy/scale interface can
be calculated through
𝐶𝐶𝐶𝐶3 𝐶𝐶2 = 3𝐶𝐶𝐶𝐶 + 𝐶𝐶

(5-2)

The underlined Cr and C in this reaction represent these constituents in the solid solution state
and, thus, they are not at unit activity. The equilibrium for this reaction can be defined in terms
of the activities of Cr and C in the alloy and the equilibrium constant K, as:
𝐾𝐾 =

3
𝑎𝑎𝐶𝐶𝐶𝐶
. 𝑎𝑎𝐶𝐶
𝑎𝑎𝐶𝐶𝐶𝐶3 𝐶𝐶2

(5-3)

The activity of carbon dissolved in the metal matrix in equilibrium with the carbide can then be
obtained as:
∴ 𝑎𝑎𝐶𝐶 =

𝐾𝐾. 𝑎𝑎𝐶𝐶𝐶𝐶3 𝐶𝐶2

∴ 𝑎𝑎𝐶𝐶 ↓

3
𝑎𝑎𝐶𝐶𝐶𝐶

≈

𝐾𝐾
[𝐶𝐶𝐶𝐶]3

𝑎𝑎𝑎𝑎 𝑋𝑋𝐶𝐶𝐶𝐶 ↑

(5-4)
(5-5)

Assuming that the metal matrix to be a regular solution, the aCr can be written as γXCr, where γ is
the activity coefficient. The activity of carbon at the alloy/scale interface is, therefore, dictated
by Eq. 5-4, which is lower than the carbon activity in the environment and therefore the depth of
the carbide precipitation zone would be expected to be shallower. It is also shown that the
activity of carbon is inversely related to Cr concentration in the alloy and, thus, the carbon
activity will decrease as the Cr concentration of the alloy increase, which, in turn, should
decrease the carburization depth.
Formation of internal carbide precipitates below the external carbide scale clearly shows
that carbon can easily diffuse through the carbide scale. It has been reported [79] that the atomic
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mobility of C in Cr3C2 is high mainly due to its small binding energy, as reflected in its relatively
low enthalpy of formation [45, 79]. In the case of alloys such as 617, Al2O3 forms during the
initial stages. However, since the concentration is not enough to support the formation of a
continuous alumina scale, carbon can still diffuse in and form internal carbides. This initially
formed Al2O3 will later be overgrown by Cr-carbide layer due to the outward diffusion of
chromium, especially in Ni-based alloys. This mechanism is shown schematically in Figure 5-23.

Figure 5-23 Schematic diagram illustrating the progress of carburization as a function of time in the presence
of a less protective surface carbide scale

In 1986, Kinniard et al. [85] showed that among several austenitic heat-resistant steels,
high nickel alloys are able to form Cr3C2 as a continuous layer in the external scale. In low nickel
materials, on the other hand, external scales of chromium-rich M7C3 might form, which is in
agreement with the results observed in this study. However, very little information is available
on the mechanism of the formation of such scales, since carbides form mainly internally due to
high inward flux of carbon in these alloys. Formation of external carbide scales under
carburizing conditions will be studied in more detail later in this thesis study using the designed
model alloys (Chapter 5.4.2).
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The effect of refractory-element additions on carburization resistance was unclear even
though refractory elements had an effect on carbide morphology. The two alloys 625 and 617
that contained high levels of refractory elements had a wide range of behaviors, where alloy 617
showed good and alloy 625 showed very poor carburization resistance. Refractory additions such
as Mo are expected to improve carburization resistance as they can increase NM in Eq. 5-1 by
forming additional carbides like Mo6C. The variation in behavior is inferred to be by the addition
of other alloying elements like Al in 617 that could have a stronger effect on carburization
resistance than refractory content.

5.1.4.3 Sulfidation-Carburization-Oxidation
Figure 5-24 shows the effect of chemical composition on the weight gain for all six commercial
alloys used in this study. It was shown previously that alloys with higher Fe content show much
higher weight gains after exposure to the gas 2 environment. Almost similar behavior can be
observed here in gas 3, apart from alloy 617, which showed a borderline behavior of both
protective and non-protective. In general, much higher weight gains were observed after 25 h
exposure to gas 3 compared to 100 h in gas 2, which shows the much faster corrosion kinetics in
this environment.
Formation of Cr-rich sulfides was observed in the outer scale of almost all alloys after 25
h exposure. Based on the location of gas 3 on Cr-O-S stability diagram (Figure 4-3), the coformation of Cr-oxide and Cr-sulfide is expected on these alloys. However, these diagrams are
generally limited to three component systems. Due to the multi-component nature of the gases
and complex alloy compositions in current study, the kinetic boundary can shift and also a third
dimension for carbon activity needs to be considered. It is known that the chemistry of the alloy
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can play a major role on the location of the kinetic boundary and stabilities of the oxides, sulfides
and carbides, which can be formed after exposure to mixed gas environments. This can clearly
be observed in the wide range of results obtained after 25 h exposure of different commercial
alloys to gas 3 at 871 °C. Higher stability of Cr-oxide is expected in alloy HR-160 with highest
Cr- and Co-content and in alloy 617 with addition of about 1.2 wt. % Al.

Figure 5-24 Effect of (Ni+Co):Fe ratio on the weight gain for six different commercial alloys after exposure to
gas 3 for 25 h at 871 °C

As shown by the cross-sectional micrographs (Figure 5-18), in most alloys formation of
Cr-sulfide was observed even at small amounts. In addition, all of the alloys except HR-160
exhibited some degree of internal sulfidation. It is important to note that gas 3 has slightly lower
oxygen potential compared to gas 2 and also higher carbon activity. So, it is possible that the
majority of internal attack is actually due to the internal carburization and presence of a less
protective oxide scale due to the co-formation of sulfides and oxides.
Three different corrosion-product microstructures were observed on the alloys studied.
The first group is represented by localized breakdown of a Cr2O3 scale and subsequent formation
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of Ni-rich sulfides on top such as alloy 617 (100 h exposure) and 625 (25 h exposure). The
second group, including alloy HR-120 and 617 after 25 h exposure, showed the formation of NiFe or Ni-Co-rich sulfide nodules on top, followed by a Cr-oxide and Cr-sulfide mixed region and
a porous substrate containing a mixture of oxides and sulfides. A reaction model for formation of
such structure was previously proposed by Tiearney et al. [86]. In their model they explained that
at initial stages Cr2O3 and sulfides of the base metal (Ni, Co or Fe) compete for the surface sites.
Since the sulfides of the base metal grow faster than Cr-oxide, they overgrow the oxide as the
reaction proceeds and they can quickly cover the whole surface if they are molten at the
temperature of the reaction. Then the chromium diffusing up from the matrix will react with the
base metal sulfide at the scale-metal interface and forms chromium sulfide, which also grows by
outward cation diffusion. Outward diffusion of metals leads to formation of voids and porosity in
the substrate alloy. As a result, sulfur diffuses in and reacts with the remaining chromium in the
matrix to form internal chromium-rich sulfides in a Cr-depleted matrix.
However, the effect of carbon is absent in this model by Tiearney et al. [86]. Based on
our observation from the third group of alloys (214 and HR-224) and the extensive internal
degradation observed on these alloys, carbon plays a major role in corrosion behavior in such
atmospheres. The chromium content of alloys 214 and HR-224 among the tested commercial
alloys are the lowest. Therefore, in the absence of a protective alumina layer, these alloys are
most susceptible to extreme carburization attack. In addition, closer investigation of the reaction
front in HR-224 and HR-120 clearly showed the formation of internal Cr-rich carbides. Rapid
transformation of these internal carbides to sulfide by the sulfur diffusing into the alloys and
releasing the carbon, which diffuses further into the alloy to react with chromium, was shown
previously by Young et al. [55, 54]. However, the question remains if carbon is the main reason
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for changing the mode of degradation from mainly external in group 2 to mainly internal in
group 3. Also, it is still not clear if increasing the carbon content in gas 3 compared to gas 2 can
shift the oxide/sulfide kinetic boundary to lower oxygen partial pressures.
Detailed and systematic study of the effect of different gas species and chemical
composition on degradation mechanisms using commercial alloys can be an extremely difficult
task. Since all commercial alloys tested in this study were heavily alloyed with a wide variety of
elements, finding trends for their resistance to sulfidizing, carburizing, or even more complex
mixed environments is difficult. As a result, the main focus of the next chapter will be on the
effect of different species in the environment on corrosion behavior of the simplest case, pure
chromium, to better understand the interactions among these species and their effects on modes
of degradation. In the following chapters, using the preliminary results of commercial alloys,
model alloys will be designed to study the effect of both major and minor alloying elements.

5.2

5.2.1

ENVIRONMENTAL EFFECT

Results

The behavior of pure chromium in several environments containing different oxygen, sulfur and
carbon activities was studied at 871°C. Measured weight changes of pure Cr exposed for 25 h to
the four environments at 871 °C are compared in Figure 5-25. It is seen that the highest weight
gain occurred for the sample exposed to gas 3, which had both high sulfur and carbon activities.
The lowest weight gain, on the other hand, occurred to the sample exposed to gas 4, which had
10% water vapor. SEM and EDX analyses of the corroded cross-sections (Figure 5-26) showed
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the formation of a multi-layer structure on the sample exposed to gas 1. The scale in this case
consisted of an outer layer of Cr-sulfide (56.9S-43.1Cr), followed by a thin intermediate mixed
region of Cr-oxide and Cr-sulfide (38.2O-4.8S-57Cr overall) and a thick inner zone rich in both
Cr-oxide and Cr-sulfide. (All compositions are given in at.% unless stated otherwise.) In gas 2 on
the other hand, a relatively thick and porous Cr2O3 layer containing dispersed Cr-sulfide
particles formed. EDX analysis of the scale showed an average of 7at.% sulfur in the scale. In
gas 3, simultaneous formation of oxide and sulfide occurred followed by a mixed inner zone. In
the case of gas 4 exposure, a continuous chromia scale formed together with void formation at
the metal/scale interface. No sulfidation or carburization attack was observed.

Figure 5-25 Weight change measurements after 25 h exposure to different environments at 871°C
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Figure 5-26 SEM cross-section images of pure Cr after exposure (a) gas 1, (a) gas 2, (a) gas 3, and (a) gas 4 for
25 h

Exposure to gas 1 resulted in the formation of a chromium sulfide scale even though the
oxygen partial pressure was higher than that in both gas 3 and gas 4. Based on the cross-sectional
images it is inferred that gas 3 is very close to the so-called “kinetic boundary” [87, 88], where
simultaneous oxide and sulfide formation can occur. Gas 4, on the other hand, is completely in
the oxide stability regime even though it has an oxygen partial pressure lower than that in both
gas 1 and gas 2. As will be presented, O2 is not the main oxidant under these gas conditions.
Rather, mass-transfer calculations confirmed that either H2O or CO2 is the main reactant.
The effect of atmosphere composition is most interesting in the cases of gases 2 and 3.
For the pure chromium exposed to gas 2 for 25 h, the chromia scale that formed was remarkably
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thick. In addition, by increasing the carbon activity from 0.2 in gas 2 to 1 in gas 3, more
extensive degradation was observed in which the mode of attack changed from oxidation to
mixed sulfidation-oxidation-carburization. Thus, key questions to address are with regard to the
criteria to form a thick chromia scale under conditions of gas 2 and a complex structure resulting
from mixed attack under gas 3.
Figure 5-27 shows an SEM cross-sectional image of pure chromium after exposure to gas
2 for 25 h and the associated EDS maps of oxygen (blue) and sulfur (green), which are
superimposed. It is seen that sulfur is detected throughout the scale. Chromium-sulfide
precipitates were also found to be present at the metal surface.

Figure 5-27 (a) SEM cross-sectional image of pure Cr after exposure to gas 2 for 25 h and (b) overlapped EDS
maps of sulfur and oxygen. The middle region is epoxy resin stemming from detachment of the scale from the
metal substrate
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Figure 5-28 Electron backscatter diffraction (EBSD) data acquired from the scale formed on pure Cr after
exposure to gas 2 for 25 h at 871°C: (a) phase distribution map and (b) inverse pole figure orientation map

Figure 5-28 presents a phase-distribution map and corresponding microstructure of the
scale formed on pure chromium after 25 h exposure to gas 2. The grain structure is mainly
equiaxed throughout the scale. However, the grain size varies from the metal/scale interface to
the scale/gas interface. According to the orientation map in Figure 5-28(b), the scale is duplex in
structure, with an inner layer comprised of smaller grains with random orientations and an
external layer of 〈0001〉-textured larger grains. According to the phase distribution map, the
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scale is mainly chromia. However, small Cr2S3 particles concentrated along the boundary
between the duplex layers was observed. This boundary is believed to be the location of the
original alloy surface, with the sulfide precipitates formed during the initial stages of exposure
and then later overgrown by chromia.
To obtain further insight on the growth mechanism of the scale formed in gas 2,
additional experiments with varying exposure times were carried out in this environment. Figure
5-29 shows the mass change after 5, 10, and 25 h exposure at 871°C. It is seen that the scaling
kinetics increased rapidly between 5 and 10 h exposure. SEM images of the polished crosssections of these samples are presented in Figure 5-30. A continuous chromia scale formed after
5 h exposure, together with voids at the metal/scale interface. No sulfide could be detected in the
scale or at the metal/scale interface at this stage. The amounts of the initially formed sulfides
may be too low to be detected by EDS. The formation of interfacial voids is a manifestation of
the Kirkendall effect [89] owing to the oxidation of Cr and its outward transport through the
scale to react at the scale/gas interface. The relatively thick scale observed after 10 h exposure
had a similar structure to that formed after 25 h exposure. The presence of dispersed sulfide
particles inside the chromia scale and a sulfide layer at the metal/scale interface were clearly
observed (Figure 5-30(b)).
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Figure 5-29 Measured weight-changes for pure chromium exposed to gas 2 at 871°C for 5, 10, and 25 h

(b)

(a)

Figure 5-30 SEM cross-sectional image of pure Cr after exposure to gas 2 for (a) 5 h and (b) 10 h (the scale
after 10 h exposure was detached from the metal substrate; as a result, the position of the scale shown here
does not match exactly with the substrate)

For a more detailed analysis of the sample exposed to gas 2 for 25 h (Figure 5-31), two
FIB lamellae were prepared for TEM characterization. Figure 5-31 presents resulting crosssectional STEM images of the scale. The scale has an average grain size of about 440 nm;
however, the grain-size distribution varies across the thickness, with larger grains about 640 nm
in breadth close to the scale/gas interface and smaller grains about 240 nm in breadth at the
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bottom of the scale closer to the metal/scale interface. The void content increases closer to the
metal/scale interface, such that the scale close to the scale/gas interface is apparently dense.

Figure 5-31 (a) SEM cross-sectional image of the scale formed on pure Cr after exposure to gas 2 for 25 h at
871 °C with the selected areas for FIB preparation indicated, (b) cross-sectional STEM image of the scale
close to Cr/scale interface and (c) cross-sectional STEM image of the scale close to the scale/gas interface

To better understand the effect of environment on chromia-scale growth, a pure
chromium sample was exposed to dry air in a thermogravimetric analysis (TGA) system for 25 h
at 871°C. The weight-gain kinetics were found to be in accordance with the parabolic rate law
(Figure 5-32), with the oxdiation rate constant calculated to be 4.1×10-12 g2cm-4s-1. This value is
in agreement with previously reported data [90, 91] which, from interpolation, give a kp of about
4×10-12 g2cm-4s-1 at 871°C in oxygen.
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Figure 5-32 Measured weight-change kinetics for pure chromium isothermally exposed to untreated air at
871°C

As indicated in Figure 5-33, the chromia scale that formed after 25 h of exposure
detatched from the substrate on cooling to room temperature. The scale was also highly
convoluted, suggesting the presence of large internal stresses. According to the EBSD orientation
map, the scale consists mainly of large columnar grains with random orientaions and an average
grain width of about 940 nm. Figure 5-34 shows corresponding cross-sectional STEM images of
the scale formed in air. The average scale thickness is around 3.5 µm. The observed columnar
grains have an average length of 2.5 µm and width of about 0.9 µm. A much finer grain structure
was observed at the bottom of the scale near to the metal/scale interface, which is believed to be
the initially formed oxide grains. It is noteworthy that the scale thickness increased from 3.5 µm
in air to 17.4 µm in gas 2 for the same exposure time of 25 h.
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Figure 5-33 (a) Cross-sectional SEM image and (b) EBSD inverse pole figure orientation map of pure
chromium exposed to dry air for 25 h at 871°C

117

Figure 5-34 Cross-sectional STEM image of the scale formed on pure chromium after exposure for 25 h in
dry air at 871°C

Significantly greater weight gains was observed for the pure chromium sample exposed
to gas 3 compared to other environments. Figure 5-35(a) shows a cross-sectional image of the
pure chromium sample exposed to gas 3 for 25h. The co-formation of chromium oxide and
chromium sulfide can clearly be seen from the EDS maps of oxygen and sulfur. The EBSD band
contrast and phase distribution maps, Figure 5-35(b) and (c), identified the scale constituents to
be Cr2O3 and Cr2S3. The external scale consists of a mixture of sulfide and oxide with an
extremely fine grain size at the bottom and larger columnar grains of Cr2S3 at the top. The inner
attack region (Figure 5-36), however, shows three major zones, as indicated by differences in
contrast. EDS measurements in each of these zones gave compositions of 51Cr-28S-21O in zone
1, 45Cr-19S-25O-11C in zone 2, and 69Cr-1S-18O-12C in zone 3. The relative differences in
carbon content in these zones is more indicative of a trend than anything specific owing to the
semiquantitative nature of the EDS measurement method, particularly of a light element like
carbon. Even so, it is inferred that the carbon content progessively increases from almost nothing
in zone 1 to a measureably significant level (~12 at. %) in the innermost zone 3. Sulfur, on the
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other hand, decreases from 28 at. % in zone 1 to about 1 at. % in zone 3, suggesting that the main
constituents in the inner corrosion zone are (Figure 5-36): sulfide and oxide in zone 1; sulfide,
oxide, and carbide in zone 2; and mainly oxide and carbide in zone 3.

Figure 5-35 (a) SEM cross-sectional image and EDS maps of sulfur and oxygen, (b) EBSD band contrast map,
and (c) phase distribution map of pure Cr after exposure to gas 3 for 25 h

Figure 5-36 (a) SEM cross-section image and (b) EDS measurements of the inner corrosion zone of pure Cr
after exposure to gas 3 for 25 h
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5.2.2

Discussion

5.2.2.1 Gas flux calculations
Before proposing any possible corrosion mechanisms under the atmospheres tested, it is
informative to ascertain the main oxidant(s). The maximum flux of a given gaseous species i to
the alloy surface can be approximated by the expression [92, 93]
𝐽𝐽𝑖𝑖 =

𝑘𝑘𝑚𝑚(𝑖𝑖) 𝑃𝑃𝑖𝑖
𝑅𝑅𝑅𝑅

(5-6)

where J is the flux and km is the mass transfer coefficient, which can be estimated from masstransfer theory via
𝑘𝑘𝑚𝑚 = 𝑆𝑆ℎ

𝐷𝐷𝑖𝑖(𝑁𝑁2 )
𝐿𝐿

(5-7)

Here L is the sample length, Di(N2) the diffusion coefficient of species i in nitrogen, and
Sh is the Sherwood number. The diffusion coefficient can be calculated from the kinetic theory
of gases as formulated in the Chapman–Enskog equation. The Sherwood number is estimated
from the gas density and viscosity. Using calculated km values and the equilibrium partial
pressures for a given gas mixture, the mass fluxes of O2, CO2, H2O, and H2S were calculated via
Eq. (5-6) and the results are summarized in Table 5-2.
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Table 5-2. O2, CO2, H2O, and H2S mass fluxes
Gas 1
Pi (atm)

Gas 2
2

Ji (g/cm .s)

Pi (atm)

-22

5.6×10-26

2.1×10

-4

7.8×10-8

4.7×10

-4

1.0×10-8

1.3×10

-3

8.2×10-8

1.2×10

O2

7.9×10

CO2

9.4×10

H 2O

2.3×10

H 2S

1.2×10

Gas 3
2

Ji (g/cm .s)

Pi (atm)

-20

1.5×10-24

1.3×10

-3

3.9×10-7

1.6×10

-3

5.8×10-8

2.5×10

-3

8.2×10-8

4.6×10

Gas 4
2

Ji (g/cm .s)

Pi (atm)

-22

9.3×10-27

4.1×10

-4

1.3×10-8

5.0×10

-3

1.1×10-7

4.2×10

-3

3.1×10-7

4.1×10

2

Ji (g/cm .s)

-22

2.9×10-26

-4

4.1×10-8

-3

1.9×10-7

-3

2.8×10-7

An actual instantaneous oxygen flux for chromia-scale growth can be calculated from the
scale thickness formed on Cr after 25 h in gas 4 by assuming
𝑥𝑥 2 = 2𝑘𝑘𝑃𝑃 𝑡𝑡

(5-8)

where x is the scale thickness (cm), t is time (s), and kP is the parabolic scaling constant in cm2/s.
The oxygen flux necessary to form such a scale is therefore generally given by
1 𝑘𝑘𝑃𝑃
𝐽𝐽𝑂𝑂 = �
2 𝑡𝑡

(5-9)

which is about 5.1×10-10 g/cm2.s after 25h of reaction and much higher than the calculated
oxygen flux for all four environments (Table 5-2). Thus, O2 cannot be the principal oxidant in all
gases studied. Knowing that the decomposition of CO2 is relatively slow [13], H2O is inferred to
be the main oxidant in each environment tested. In accordance with this, the sample exposed to
gas 4 had the highest flux of H2O and formed a continuous and exclusive chromia scale, while
the sample exposed to gas 1, which had the lowest H2O flux, was apparently on the sulfidation
side of the Cr-sulfide/Cr-oxide kinetic boundary, such that sulfidation was the predominant mode
of attack.
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5.2.2.2 Microstructural development in gas 2
Observations of the chromium samples reacted in different environments illustrate the complex
effect of different gas species on the reaction mechanisms. Under conditions of the gas 2
environment with an oxygen partial pressure of about 2.1×10-20 atm, a thick duplex chromia
scale had formed followed by sulfide formation at the Cr2O3/Cr interface. Chromia-scale growth
in H2O-containing environments with low partial pressures of oxygen has been studied by others
[94, 95, 96, 97]. Hänsel et al. [97] studied the oxidation of Ni-25Cr at 1000˚C in a low PO2 test
gas of Ar-2%H2-2%H2O and inferred that oxygen from the water vapor is the principal oxidant
for chromia-scale growth. According to these authors, the oxide growth is dictated mainly by the
outward diffusion of Cr, which led to Kirkendall void formation at the alloy/scale interface.
These voids may subsequently fill with oxide via an H2-H2O dissociation process [98, 99]. By
contrast, Zurek et al. [94] showed using isotope profiling that Cr2O3-scale formation in H2Ocontaining environments mainly proceeds by the predominance of inward oxygen grainboundary diffusion which, in combination with the H2-H2O dissociation process, causes better
adherence and prevents the establishment of voids at the alloy/scale interface. It is clear from
those two recent studies that the growth mechanism of chromia scales in H2O-containing
environments is unresolved.
In the present investigation, a time study was done using pure chromium in gas 2 in order
to more carefully elucidate the growth mechanism. Based on the current results and literature
data, the deduced scaling mechanism is summarized schematically in Figure 5-37. During the
initial stages of the reaction, oxide and sulfide can form simultaneously due to the high H2O and
H2S fluxes in the gas; however, since Cr2O3 is thermodynamically more stable in gas 2
conditions, it can overgrow the initially formed sulfides to establish gas/scale equilibrium.
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During the scale growth process, voids start to form at the metal/scale interface. The void
formation at the Cr/Cr2O3 interface clearly resulted from chromium consumption and can,
therefore, be interpreted as a sign of outward scale growth during the initial stages of reaction.
The interfacial voids were apparently able to persist for a certain period. This is not in agreement
with other studies [94, 98, 99, 100], which clearly revealed that in water vapor-containing
environments the tendency for formation of the interfacial voids and porosity can be eliminated
or at least reduced by the rapid gas-phase transport of oxygen within the pore space. A plausible
explanation could be linked to the adsorption of sulfur at the internal surfaces of these voids,
which poisons the oxidation reaction and hence precludes void space filling. Due to the large
number of the interfacial voids, scale contact with the substrate is greatly reduced, which restricts
Cr supply and consequently causes a relatively low effective growth rate of the scale. However,
water vapor can eventually diffuse through the chromia scale and facilitate oxide formation
within the void space at the metal/oxide interface. By filling these void spaces, continuity
between the scale and substrate metal is achieved and there is a consequent increase in the
scaling kinetics (Figure 5-29). Such a mechanism can result in the formation of a duplex layer,
where the outer scale growth is dictated by cation diffusion and the inner zone, on the other
hand, is the result of the oxide growth within the metal consumption zone.
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Figure 5-37 Schematic of the oxide scaling process on pure Cr in gas 2 at 871 °C

In the cases where the chromia scale grows mainly by outward chromium diffusion
(especially in the absence of H2O and at high PO2 levels), formation of a large columnar grain
structure is reported [94, 95, 96, 97]. Under such conditions, the oxide grains at the free surface
can easily grow in size without any constraints. Similar behavior was observed in this study with
the sample exposed to the dry-air atmosphere. However, comparison of the results between dry
and wet atmospheres suggests that water vapor in the environment interacts with oxide grainboundaries. According to Young [95], under wet oxidizing conditions the H2O molecules can be
adsorbed on the oxide grain boundaries and hinder their movement and grain growth. What
results is a fine-grained equiaxed structure. It was also reported by Galerie et al. [101] that in the
presence of water vapor and at lower PO2 levels, the growth mechanism changes to mainly
inward growth, possibly due to the transport of hydroxyl ions along the grain boundaries. By
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contrast, in the current study, the grain structure observed in the outer scale (believed to grow
mainly by outward diffusion of cations) after exposure to gas 2 was more equiaxed and the grain
size was much smaller than in dry air. Indeed, adsorption of H2O molecules may be one
possibility causing the change in grain size and structure. However, the sulfur- and carboncontaining species in the environments used in this study may also be a factor by adsorbing on
grain-boundaries and, thus, affecting their movement and growth. Specifically, under such
conditions nucleation is favored over growth and a fine equiaxed-grained scale structure results.
Competetive adsorption of different species on internal surfaces of the scale, such as grain
boundaries, has been reported previously [102, 103, 104, 105]. Young and Watson [55] and
Zheng and Young [54] also showed that the presence of sulfur and water vapor in the atmosphere
affects the transport properties of other species, such as carbon and nitrogen, through the scale.
The results observed by other researchers and those observed in this study together strongly
indicate the ability of sulfur-containing species and water vapor in the gas to interact with
internal surfaces of a chromia scale, to the extent that transport properties are changed and the
scaling mechanism is affected. The grain-boundary diffusion contribution to the scaling kinetics
will be discussed next.

5.2.2.3 Grain size effect
Although an exclusive chromia scale had formed under both gas 2 and dry air conditions, it was
observed that scaling was much faster in the former. According to the TEM cross-sectional
images of these two specimens, the oxide scale formed in the dry air showed large grains with a
columnar morphology. In contrast, the oxide formed in the gas 2 was polycrystalline with a very
small grain size. These results suggest that the faster scale growth in gas 2 proceeds to a large
extent via relatively rapid grain-boundary diffusion. Considering that the oxide grew according
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to parabolic kinetics in both gas 2 and dry air, the scale thickness at a given time is given by the
rate law in Eq. (5-8)
According to the Wagner’s theory [38], the oxidation kinetics are controlled by the
transport properties of the oxide scale. As summarized by Atkinson [14] the following
expression for the parabolic rate constant is related to the tracer self-diffusion coefficients D* in
the oxide (Moα),
𝐼𝐼𝐼𝐼

∗
𝐷𝐷𝑀𝑀
𝐷𝐷𝑂𝑂∗
𝑘𝑘𝑃𝑃 = � �𝛼𝛼
+ � 𝑑𝑑�𝑙𝑙𝑙𝑙𝑎𝑎𝑂𝑂2 �
𝑓𝑓𝑀𝑀 𝑓𝑓𝑂𝑂

(5-10)

𝐼𝐼

where f is the correlation coefficient for diffusion, aO2 is the molecular oxygen activity
(approximately equal to the partial pressure of oxygen) and the limits of integration are the
metal/scale (I) and scale/gas (II) interfaces.
In the case of Cr2O3-scale formation, the existing data show that the oxide itself has very
good protective properties and the reported lattice diffusion coefficients are extremely low [14].
In fact, the reported diffusion coefficients are far too low to explain the oxidation rates observed
for chromium under the different environments used in this study. According to the literature
[14, 106, 107, 108], grain-boundary diffusion coefficients are orders of magnitude faster than the
coefficients for lattice diffusion. The contribution of grain-boundary diffusion can be represented
∗
in an effective diffusion coefficient 𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒
given by [109]

where DLattice

(𝐷𝐷𝑔𝑔 𝛿𝛿)∗
(5-11)
𝑔𝑔
is the lattice and Dg is the grain boundary diffusion coefficient, δ is the grain
∗
𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒
≃ 𝐷𝐷𝐿𝐿𝐿𝐿𝐿𝐿𝐿𝐿𝐿𝐿𝐿𝐿𝐿𝐿 + 2

boundary thickness, and g is the grain size of the oxide scale. Using Eq. 5-11 and taking Dg>>
DLattice, the ratio of effective diffusion coefficients in gas 2 and dry air can be written as
∗
𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒
(𝑔𝑔𝑔𝑔𝑔𝑔 2)

∗
𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒
(𝑑𝑑𝑑𝑑𝑑𝑑 𝑎𝑎𝑎𝑎𝑎𝑎)

=
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𝑔𝑔𝑑𝑑𝑑𝑑𝑑𝑑 𝑎𝑎𝑎𝑎𝑎𝑎
𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔 2

(5-12)

for the oxide scales having grain sizes of 440 nm (gas 2) and 940 nm (dry air), this ratio is
∗
calculated to be around 2.1. However, substituting 𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒
in Eq. 5-10 gives
𝐼𝐼𝐼𝐼

∗
𝑘𝑘𝑃𝑃 = � 𝐷𝐷𝑒𝑒𝑒𝑒𝑒𝑒
𝑑𝑑�𝑙𝑙𝑙𝑙𝑎𝑎𝑂𝑂2 �

(5-13)

𝐼𝐼

and knowing the scale thickness, reaction time, and partial pressures of oxygen at both
interfaces, the ratio of effective diffusion coefficients in gas 2 to dry air is calculated to be 110,
which is far higher than the calculated 2.1 based on the grain-size measurements. Thus, grainboundary diffusion cannot solely account for the observed oxidation rates in gas 2. This shows
that the scale formed under the conditions of gas 2 contains even faster transport pathways
perhaps due to the presence of other species (sulfur or carbon containing species) in the gas
affecting Dg in some way that is currently not understood in chromia scale systems.
A previous study by Heuer et al. [110] on alumina scales showed that both grainboundary diffusion coefficients of Al (𝐷𝐷𝑔𝑔𝐴𝐴𝐴𝐴 ) and oxygen (𝐷𝐷𝑔𝑔𝑂𝑂 ) are orders of magnitude larger than

lattice diffusion (105 for Al and 108 for oxygen). Moreover, it was also shown that not all grain
boundaries are equal when it comes to enhanced diffusion. The diffusion properties of the scale
can vary according to the differences in diffusion coefficients along random high-angle grain
boundaries. That study along with others [111, 112] clearly showed that oxygen diffusivities in

alumina scales can vary by a factor of 103, depending on the grain boundary character and
atomic structures. In this study, the measured grain-boundary diffusion coefficient in the chromia
scale formed in gas 2 is higher than that formed in dry air atmosphere by a factor of 102, which is
within the 103 range reported for diffusivities in alumina scale. Thus, it is possible that the
significantly enhanced diffusion in the chromia scale formed in gas 2 could also be due to the
higher diffusion coefficient of the grain boundaries aligned in the growth direction of the scale.
The predominance of one orientation in the outer scale of the sample exposed to gas 2 compared
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to that exposed to dry air might also be due to the sulfur presence at the internal surfaces such as
grain boundaries, favoring a specific rapid transport orientation. Further investigation of these
hypotheses for Cr2O3 scales is clearly needed.

5.2.2.4 Microstructural development in gas 3
The scale formed during exposure to gas mixture 3 contained both oxide and sulfide. The total
weight gain per unit area was more than two times greater than that for gas mixture 2 (see Figure
5-25). Continuous sulfide paths through the entire scale thickness were observed, with larger
sulfide grains close to the scale/gas interface. It should be noted that although the calculated
equilibrium partial pressure of sulfur (PS2) is lower in gas 3 compared to gas 2, the flux of H2S to
the surface of the sample is more than three times higher, which can increase the relative
amounts of sulfide formation at the initial stages compared to oxide. LaBranche and Yurek [8]
previously studied the effect of PH2O/PH2S ratio on oxidation resistance of pure chromium in H2H2O-H2S gas mixtures at 900 °C. They showed that a critical value of the PH2O/PH2S ratio in the
environment is necessary to promote formation of a protective Cr2O3 scale over the metastable
sulfide. Based on their observations, this critical value of the PH2O/PH2S ratio was determined to
be between 3 and 10 in the case of pure chromium at 900 °C. In this study, exposure of
chromium to the gas mixture 3 with a lower PH2O/PH2S =0.5 resulted in a more aggressive attack
than what was observed for gas mixture 2 with PH2O/PH2S =1.1. Even though Cr2O3 is still the
thermodynamically more stable phase in gas mixture 3, the observed co-formation of oxide and
sulfide in the outer scale indicates that the kinetic boundary of Cr-oxide/Cr-sulfide in Cr-O-S
phase stability diagram is slightly shifted to the right, where gas 3 is now located on this
boundary. As a result, the initially formed metastable sulfides can continue to grow due to the
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kinetic factors, which will result in a fast-growing scale comprised of Cr-oxide and Cr-sulfide.
The fast growth rate of the scale under such conditions is a consequence of both continuous
diffusion pathway through the sulfide phase and the phase boundaries of oxide/sulfide, which
can act as fast diffusion pathways.
It should also be noted that the presence of other species, most importantly carbon, can
affect the oxide/sulfide transition and the corrosion mechanism. Gas 3 in this study had a higher
carbon activity than that in gas 2 and a relatively deep porous inner corrosion zone was observed
after 25 h exposure to gas 3. EDS measurements across the inner attack zone confirmed the
formation of the Cr-carbide at the reaction front (Figure 5-36). Formation of the inner corrosion
zones depends on the ability of different oxidants in the gas to penetrate the scale. It has been
shown [54, 55, 63] that carbon penetrates the Cr2O3 scale mainly by molecular transport through
internal surfaces and physical imperfections. The mixed interwoven oxide-sulfide structure of the
external scale with phase boundaries aligned in the diffusion direction apparently increases the
carbon permeability toward the scale/metal interface compared to only oxide grain boundaries in
the sample exposed to gas 2. The increased carbon permeability led to an increase in carbon
activity at the scale/metal interface, where oxygen activity is lowest. As a result, the carbide was
stable to form. Finally, the sulfide also dissociated at the heavily voided metal/scale interface
(formed mainly due to the rapid outward growth of the mixed scale) and released sulfur, which
could also form Cr-sulfides. In accordance with the analysis presented by Meijering [113], the
sequence of phases formed in the mixed inner attack zone occurred in the order of their
thermodynamic stability, with the most stable phase (oxide) at the surface and the least stable
(carbide) at a greater depth in the alloy. Furthermore, the higher carbon activity in gas 3 might
play a more important role in changing the reaction pathways for gas 2 to gas 3 by affecting the
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corrosion mechanism at initial stages of reaction. However, a clearer understanding of the effect
of carbon requires further investigation.

5.3

MODEL Ni-Co-Cr ALLOYS

The first set of model alloys used in this study are two ternary Ni-Co-Cr alloys with chemical
compositions of 38Ni-40Co-22Cr and 32Ni-40Co-28Cr (compositions in at.%). Based on the
previous study done by Wu [70], it was shown that in Ni-Co-base alloys when the Ni:Co majorelement ratio is near unity, the alloy has optimum sulfidation resistance by lowering the risk of
Ni3S2 formation (at 750 °C). In the current study, the abovementioned ternary model alloys, both
with a Ni:Co ratio close to 1 and different levels of Cr were tested at a higher temperature of 871
°C. The corrosion behavior of these alloys was studied in all five environments with different
oxygen, sulfur, and carbon potentials. The results after exposure to these environments are
discussed in this chapter.
Figure 5-38 summarizes the weight-gain results of the 38Ni-40Co-22Cr and 32Ni-40Co28Cr alloys after 25 h exposure to all five environments. The lowest weight gains occurred to the
samples exposed to gas 4 containing 10% water vapor. Under this condition, a protective
chromia scale formed on both alloys and no further attack was observed. The highest weight
gains, on the other hand, were observed for the samples exposed to gas 3 containing 3% water
vapor and high sulfur and carbon activities. The complex morphological developments after
exposure to these environments are discussed next.
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Figure 5-38 Weight change measurements of 38Ni-40Co-22Cr and 32Ni-40Co-28Cr after 25 h exposure at 871
°C

5.3.1

Sulfidation-Oxidation

Cross-sectional micrographs of both alloys after 25 h exposure to gas 1 (Figure 5-39) exhibit
mainly Cr-sulfide in the outer scale with metallic Ni and Co regions at the grain boundaries. The
sulfide scales on both alloys contain small amounts of Ni and Co (3-5 at. % combined). The
grain boundary regions in both scales contain bright phases, which were identified as metallic
nickel and cobalt. These metallic regions may have formed upon cooling due to the rejection of
Ni and Co from the sulfide (i.e., solubility decreases with decreasingtemperature). The subscale
region contained a substantial amount of porosity and internal chromium sulfides (58.6S-36.7Cr2.8Co-2Ni (at. %) near the interface and 42.2S-32Cr-13.4Co-12.5Ni (at. %) at the bottom of the
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internal attack area). The above results show that the composition of gas 1 is located on the left
side of the Cr-sulfide/Cr-oxide kinetic boundary in Cr-O-S stability diagram (Figure 4-3) and,
hence, in the sulfide stable region, where no protective oxide scale can be formed and the mode
of attack is mainly sulfidation.

Figure 5-39 SEM cross-sectional micrographs of ternary model alloys (a) 38Ni-40Co-22Cr, and (b) 32Ni40Co-28Cr after 25 h exposure to gas 1

Addition of 0.6% water vapor to the gas 1 (gas 2) completely changed the behavior of
these alloys. Figure 5-40 shows SEM cross-sectional images of the abovementioned model
alloys after 25 h exposure to gas 2. According to the EDS measurements, a Cr2O3 layer was
formed initially on both model alloys. However, this scale was not protective enough and
localized breakdown of the scale and formation of Ni3S2 and Co9S8 nodules can be observed. Crsulfide also formed at the scale/metal interface. The scale was again followed by a porous
subscale, which also contains internal chromium sulfides. Taking a closer look at the surface
images of these two samples, it is seen that a relatively large protective region of Cr-oxide still
remains after 25 h exposure of the alloy with higher Cr additions of 28%. This shows the slightly
better protection provided at higher levels of chromium addition.
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Figure 5-40 SEM cross-sectional micrographs and surface images of (a) 38Ni-40Co-28Cr, and (b) 32Ni-40Co28Cr after 25 h exposure to gas 2

It should also be noted that although the two environments of gas 1 and 2 contain all
corrosive species of oxygen, sulfur, and carbon, the carbon activity (aC=0.2) is considerably
lower than gases 3 and 4 (aC=1, which will be studied later in this chapter). No carbide formation
was observed after exposure to gas 1 or 2, although, it is possible that the amount of the carbides
formed is too low to be detected with EDS. Before moving on to the more aggressive
environments of gas 3 and 4, it is worthwhile to study the effect of carbon on the corrosion
behavior of these alloys. The behavior of these model alloys in a carburizing environment will be
studied next.
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5.3.2

Carburization

In order to better understand the effect of carbon, reaction in a single oxidant (carburizing)
environment was considered. The experiments were done in an Ar-H2-C3H6 (gas 5) atmosphere
with a carbon activity close to unity. The precipitation of Cr3C2 (confirmed by XRD) near the
surface and the formation of internal Cr7C3 after carburizing of both ternary model alloys are in
agreement with the results of a previous study [114], which also identified Cr3C2 and Cr7C3 in
Ni-25Cr in an Ar-CH4 environment at 850°C after 1000 h of exposure.

Figure 5-41 XRD spectra of the carburized surfaces of the tested model alloys
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Figure 5-42 SEM cross-sectional micrographs of (a) 38Ni-40Co-22Cr, and (b) 32Ni-40Co-28Cr after exposure
to gas 5 for 25 h

Figure 5-42 shows the cross-sectional images of these alloys after exposure to gas 5 for
25 h. Formation of internal Cr-rich carbides can clearly be seen. When alloys are exposed to very
reducing carburizing gases similar to gas 5, no protective oxide scale can be formed. Therefore,
carbon can easily diffuse into the substrate alloy and tie-up the chromium in the alloy by
formation of internal Cr-carbides. The remaining substrate alloy around these carbides has very
little chromium content.
As was discussed in chapter 2 of this thesis, carburization (in most cases) follows the
parabolic behavior. Using the average carbon penetration depth in these alloys and Eq. 2-16,
parabolic rate constants can be calculated. It has also been known that the rate at which the
carbide precipitation zone deepens is given by Eq. 5-1. Accordingly, the kP and carbon
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permeability in both alloys were calculated and are reported in Table 5-3. Comparison of the
calculated permeability with values found in the literature for Ni-20Cr [13] shows that they are
approximately in agreement with each other. Thus, it can be concluded that the internal
carburization of these Ni-Co-Cr alloys are controlled by lattice diffusion of carbon through the
depleted metal matrix.

(𝐬𝐬)

Table 5-3 Comparison of experimentally determined carbon permeabilities 𝐍𝐍𝐂𝐂 𝐃𝐃𝐂𝐂 (cm2.s-1) for alloys 1 and 2
in comparison with the calculated values from the literature [13]
800°C

5.3.3

871°C

900°C

Alloy

𝐍𝐍𝐂𝐂 𝐃𝐃𝐂𝐂
(cm2.s-1)

(𝐬𝐬)

kP
(cm2.s-1)

𝐍𝐍𝐂𝐂 𝐃𝐃𝐂𝐂
(cm2.s-1)

𝐍𝐍𝐂𝐂 𝐃𝐃𝐂𝐂
(cm2.s-1)

38Ni-40Co-22Cr

-

3.5×10-10

5.5×10-10

-

32Ni-40Co-28Cr

-

3.2×10-10

6.3×10-10

-

Ni-20Cr [13]

0.8×10-10

-

-

8×10-10

(𝐬𝐬)

(𝐬𝐬)

Sulfidation-Carburization-Oxidation

As was discussed in previous chapter, gas composition 1 and 2 are similar to the atmosphere that
exists in a low NOx burner, which has both sulfur and carbon; however, carbon activity is either
too low to form the carbides or the amount of carbide formed internally is far too low to be
detected. Other environments such as those for coke production or coal gasification contain a
higher amount of carbon. The next environment (gas 3) represents the simulated coke production
oven atmosphere, which has high activity of both sulfur and carbon and was previously used by
Harper et al. [69].
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Figure 5-43 shows cross-sectional images of ternary model alloys after 25 h exposure to
gas 3. Extensive degradation was observed on both alloys. However, the internal attack on the
alloy with 22%Cr was much more severe. Islands of Cr-sulfide at the surface followed by
dispersed chromia particles at the alloy/scale interface and internal attack zone consisting of Crsulfide, Ni- and Co-rich sulfides and metallic Ni and Co areas can be observed on alloy 38Ni40Co-22Cr. It is recalled again that the main difference between gas 2 and 3 is increasing the
carbon activity from 0.2 in gas 2 to about 1 in gas 3. However, due to the nature of the multioxidant environments, it is difficult to keep the oxygen potential constant while increasing the
carbon activity and, thus, the oxygen potential in gas 3 is also slightly lower than in gas 2.

Figure 5-43 SEM cross-sectional micrographs of alloy (a) 38Ni-40Co-22Cr, and (b) 32Ni-40Co-28Cr after 25
h exposure to gas 3
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In order to further investigate the mechanism of formation of such complex structure in
gas 3, a time study was also done with alloy 38Ni-40Co-22Cr. Figure 5-44 shows the weight
gains of the samples after different exposure times. The corresponding surface SEM images of
these samples after each exposure time is also shown in Figure 5-45. After 1 h exposure the
surface mainly consists of Cr-oxide, Cr-sulfide and some Ni- and Co-rich sulfide nodules. These
sulfide nodules tend to grow with time and cover the surface up to about 17 h. After 25 h,
however, the surface microstructure is different and mainly consists of islands of Cr-sulfide with
Ni- and Co-rich sulfides in between, on the boundaries.
Figure 5-46 shows cross-sectional micrographs of alloy 38Ni-40Co-22Cr after different
exposure times. It can be seen that for up to 10 h of exposure, the microstructure of the corroded
sample is similar to that observed under gas 2 conditions. Formation of a mixed Cr-oxide and Crsulfide layer was observed after 1 h. Localized breakdown of this scale and formation of nodules
of Ni- and Co-rich sulfides was also observed. These nodules grew with time and similar
structures were observed up to 10 h. However, after 17 h exposure, the sample went through
severe localized internal attack, developing a similar structure to the sample after 25 h exposure.
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Figure 5-44 Weight change per unit area as a function of time for alloy 38Ni-40Co-22Cr in gas 3 at 871°C
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Figure 5-45 SEM surface images of alloy 38Ni-40Co-22Cr after exposure to gas 3 for (a) 1 h, (b) 5 h, (c) 10 h,
(d) 17 h and (e) 25 h
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Figure 5-46 SEM cross-sectional micrographs of alloy 38Ni-40Co-22Cr after exposure to gas 3 for (a) 1 h, (b)
5 h, (c) 10 h, (d) 17 h, and (e) 25 h.
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Comparison of the results after exposure to the gas 3 environment with previous results
observed after exposure to gas 2, showed a major difference in corrosion mechanisms. As it was
mentioned before, the gas 3 environment has a higher carbon activity and slightly lower oxygen
activity compared to gas 2. Therefore, in order to clarify the role of carbon in changing the
reaction mechanism when changing from gas 2 to gas 3, a two-step test was performed. In this
new experiment, alloy 38Ni-40Co-22Cr was first exposed to the carburizing gas 5 for 5 h
followed by 20 h exposure to gas 2 with high sulfur but lower carbon activity. Figure 5-47 shows
the microstructure of the corrosion products after the total 25 h reaction time. A similar structure
to the one after exposure to gas 3 was observed, with the formation of islands of Cr-sulfide
surrounded by Ni- and Co-rich sulfides. Cr-rich carbide precipitates can also be seen at the
reaction front. A higher magnification image of the reaction front clearly shows the
transformation of these carbides, which is believed to be formed during the 5 h exposure to gas
5, to Cr-sulfide. These sulfide particles tend to coarsen with time and further transform to the
large sulfide islands, which can be observed at the top.
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Figure 5-47 SEM cross-sectional micrographs of alloy 38Ni-40Co-22Cr after exposure first to carburizing gas
(gas 5) for 5 h, followed by exposure to sulfidizing-oxidizing gas (gas2) for 20 h at 871°C

The results observed after exposure of these alloys to gas 4 (Figure 5-48) containing 10%
water vapor showed the formation of protective chromia scale on both alloys and no sulfidation
or carburization attack was observed (similar to the results of pure chromium in the same gas). It
can, therefore, be concluded that under conditions of gas 4 the flux of H2O to the surface of the
sample is much higher than H2S and the mode of attack is mainly oxidation. Thus, in the next set
of experiments gas 4 will not be considered.

Figure 5-48 SEM cross-sectional micrographs of alloy (a) 38Ni-40Co-22Cr and (b) 32Ni-40Co-28Cr after 25 h
exposure to gas 4
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5.3.4

Discussion

The results obtained after exposure of pure Cr to gas 2 mixture previously showed that the
composition of this gas is close to the oxide/sulfide kinetic boundary in the Cr-O-S phase
stability diagram, but still in the oxide stable region. The observed behavior of ternary model
alloys in the same environment also shows that a chromia scale initially developed on both
alloys. However, the results after 25 h clearly show the localized breakdown of the oxide scale
and outburst of sulfides, similar to the results previously reported by Giggins et al. [57]. Figure
2-19 shows the reaction path they proposed for a similar system of Ni-30Cr in H2S-H2O-H2 gas
mixture. It was shown that during the initial stages of corrosion, Cr2O3 formed at the surface. As
the Cr2O3 layer grows, sulfur can apparently penetrate through this scale toward the scale/alloy
interface, likely by a short-circuit mechanism as discussed in Chapter 2.3.1 (grain boundaries or
defects such as cracks or pores in the oxide scale). As a result, Cr-sulfides can eventually start to
form beneath the Cr2O3 scale. Formation of rapidly growing sulfides beneath the oxide scale can
gradually breakdown the oxide scale and cause the rapid outward growth of sulfides. Since
transport through the sulfide phase is faster and, more importantly, due to the formation of the
oxide/sulfide boundaries, base-metal elements can now transport to the scale/gas interface at a
faster rate. Similar mechanisms have been proposed by others [115, 116], in which rapid
sulfidation initiates on a sample when continuous sulfide channels across the oxide scale forms.
The localized scale breakdown eventually leads to the formation of Ni- and Co-sulfides. Due to
the low eutectic temperatures of Ni and Co and their sulfides, the reaction products tend to be
liquid and in the shape of nodules. Cr-sulfide at the bottom of these nodules will continue to
grow rapidly due to Cr enrichment owing to the rapid and selective Ni and Co sulfidation and
form large islands of Cr-sulfide above the initially formed Cr2O3. Based on the weight gains of
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these samples and surface images after 25 h (Figure 5-40), it can be seen that the alloy with
higher chromium content experienced less localized attack compared to the one with lower
chromium, which shows that better protection can be provided at higher levels of chromium
addition.
The two model alloys showed completely different behavior in gas 3 with the higher
carbon activity. The results clearly show that carbon is playing an important role in changing the
reaction pathways in gases 2 and 3. Therefore, it is necessary to answer two main questions that
will arise from these observations: First, what is exactly the role of carbon on alloy degradation
in gas 3 compare to gas 2? Second, what is the mechanism of formation of the observed globular
structure on alloy 38Ni-40Co-22Cr?

New experiments were designed in order to better

understand the effect of carbon and corrosion mechanism of these alloys in gas 3.
In the new set of experiments, alloy 38Ni-40Co-22Cr was first exposed to the carburizing
gas 5 for 5 h followed by 20 h exposure to gas 2 with high sulfur but lower carbon activities and
the results were presented in Figure 5-47. It was shown that the microstructure of the corroded
alloy after the two-step test was similar to the structure of the sample exposed to gas 3 for 25 h.
Formation of Cr-sulfide islands surrounded by Ni- and Co-rich sulfides was observed. Cr-rich
carbide precipitates can also be seen at the reaction front. Carburization behavior of these alloys
in pure carburizing gas was previously discussed. As was shown (Figure 5-42), when carbon is
present in the environment, it can react with Cr in the alloy and form internal carbides. As a
result, in environments similar to gas 3, where carbon activity is high, carbon can immediately
react with Cr in the alloy and tie-up chromium in the form of carbides at initial stages of the
reaction and, thus, decrease the Cr available in the alloy matrix for formation of a chromia scale.
It should also be noted that the gas 3 environment also has a high sulfur potential and, more
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importantly, low PH2O/PH2S ratio (compared to gas 2). Therefore, the amount of initially-formed
sulfides is also higher than in the gas 2. As a result, it would be much more difficult to form a
protective chromia scale in gas 3 compared to gas 2. In the absence of a protective chromia scale,
sulfur can easily react with the depleted substrate alloy and form sulfides. As the sulfur activity
within the alloy increases, the previously-formed carbides will also transform to sulfides. As a
result, carbon is released into the alloy, which can again react with chromium to form chromium
carbides. This will cause further chromium depletion in advance of the sulfide layer. The
transformation between carbides and sulfides can happen relatively fast, causing the formation of
the internal chromium sulfides and leaving the depleted substrate alloy, rich in nickel and cobalt
(both susceptible to forming sulfides), in direct contact with the highly sulfidizing environment.
Consequently, sulfides of Ni and Co start to form. Due to the low eutectic temperatures of these
sulfides and their metals, at the test temperature of 871°C these corrosion products are liquid.
The liquid sulfides surround the previously formed Cr-sulfide particles. At the same time, the
mixture undergoes a coarsening process driven by the curvature of the particles. In accordance
with particle coarsening behavior [117], larger particles of Cr-sulfide with a low interfacial
curvature grow at the expense of smaller particles with a high curvature. Thus, the average
sulfide particle size increases with time.
Knowing the effect of carbon in changing the reaction pathway in environments similar
to gas 3, we are now in a position to address the formation mechanism of the observed structure
after 25 h exposure to this gas. Figure 5-49 shows the schematic of the proposed mechanism. At
the initial stages of the reaction, carbon can tie-up the chromium at the surface in the form of
carbides (as discussed before). This will cause lowering the Cr available in the alloy matrix for
formation of a protective oxide. As a result, a mixed Cr-oxide and sulfide layer forms on the
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alloy surface. As this layer grows, sulfur can diffuse from the environment to the alloy/scale
interface, where the Cr activity is higher and form internal Cr-rich sulfides (also transforming the
previously formed carbides into the sulfides). On the other hand, sulfides of Cr can grow
outward faster than the oxide and so the former begin to form on top of the oxide layer. The
many oxide/sulfide boundaries that develop in the scale coupled with any defects in the scale,
ultimately facilitates sulfidation of the base metal elements of Ni and Co. The fast-growing
sulfides of Ni- and Co evolve to be present at the product surface. Since they are liquid at the
temperature of reaction (low-melting point eutectics) and due to a low degree of wetting (at least
initially), they tend to form nodules at the surface. At the bottom of these nodules, Cr-sulfide
phases begin to grow rapidly by reduction of the base metal sulfide and form large islands of Crsulfide. These nodules continue to grow and finally they merge. As a result, the surface of the
sample becomes entirely covered by liquid Ni- and Co-rich sulfides.
Looking at the cross-sectional observations (Figure 5-46), it is seen that the liquid sulfide
nodules are initially separated and do not wet the surface of the scale (mixed Cr-oxide and Crsulfide). However, as mentioned before, these nodules and Cr-sulfide at the bottom of them tend
to grow by time and after certain amount of time, they merge. At this point, it can clearly be seen
that the liquid sulfide completely wet the surface of the Cr-sulfide layer, tending toward a
continuous layer. Thus, there should exist a certain amount of Cr-sulfide at the scale that changes
the behavior of the liquid Ni+Co sulfide from non-wetting to complete wetting of the surface.
The ability to wet is controlled by the conditions of minimum interfacial energy between solidsolid and solid-liquid interfaces. If the "wetting angle," between the liquid sulfide and the solid
Cr-sulfide at the bottom is less than a certain value, the solid Cr-sulfide will be "wetted" by the
liquid sulfide, that is, the liquid sulfide phase will form an interconnected network within the
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solid Cr-sulfide layer. It should be noted that most of the transition metal sulfides (Ni, Co, Fe,
and Cr) usually adopt the NiAs structure [13] (hexagonal close packed with Ni at octahedral sites
and As at trigonal sites). All different types of Cr-sulfides (CrS, Cr3S4, and Cr2S3 at high
temperatures) can also be considered as defective NiAs structures [13, 118]. Cr2O3, by contrast,
has a corundum structure (hexagonal close packed with Cr atoms at octahedral sites and O at
tetrahedral sites). In addition, difference in the anion size causes the metal-sulfur bonds to be
longer than metal-oxygen bonds and, thus, smaller lattice energy for sulfides is expected [13].
Considering all the abovementioned differences between Cr-sulfide and Cr-oxide, a considerable
difference in their surface energies is also expected. The exact values for the surface energies of
Cr-oxide and Cr-sulfide are not available to the best of our knowledge; however, the observed
results clearly demonstrate that the liquid sulfide can easily wet the Cr-sulfide layer beneath and
form the interconnected network within the Cr-sulfide layer that is observed in the current
results. Considering the crystal structure of these sulfides, the values of the calculated densities
(CrS=5.37 g.cm-3 and Ni3S2=5.82 g.cm-3) suggest that Cr-sulfide tends to have slightly lower
density than Ni-sulfide. Consequently, the islands of Cr-sulfide start to float in the liquid sulfide
and separate from the alloy/scale interface, as indicated in Figure 5-49 (25 h). When this
happens, the remaining Cr-oxide particles at the alloy/scale interface cannot protect the substrate
alloy from the liquid sulfide attack and rapid internal sulfidation attack can occur on the substrate
alloy.
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Figure 5-49 Schematic of proposed mechanism for corrosion of Ni-Co-Cr alloys under reducing conditions of
gas 3 with high sulfur and carbon activities

Taking a closer look at the results for both alloys in the gas 3 environment, it can be seen
that the internal attack observed on the alloy with 28%Cr is much less than the alloy with 22%Cr
and it mainly consists of Cr-sulfide and no Ni- or Co-rich sulfides were observed. High
magnification images of alloy/scale interface in both alloys show that the initial oxide formed at
this boundary is more continuous on the alloy with higher Cr content and after 25 h of reaction
sulfides of chromium still exist in contact with the oxide at the interface. Thus, the substrate
alloy is protected from liquid sulfide attack by this mixed layer. These results clearly show the
beneficial effect of higher chromium additions in ternary Ni-Co-Cr model alloys. However, the
degradation is still severe on both alloys. As a result, minor alloying elements were added to
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these alloys in order to further stabilize the formation of a protective oxide scale. The effect of
these minor alloying element additions will be discussed next.

Figure 5-50 SEM cross-sectional micrographs of the alloy/scale interface of alloy (a) 38Ni-40Co-22Cr and (b)
32Ni-40Co-28Cr after 25 h exposure to gas 3

5.4

MINOR ALLOYING ELEMENT EFFECT

Discussed findings on both commercial (Chapter 5.1) and ternary model alloys (Chapter 5.3)
showed that the alloy chemistry plays an important role on corrosion behavior. It was observed
that alloys with higher Ni and Co contents, such as HR160 and 617, show better resistance in
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both sulfidizing and carburizing atmospheres. It was also shown that in ternary model alloys,
increasing the Cr content is a beneficial way to increase the resistance to sulfidation. However,
alloys such as 214, 617 and 625 clearly showed that it is possible to have a better sulfidation
resistance with lower Cr content via the addition of minor alloying elements that can help the
chromia-scale growth. On the other hand, it was shown that alloys with higher Al or Si contents
have better carburization resistance. Based on these findings, eight model alloys were designed
in order to systematically study the effect of both major (Ni, Co, and Cr) and minor (Al, Ti, Mo,
and Si) alloying elements. In the current chapter, the behavior of these model alloys in the
different environments of gas 2, 3 and 5 will be presented and discussed.

5.4.1

Sulfidation-oxidation

5.4.1.1 Model alloys with minor alloying elements of Al, Ti, and Mo
Weight-gain measurements for up to 100 h exposure to gas 2 for the first set of model alloys
(alloys 1, 2 and 3), containing similar Al, Ti, and Mo contents, are shown in Figure 5-51. The
effect of Ni:Co ratio and Cr content of the alloy on corrosion behavior in the presence of the
abovementioned minor alloying elements is the focus of this chapter. The beneficial effect of
these elements on sulfidation behavior of Ni-Co-base alloys at lower temperatures of 750 °C was
previously shown by Wu et al. [70]. However, the extent of attack was observed to be much
higher at 871 °C. Among these alloys, alloy 3 showed the lowest weight gain. The main
difference between alloy 3 and the other two alloys is the lower Ni:Co ratio and Cr concentration
in alloy 3. By lowering the Ni:Co ratio from 2.9 in alloy 1 to 0.95 in alloy 3, weight gain
decreased from 28 to 22 mg/cm2. It can also be seen that after 25 h exposure, mass gain data for
alloy 2 increases rapidly between 25 h and 50 h exposures, which can be a sign of breakaway
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corrosion and the formation of fast-growing sulfides. Although the Cr content in alloy 2 is 28%
and higher than both alloys 1 and 3, it is clear that the incubation period for alloy 2 is shorter
under these conditions.

Figure 5-51 Weight change measurements of model alloys 1, 2, and 3 after 100 h exposure to gas 2 at 871°C

X-ray diffraction analyses of the scales formed after 50 h exposure to gas 2 (Figure 5-52)
revealed the formation of chromia as the major phase present on all three alloys. The other
phases detected were Ni3S2, Co9S8. These sulfides were predominant phases on alloy 2 with high
Cr content (28%) after 100 h exposure and exist in the form nodules on the surface, which can be
seen in Figure 5-53. Ni- and Co-rich sulfide nodules had grown and covered the surface of alloy
2 at most parts. They also appeared around the edges and on the casting defects in alloys 1 and 3.
Dense chromia scales were observed in the bulk of alloys 1 and 3, which are in agreement with
the XRD results.
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Figure 5-52 XRD spectra of the Model alloys 1, 2, and 3 after 50 h exposure in gas 2 at 871 °C

Cross-sectional micrographs of these three model alloys after 100 h exposure to gas 2 are
presented in Figure 5-53. Excluding the sulfides formed around the edges of the samples and on
the casting defects at the center, alloys 1 and 3 both showed intrinsically protective behavior.
Any edge effects will not be considered in this study since many factors can affect the behavior
of the alloy at the edge. Formation of an adherent and continuous chromium-rich oxide at the
surface followed by internal alumina subscale provided good resistance to sulfidation for these
alloys at the reaction temperature of 871 °C.
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Figure 5-53 Scanning electron micrograph of cross-sections and EDS analysis of scale formed on (a) alloy1,
(b) 2, and (c) 3 after 100 h exposure to gas 2 at 871 °C

Further detailed analysis of the scale formed on alloy 3 was done using scanning
transmission electron microscopy (STEM) (Figure 5-54 and Figure 5-55). EDS analysis showed
that the outermost surface contained crystals of TiO2. The thicker chromium-rich oxide layer was
characterized as chromia followed by internal Al2O3 at alloy/scale interface. The cross-sectional
micrographs also demonstrate that after 100 h, the metal/scale interface is not planar and some
protuberances of substrate alloy into the oxide scale can be observed. These protuberances
generally consist of metallic regions rich in Ni and Co which may have been developed due to
the undercutting by oxide formation or actual protuberances formed by outward alloy creep as a
result of the internal oxide formation [119].
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Figure 5-54 STEM micrograph of the cross-section of alloy 3 after 100 h exposure to gas 2 at 871 °C

Figure 5-55 STEM micrograph and EDS maps of the cross-section of alloy 3 after 100 h exposure to gas 2 at
871 °C
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No sulfide could be detected at the scale/gas interface or in the scale formed after 100 h
exposure. Thus, it is possible that sulfides formed under these conditions are isolated at the
metal-scale interface. It should be noted that since the sulfur K lines and molybdenum L lines in
the EDS spectra both exist at about 2.3 keV, it is difficult to distinguish between them.
Therefore, cross-sections on the scales of all three alloys in the protective region were examined
using an electron probe micro-analyzer (EPMA) equipped with WDS (Figure 5-56).

Figure 5-56 EPMA cross-sectional micrographs and WDS elemental maps of alloys 1, 2 and 3 after 100 h
exposure to gas 2 at 871 °C

According to the WDS maps of the scales on all three samples at the remaining protective
regions after 100 h, Cr-sulfides were present as discrete particles inside the chromia scale formed
on alloy 2 with 28% chromium. On the other hand, based on the weight changes observed on
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these three samples, alloy 2 was shown to have the lowest incubation period. Thus, increasing
the Cr content might be the reason for decreasing the incubation period of the alloy. In order to
clarify this hypothesis, GDOES depth profiles of the above mentioned samples after exposure for
only 5 min to gas 2 were acquired. These results are presented in Figure 5-57, where it shows
that the sulfur content at the surface of alloy 2 with higher Cr content is 3 times higher than for
alloys 1 and 3. The main questions here are first: is alloy 3 having better resistance due to the
lower Ni:Co ratio or lower Cr content?; and second: why would adding more Cr decrease the
time to breakaway corrosion in alloy 2?
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Figure 5-57 GDOES depth profiles of alloys 1, 2, and 3 after 5 min exposure to gas 2 at 871 °C. The dashed
lines in the magnified diagrams on the right represent the maximum sulfur content present on the surface of
the samples after exposure

158

5.4.1.2 Model alloys modified with Si and higher Al contents
In order to study the abovementioned questions a new set of model alloys were designed, where
the Ni:Co ratio were kept constant (0.95) similar to alloy 3. The compositions are summarized in
Table 4-2. The weight-gain results obtained from these samples are shown in Figure 5-58 in
comparison with alloys 1, 2, and 3. The effect of higher Cr concentration was studied with alloy
5 (similar composition to alloy 3 with increasing the Cr content up to 28%). The weight gain
after 100 h exposure decreased from 67.2 mg/cm2 in alloy 2 to 45.9 mg/cm2 in alloy 5 (both with
28 wt. %Cr). However, it is still much higher than other alloys with 22% Cr. Based on the results
obtained from commercial alloy HR160 (2.75 wt. % Si), the effect of Si additions was studied
with model alloys 4 and 7 (with addition of 3 wt. % Si), where they both showed very low
weight gains of 0.5 and 0.3 mg/cm2, respectively. The effect of Al was also examined at higher
levels of 5 wt. % with alloys 6, 7, and 8 based on the perfect results achieved from commercial
alloy 214 (4.5 wt. % Al). The weight gains were still much lower than alloys 1, 2, 3, and 5,
however, some sulfide nodules were observed on alloy 6 with 22% Cr and around the edges of
alloy 8 with 28%Cr.
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Figure 5-58 Weight change measurements of model alloys after 100 h exposure to gas 2 at 871°C

Surface SEM images of these alloys can be seen in Figure 5-59. Formation of Cr- and
Cr+Ti-rich oxides were revealed on all alloys in addition to Ni- and Co-rich sulfide nodules
mainly on alloys 5 and 6. According to the surface images, formation of Ni- and Co-rich sulfides
can also be observed around the edges of the alloy 8, which is the alloy with both high Cr (28%)
and Al (5%).
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Figure 5-59 SEM surface images after 100 h exposure to gas 2 for alloy (a) 4, (b) 5, (c) 5, (d) 6, (e) 7 and (f) 8

Figure 5-60 shows the EPMA cross-sectional images of the two silicon-containing alloys
4 and 7, which showed the lowest weight gains after 100 h. Formation of a protective alumina
layer with a Si-rich sub-layer phase provided exceptional sulfidation resistance in these alloys
with no oxide scale breakdown at any part of the samples.
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Figure 5-60 EPMA cross-sectional micrographs and EDS analysis of scale formed on alloy 4 and 7 after 100 h
exposure to gas 2 at 871 °C

In order to study the effect of Si in more detail, alloys 3 and 4, in which addition of Si in
alloy 4 is the only difference, were exposed to air up to 100 h using TGA. The weight change
behavior of these two alloys and SEM surface images after exposure can be observed in Figure
5-61 and Figure 5-62, respectively. It was found that these alloys follow parabolic behavior and
the parabolic rate constant of alloy 3 is about two orders of magnitude higher than that of alloy 4.
According to the SEM surface images and EDS analysis of the scale, the formation of Cr+Ti-rich
oxide on alloy 3 and Cr+Al-rich oxide on alloy 4 was observed. Further cross-sectional analyses
of these alloys (Figure 5-63) showed that alloy 3 has a similar structure as was observed after
exposure to gas 2 with formation of chromia layer on top followed by internal Al-oxides.
However, not much could have been observed on alloy 4 using SEM and EDS. Thus, further
detailed TEM characterization was done on this sample. A STEM cross-sectional micrograph
and EDS measured composition of different phases formed are presented in Figure 5-64.
Formation of an outermost Cr+Al-rich scale followed by a continuous and adherent alumina
layer beneath was observed. An important observation was the formation of a Si+Ti+Ni-rich
sub-layer (beneath the alumina layer. According to the EDS measurements of this phase and
according to the Ni-Ti-Si ternary phase diagram (Figure 5-66), the composition of this phase
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falls solely into the G-phase region. This phase, with a cubic unit cell was found to have a quite
large composition range. According to STEM-EDS measured concentration profile for all the
major elements (Figure 5-65), an increase in concentrations of Si and Ti from the bulk alloy
toward the G-phase can be observed. Formation of another layer beneath the G-phase was also
detected. This phase has an average composition of (Co, Ni)46(Cr, Al, Mo)38(Si, Ti)16, which can
be simplified to (Co, Ni)2.9(Cr, Mo)2.3(Si, Ti).

Figure 5-61 (a) Weight change data and (b) experimentally measured parabolic rate constant for alloys 3 and
4 after 100 h isothermal exposures to dry air at 871 °C
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Figure 5-62 SEM surface images and EDS composition measurements of (a) alloy 3 and (b) alloy 4 after 100 h
exposure to dry air at 871 °C

Figure 5-63 SEM cross-sectional micrographs of (a) alloy 3 and (b) alloy 4 after 100 h exposure to dry air at
871 °C
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Figure 5-64 STEM cross-sectional micrographs and EDS point analysis of the scale formed on alloy 4 after
100 h exposure to dry air
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Figure 5-65 Cross-sectional STEM image of alloy 4 after 100 h exposure to dry air and EDS concentration
profiles
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Figure 5-66 Ti-Ni-Si isothermal section at 1100 °C. The star mark on the diagram shows the EDS measured
composition of the sub-scale phase after exposure of alloy 4 to dry air atmosphere for 100 h at 871 °C [120]

Figure 5-67 shows an SEM cross-section of alloy 5, which has the Ni:Co ratio close to 1
(as in the case alloy 3) but with a higher Cr content of 28%. It is clear that this alloy showed the
least sulfidation resistance among the modified model alloys. The weight gain was lower than
alloy 2 but still much higher than alloy 3. From the cross-sectional images, localized breakdown
of the chromia scale and formation of Ni- and Co-rich sulfide nodules can easily be observed in
the bulk of the alloy. The rapid outward growth of these nodules was followed by extensive
internal attack (mixture of oxides and sulfides). Taking a closer look at the chromia scale in the
remaining protective regions using EPMA (Figure 5-68), shows the formation of discrete sulfide
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particles inside the oxide scale, similar to previous observations on alloy 2. Comparison of alloy
5 with alloy 3 with less chromium content confirms that increasing the chromium content in
these alloys is not necessarily beneficial in providing a better sulfidation resistance and can cause
a shorter incubation period.

Figure 5-67 SEM cross-sectional micrographs and EDS analysis of the scale formed on alloy 5 after 100 h
exposure to gas 2 at 871 °C

Figure 5-68 SEM cross-sectional micrograph and WDS elemental maps of the scale formed on alloy 5 after
100 h exposure to gas 2 at 871 °C
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It was shown previously that the alumina forming commercial alloy 214 is one of the
most resistant alloys under mixed gas conditions at elevated temperatures. Based on these
observations, the effect of higher aluminum additions was studied in alloy 6, 7, and 8, which also
contain 3 wt. % silicon (alloy 7) and a higher chromium content of 28 wt. % (alloy 8). However,
due to high contents of the above mentioned minor alloying elements, extensive formation of
different brittle phases was observed; especially in alloy 7 where high concentrations of Al and
Si exist together. A cross-sectional image of alloy 7 with silicon additions is shown in Figure
5-60. The behavior of this alloy was similar to alloy 4 and no major difference was observed.
Alloy 6, on the other hand, with 22% chromium and 5% aluminum showed the formation of an
outer layer of Cr-rich oxide followed by formation of a continuous inner layer of alumina (Figure
5-69). However, localized breakdown of this scale was still observed after 100 h exposure. It
should be noted that the substrate alloy was composed of 3 phases: γ phase and two unspecified
Cr-Mo-rich (darker) and Al-rich (brighter) phases. Higher concentrations of these phases can be
observed in alloy 8 with high Al and Cr contents. Cross-sectional image of alloy 8 after exposure
to gas 2 (Figure 5-70), shows the formation of external Cr-rich oxide scale followed by some
internal Al-rich oxide beneath. The extent of internal oxide formation is less than alloys 1, 2 and
3. Taking a closer look at the cross-sectional micrograph of alloy 8, it is seen that the internal
oxidation of Al follows a similar pattern to the Al-rich phase in the substrate alloy. Formation of
a small amount of sulfides can be observed around the edges of this alloy, which shows the lower
resistance of this alloy compared to the Si-containing alloys.
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Figure 5-69 Scanning electron micrographs and EDS analyses of the cross-section of the alloy 6 after 100 h
exposure at two location of protective and non-protective

Figure 5-70 Scanning electron micrograph and EDS elemental maps of cross-section of the alloy 8 after 100 h
exposure
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5.4.1.3 Discussion
After exposure of model alloys 1, 2, and 3 to gas 2, an adherent and continuous Cr2O3 scale is
established on all these alloys. Once this continuous Cr2O3 layer has developed, the oxygen
potential at the scale/alloy interface will drop to a level that can be determined by the scale/alloy
equilibrium. The resulting oxygen potential is sufficient to oxidize other stable-oxide-forming
elements such as aluminum, since Al2O3 is more stable than Cr2O3. Precipitates of Al2O3 form
easily beneath the Cr2O3 layer, even at a relatively low activity of aluminum in the alloy. The
formation of internal or external Al-rich oxide beneath the chromia layer depends on many
factors, most importantly the oxygen and aluminum activities at the Cr2O3/alloy interface and the
rate of aluminum diffusion to the surface from the substrate alloy [121]. At an exposure
temperature of 871°C and with an aluminum concentration of 2.5 wt. %, it is kinetically
unfavorable for a continuous alumina sub-layer to develop. As a result, internal Al-rich oxide
forms. Formation of the internal oxide cannot provide a barrier for oxygen or other oxidants such
as sulfur and, therefore, oxide precipitates continue to grow internally as the oxygen diffuses
inward.
The internal alumina formed on the above-mentioned alloys usually takes the form of
continuous platelets from the surface rather than discrete particles. The reason for such a
behavior was previously discussed by Stott and Wei [122]. They postulated that development of
this continuous mode rather than discrete particles is a consequence of the growth of existing
oxide particles being favored over nucleation of new particles. When the oxygen flux is
relatively low compared to Al flux, continued growth of the existing oxide particles is favored.
By formation of the oxide platelets, enhanced oxygen transport along the oxide/metal interfaces
will support their continued growth into the alloy substrate. There has been some discussions that
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the deformation caused by formation of aluminum oxide precipitates with an increase in volume
can lead to the faster transport of solvent metal to the surface as a result of the generated high
stresses at the internal oxide/alloy interface, possibly by a diffusion-controlled creep process
[123, 124].
Addition of the minor amounts of Ti (2.5 wt. %) in these alloys also appears to play an
important role in imparting sulfidation resistance. The beneficial effect of Ti is to stabilize and
maintain an extended period of oxide-scale formation under the reducing conditions tested in this
study. The beneficial effect of Ti on the location of the kinetic boundary was previously reported
by Wang et al. [125]. According to that study, Ti additions can improve the scaling resistance of
Fe-25Cr alloys against sulfidation in H2-H2O-H2S environment at high temperatures by shifting
the kinetic boundary between Cr-oxide/Cr-sulfide to lower partial pressures of oxygen.
However, localized breakdown of the oxide scale was found for all three Ti-containing
model alloys. During the initial stages of exposure, both oxide and sulfide can nucleate on the
surface, as was shown in GDOES depth profiles in Figure 5-57. Continuation of their growth at
the temperature of the reaction depends on both kinetic and thermodynamic factors. The
presence of the sulfide on the specimen at oxygen and sulfur activities in which Cr2O3 is stable is
clearly attributed to kinetic factors. This sulfide is immediately overgrown by the oxide and will
be protective until the breakaway corrosion happens and the fast growing sulfides overgrow the
Cr2O3 scale. Detailed discussions on possible paths of sulfur penetration through the chromia
scale have been presented previously [126, 127]. According to those studies, formation of
microcracks within the chromia scale is generally considered to be the main short-circuit
mechanism. However, it seems that the breakaway corrosion first happens either around the
edges of the samples or on the defects such as casting defect in the middle. It has been shown
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previously [128] that sulfides tend to grow preferentially at structural features such as variations
from grain to grain, scratches, and the edges. It may be that the cracking of the scale happens
more readily at such locations. Rapid growth of sulfide in the resulting fissure happens when the
existing sulfide is interconnected with the underlying alloy to ensure a plentiful supply of Cr and
base-metal cations.
Previous studies have shown that Co-base alloys are more resistant to sulfidation
compared to Ni- and Fe-Ni-base alloys with similar chromium contents [129, 70]. In the current
study, it was also shown that increasing the Co content is definitely beneficial in increasing the
sulfidation resistance in alloy 3 with Ni:Co=1 compared to alloy 1 and 2 with Ni:Co ratios of 2.9
and 2.6, respectively. When the Ni:Co ratio is close to 1, the availability of both of these
elements for sulfide formation is the lowest and thus, an optimum sulfidation resistance can be
achieved.
It is also common to consider Cr as one of the main variables for conferring sulfidation
resistance as well as Co, as it was also shown in the results from ternary model alloys. However,
alloy 2 showed a shorter incubation period compared to alloy 1 with a lower Cr content of 22%
and the same Ni:Co ratio. The main question here is why higher Cr content in this alloy is
somehow destructive with respect to sulfidation resistance? It was previously discussed in
chapter 2 that when metals and alloys are exposed to gaseous atmospheres containing oxygen
and sulfur the following reactions need to be considered,
𝐻𝐻2 +
𝐻𝐻2 +

𝑥𝑥𝑥𝑥 +

1
𝑂𝑂 = 𝐻𝐻2 𝑂𝑂
2 2
1
𝑆𝑆 = 𝐻𝐻2 𝑆𝑆
2 2

1
𝑂𝑂 = 𝑀𝑀𝑥𝑥 𝑂𝑂
2 2
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(5-14)

(5-15)

(5-16)

𝑦𝑦𝑦𝑦 +

1
𝑆𝑆 = 𝑀𝑀𝑦𝑦 𝑆𝑆
2 2

(5-17)

At the initial stages of the reaction, when equilibrium has not yet been established and
activity of the metal is high at the alloy surface, both oxide and sulfide can form. Thus, the
metastable sulfide forms for kinetic reasons and will eventually further react with oxygen
containing species in the gas through the following reaction in order to transform to oxide.
2𝑥𝑥𝑀𝑀𝑦𝑦 𝑆𝑆 + 𝑦𝑦𝑂𝑂2 = 2𝑦𝑦𝑀𝑀𝑥𝑥 𝑂𝑂 + 𝑥𝑥𝑆𝑆2

(5-18)

Reaction (5-18) can introduce sulfur into the scale at an activity higher than that existing
in the gas phase. Under this condition, if the metal and sulfur activities at some position within
the scale are sufficiently high for sulfide stability, the reaction can occur and sulfide can form.
This is in agreement with our observation on pure Cr exposed to gas 2 in previous chapter.
Formation of discrete sulfide particles were observed in the relatively thick chromia scale formed
after 25 h exposure in gas 2. Assuming that the thermodynamic equilibrium is established
throughout the scale, the activity gradient of chromium decreases in progressing from the
alloy/scale to scale/gas interface, while the activity gradient of sulfur increases. The activity of
the metal at the scale/gas interface is fixed and can be calculated through reaction (5-16).
However, activity of chromium at the alloy/scale interface depends on its concentration in the
alloy. Thus, the activity of Cr at a certain distance from the alloy/scale interface inside the
chromia layer has to increase by increasing the chromium content of the alloy. Comparison of
the results of the alloys containing 22% and 28% chromium and also the pure chromium clearly
shows that under the same conditions (gas 2), the amount of discrete Cr-sulfide particles inside
the chromia scale increases as the chromium content of the alloy increases. The observed results
from the GDOES depth profiles of the samples exposed to gas 2 for a very short period of time
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(5 minutes) also confirmed that increasing the Cr activity of the alloy results in an increase in the
amount of the metastable sulfides formed at initial stages.
Formation of the sulfide particles inside the chromia scale can make the alloy prone to
breakaway corrosion, as was shown in the shorter incubation period of alloy 2 with 28%
chromium. The localized breakdown of the oxide scale can clearly be seen in the cross-sectional
micrograph of alloy 2 after 100 h. The mechanism by which sulfur penetrates through the
chromia scale is generally believed to be the molecular transport of the sulfur or sulfurcontaining species through grain-boundaries of oxide scale or physical defects such as cracks or
pores in the oxide scale [6, 54, 130]. Once sulfur reaches the alloy/oxide interface, rapidly
growing sulfides begin to form. This leads to the gradual destruction of the chromia scale. Once
the continuous paths of sulfide connecting the substrate alloy to the gas environment develop, it
provides a continuous supply of base metal to the rapidly outward growing sulfide, which leads
to the rapid degradation and consumption of the material. The presence of any defects, such as
cracks or pores or even dispersed sulfide particles, in the oxide scale can increase the inward
transport of sulfur and, thus, shorten the incubation period of the protective behavior of the alloy.
Based on the findings from the initial set of model alloys, a second series of tests were
done in a similar environment on a new set of model alloys in order to systematically study the
effects of Si, Cr and higher levels of Al additions to the alloys. As the beneficial effect of
Ni:Co=1 was previously shown, the second set of model alloys maintained a Ni:Co ratio of 1. It
needs to be noted that the structures of these alloys are different compared to alloys 1, 2 and 3.
As a result of higher concentrations of minor alloying elements, these alloys consist of multiple
phases. It is apparent from the results that in both alloys 4 and 7 improvements in sulfidation
resistance can be achieved through Si additions at levels within the limits of what can be found
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in commercially available alloys. Weight gain measurements and cross-sectional analysis using
EPMA clearly show the significant improvements in sulfidation resistance of these alloys
compared to alloy 3 with no Si additions. However, the inner parts of the scales in both of these
alloys are complex in nature. Continuous alumina scales were observed on the surfaces with a
thin Cr-rich oxide on top. In addition, a Si-enriched sub-layer was observed beneath the alumina
layer. Further detailed analysis of the oxidized sample (alloy 4) with TEM clearly shows the
formation of a protective alumina layer followed by what interpreted based on EDS analysis to
be G-phase (Ni16Ti6Si7). It is believed that the formation of this phase is linked to or can be
accelerated by the formation of the alumina layer on top. Due to the Al depletion by selective
oxidation and Si enrichment in the subscale region, the latter can react with the Ti from the
substrate alloy and precipitate out as G-Ni16Ti6Si7 in the Ni-rich matrix. A previous study by
Leyens et al. [131] also reported the formation of this G-phase due to the selective oxidation of
Al in a Ni-Cr-Al-Ti-Si bond-coating alloy. However, a simple calculation of the composition
change of the substrate alloy after removal of Al and Cr due to selective oxidation to form the
transient Al-Cr-rich oxide and the continuous alumina scale clearly shows that additional mass
transport (i.e., Si and Ti enrichment) is needed for the G-phase formation.
Measured EDS profile through the scale, the G-phase and the sub-scale depleted region
of the alloy was presented in Figure 5-65. Table 5-4 shows the comparison of the EDS results
obtained for the G-phase with the composition of the alloy substrate and calculated composition
of the alloy after complete removal of the Al and Cr. If it is assumed that the G-phase is formed
due to the selective oxidation of Al and Cr, the concentrations of Si and Ti in the sub-scale
region after depletion of Al and Cr should be close to their concentrations in the G-phase. Even if
it is considered that the total chromium and aluminum contents in the bulk alloy would be
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completely removed by oxide formation, the Si and Ti concentrations in the resulting depleted
substrate alloy would rise to 8.1 at.% and 4 at.%, respectively (the concentration of the other
elements in the depleted zone should increase in order for the sum of all elements to remain
100%). These concentrations are still much lower than the measured Si and Ti concentrations in
the G-phase (24.3 Si- 18.4 Ti at.%). Therefore, it is apparent that the main requirement for
formation of the G-phase near the alloy/scale interface should be the diffusion of Si and Ti from
the bulk alloy toward alloy/scale interface. This means that both Si and Ti need to diffuse from a
region with lower concentration (bulk alloy) to a region with high concentration (sub-scale
region) against their concentration gradients, which is usually referred to as “uphill diffusion”
[132]. In other words, the chemical potentials or the activities of Si and Ti should be higher in
the bulk alloy compared to the depleted region. The establishment of such driving force must be
related to the sub-scale depletion of Al and Cr since these elements are the main constituents of
the surface scale.

Table 5-4 EDS measured composition of the G-phase and nominal composition and calculated remaining
composition of the alloy 4 after depletion of Al and Cr in the sub-scale region

In order to confirm, whether the formation of the G-phase is due to the oxidation induced
sub-scale depletion of the Cr and Al, Pandat software and the thermodynamic database
developed by CompuTherm LLC were used to calculate the activities of Si and Ti in the alloy
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before and after the depletion of Al and Cr. At 871 °C it was found that the activity of Si and Ti
in the alloy will decrease from 9.14×10-6 to 2.51×10-6 for Si and from 5.23×10-4 to 4.25×10-5 for
Ti, as Al and Cr in the alloy will be removed. This clearly shows that the uphill diffusion is
expected for both Si and Ti to the alloy/scale interface. The STEM-EDS concentration profiles
for Si and Ti (presented in Figure 5-65) shows the establishment of these gradients from the bulk
alloy to alloy/G-phase interface. Similar behavior has been reported by other researchers [133,
134, 135] on the oxidation of alloy 625. A thin layer of δ-Ni3Nb phase formed at the alloy/oxide
interface in those studies. Further, modeling phase equilibria and diffusion processes using
Thermo-Calc and DICTRA showed that the formation of this phase is mainly governed by the
influence of alloy matrix chromium concentration on the thermodynamic activities and chemical
potentials of the other alloying elements, mainly niobium, which causes the uphill diffusion of
Nb and formation of a layer of δ-Ni3Nb at alloy/scale interface.
Formation of another phase with average composition of (Co, Ni)2.9(Cr, Mo)2.3(Si, Ti)
was observed beneath the G-phase. Similar phase with a similar composition has been reported
by other researchers [136] in Co-Cr-Mo-Si quaternary system at 800 °C.
The effect of Cr content on sulfidation resistance was examined using model alloy 5,
which has the same Ni:Co ratio of 1 but with higher Cr content (28 wt. %) compared to alloy 3
(22 wt. %). Based on the observations on this alloy after 100 h exposure to gas 2, alloy 5
behaved very similar to alloy 2 by formation of discrete Cr-rich sulfide precipitates inside the
chromia layer. The weight gain of this alloy was slightly lower than that of alloy 2, however, it
was still much higher than the other alloys. This can confirm our previously discussed hypothesis
on the effect of increasing the Cr content of an alloy on its sulfidation resistance. As the reaction
proceeds, the failure of the oxide scale causes the formation of Ni- and Co-rich sulfides. On the
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other hand, in alloy 8 with both high Al and Cr concentrations, formation of an Al-rich oxide
beneath the Cr-rich oxide scale gives better protection against sulfur and no sulfide formation
was observed in the bulk of the alloy. However, even with 5% aluminum in its composition,
formation of a protective external alumina scale was not observed and localized breakdown of
the oxide scale and sulfide formation occurred around the edges of the sample. Aluminum still
oxidizes internally (due to preferential oxidation of the Al-rich phase in substrate alloy) and
sulfidation resistance is still much lower than the two Si-containing alloys.

5.4.2

Carburization

In the present chapter, the effects of both major and minor alloying elements on carburization
resistance will be studied using the designed model alloys. The corrosion tests were carried out
in a flowing Ar-H2-C3H6 gas mixture (gas 5) in a tube furnace. In order to equilibrate the
atmosphere, the pre-mixed gas was passed through a platinized catalyst. The carbon activity was
calculated to be about 1. It is noteworthy that although the system was flushed with argon gas
overnight, there still exists oxygen partial pressure at impurity levels. As will be shown, the
existing oxygen potential is enough to form the most stable oxides, such as alumina and silica.
The following sections will discuss the effect of different alloying elements on the carburization
resistance of the model alloys.

5.4.2.1 Model alloys with minor alloying elements of Al, Ti, and Mo
The mass change versus time plots for alloys 1, 2, and 3 after exposure to gas 5 at 871 °C are
shown in Figure 5-71. It is seen that the kinetics of carburization for alloys 1, 2, and 3 do not
follow the parabolic behavior completely and slight deviations are observed. It should be noted
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that (as will be discussed later in detail) throughout the test, these alloys go through an initial
oxidation stage followed by transition of oxide to carbide (weight loss) and further internal
carburization, which all affect the measured mass-change dynamics of the sample. However,
comparison of the mass change data shows that the weight gain for all three alloys after 100 h are
very close to each other, with alloy 3 (with less Ni content) slightly higher weight gain after 100
h compared to alloys 1 and 2.

Figure 5-71 Mass change versus time for alloys 1, 2, and 3 after exposure to gas 5 (Ar-H2-C3H6 with carbon
activity of ~1) at 871 °C

Table 5-5 Parabolic rate constants and carbon penetration depths measured for alloys 1, 2, and 3 after 100 h
exposure to gas 5

Carbon Penetration Depth (µm)
Alloy 1

193 ± 24

Alloy 2

140 ± 15

Alloy 3

304 ± 27
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Figure 5-72 presents the cross-sectional optical micrographs of these alloys after being
stain-etched with Murakami solution [137], which helps to reveal the internal carbides. Based on
these micrographs, the average carbon penetration depth in each sample was measured (average
of 20 measurements based on the depth of intragranular carbides) and the results are reported in
Table 5-5. The cross-sectional image of alloy 2 shows the presence of another phase in the form
of thin linear plates in addition to the γ phase. Electron microprobe analysis (Figure 5-74)
showed the enrichment of chromium and molybdenum in this phase. Subsequent phase stability
calculations using the Thermo-Calc software (presented in Table 5-6) showed that σ-phase
would be stable based on the chemical composition of alloy 2 with high Cr and Mo
concentrations. The undesirable σ is a TCP phase composed of closed-packed layers of atoms
forming in the shape of “basket weave” nets aligned with the octahedral planes of the FCC
matrix. The presence of σ can have a detrimental effect on alloy properties, most importantly
brittleness. The platelike morphology of this phase is an excellent source of crack initiation and
propagation, leading to the low-temperature brittle failure. Sigma-phase also contains high
content of refractory metals such as Mo in the case of alloy 2, which causes the loss of solution
strengthening of the matrix. Formation of σ in the substrate alloy might affect the carburization
behavior of the alloy since it ties-up the two most important carbide-former elements in the alloy
(i.e., Cr and Mo). As can be seen in the SEM cross-sectional image of alloy 2 after 100 h
exposure to gas 5 (Figure 5-73), carbides are following a similar pattern as the σ, which clearly
shows that as the carbon diffuses into the substrate alloy, it carburizes the σ rich in Cr and Mo
first. It should be noted that the M23C6 type of carbide has a very similar crystal structure to the
σ-phase [138].
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Figure 5-72 Optical micrographs of a) alloy 1, b) alloy 2 and c) alloy 3 after 100 h exposure to carburizing gas
5 at 871 °C, stain-etched using Murakami etchant

Figure 5-73 SEM cross-sectional micrograph of the reaction front in alloy 2 after 100 h exposure to
carburizing gas 5 at 871 °C, transformation of the σ precipitates in alloy matrix to carbides can be observed
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Figure 5-74 EPMA line scan of the Cr-Mo-rich precipitates in the bulk of alloy 2 prior to exposure to the
carburizing gas 5
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Table 5-6 Mole fraction of thermodynamically stable phases on alloys 1, 2, and 3 at 871 °C calculated using
the Thermo-Calc software

X-ray diffraction analysis of the external surfaces of samples after 100 h exposure
revealed the presence of Cr3S2 and Cr7C3 in addition to peaks from the substrate γ phase.
Electron microprobe analysis of the scale formed on alloy 2 (Figure 5-76) showed that the outer
layer is mainly Cr-carbide and the inner layer is mainly Al-rich oxide with small amounts of Ti
and Cr. The substrate metal is considerably depleted of Cr due to the formation of the Cr-carbide
scale. The carbide scale on these alloys did not appear to affect the carburization resistance and
alloys were carburized internally. In all cases, the internal carburization appeared in two zones,
which based on their appearance after stain-etching might be the two different types of carbides,
i.e., Cr23C6 in the inner zone and Cr7C3 in the outer zone.
Figure 5-77, Figure 5-78, and Figure 5-79 show SEM cross-sectional micrographs and
corresponding EDS elemental maps of alloys 1, 2, and 3 after 100 h, 50 h, and 25 h exposure,
respectively. According to these results, formation of a Cr-rich carbide layer followed by an Alrich oxide sub-layer formed on all three alloys. In some cases, such as alloy 1, the Al-rich sublayer is a thinner continuous layer and in other cases, such as alloy 2, it forms internally in the
substrate alloy and it is thicker. The formation of the outer carbide scale above the oxide scale is
of interest since Ni-Cr alloys are unlikely to form external carbide scales due to a high inward
carbon flux [13]. Based on the behavior of these alloys at shorter exposure times, it can be seen
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that this carbide scale and the subsequent Cr depleted region beneath are growing over time and
form a continuous carbide scale at the surface after 100 h exposure.

Figure 5-75 XRD spectra of the carburized surfaces of the tested model alloys

Figure 5-76 EPMA cross-sectional micrograph of alloy 2 after 100 h exposure to gas 5 at 871°C and WDS
elemental mappings of the main alloying elements
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Figure 5-77 Scanning electron micrographs and EDS elemental maps of cross-sections of (a) alloy 1, (b) alloy
2, and (c) alloy 3 after 100 h exposure to gas 5
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Figure 5-78 Scanning electron micrographs and EDS elemental maps of cross-sections of (a) alloy 1, (b) alloy
2, and (c) alloy 3 after 50 h exposure to gas 5
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Figure 5-79 Scanning electron micrographs and EDS elemental maps of cross-sections of (a) alloy 1, (b) alloy
2, and (c) alloy 3 after 25 h exposure to gas 5 at 871 °C

In order to better understand the mechanism by which the external carbide layer is
forming, alloy 2 after 1 h exposure to gas 5 was looked at more closely using XPS. Figure 5-80
shows the XPS narrow scan spectra of the Cr2p and C1s regions recorded on alloy 2 after 1 h
exposure to gas 5 at 871 °C. At least three Cr-containing species were detected at the surface.
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The spectra of Cr2p band represent a multicomponent structure. Peak deconvolution and
analysis of literature data [139, 140, 141] on the binding energies of different chromium
compounds revealed the existence of metallic chromium (574.3 eV) and chromium oxide
(576.8 eV). The presence of Cr-carbide could not be confirmed since the binding energy of
Cr7C3 (574.5 eV) is close to that of metallic Cr. However, the carbide-carbon peak for Cr7C3 at
283 eV was identified in addition to the strong carbon contamination peak at 285 eV. The C1s

peak is unique and has energy of 283.3 eV, which is characteristic of carbidic carbon.
According to these results, both Cr-oxide and Cr-carbide exists on the surface of alloy 2 at
the initial stages. However, the EPMA results after 100 h exposure clearly showed the
presence of a Cr-carbide scale only, followed by the alumina subscale.

Continued.
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Figure 5-80 XPS spectra of (a) Cr2p and (b) C1s recorded from the surface alloy 2 after 1 h exposure in gas 5
at 871 °C

5.4.2.2 Model alloys modified with Si and higher Al contents
Modified model alloys with higher levels of Si (alloys 4 and 7) or Cr (alloy 5) or Al (alloys 6 and
8) showed that carburization behavior of these alloys could be highly improved under reducing
conditions. In some cases, such as alloys 4, 6, and 7, carburization was almost completely
prevented. This can be observed from the weight-gain results (Figure 5-81) obtained after 100 h
exposure of these alloys to gas 5 in comparison with the first three model alloys. All modified
model alloys showed weight gains less than 0.8 mg/cm2, except for alloy 5, which has a
composition similar to alloy 3 (28 wt. % Cr). The weight gain decreased considerably compared
to alloy 3. However, it is still much higher than the other modified model alloys.
Figure 5-82 shows the stain-etched cross-sectional images of these alloys after 100 h
exposure. Due to the multi-phase structure of these alloys, it is hard to distinguish between the
internal carbides and different phases in the substrate alloy. However, there is a slightly different
contrast between these phases near the surface (especially in alloy 5), which shows the internal
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carburization zones. Based on these results, no significant internal attack could be observed on
alloys 4 and 6. The depths of internal attack in alloys 7 and 8 are very low and approximately
less than 50 µm. Alloy 5, however, shows an internal carburization zone of more than 100 µm.
these results are in agreement with the observed mass gains. The as-received structures of these
alloys before the exposure to gas 5 and chemical compositions of different phases in the asreceived structure were previously reported in Figure 4-2. The main differences between these
structures before and after exposure are the precipitation of the needle-shaped σ–phases in alloys
2, 6, and 8, which tend to precipitate during the service [138].

Figure 5-81 Mass change versus time for model alloys 1, 2, 3, 4, 5, 6, 7, and 8 after exposure to gas 5 at 871 °C
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Figure 5-82 Optical micrographs of a) alloy 4, b) alloy 5, c) alloy 6, d) alloy 7, and e) alloy 8 after 100 h
exposure to carburizing gas at 871 °C stain-etched using Murakami’s etchant

Figure 5-83 shows electron microprobe cross-sectional images of selected systems: two
Si-containing model alloys 4 and 7 with lowest weight gain after 100 h exposure and alloy 5 with
the highest weight gain. It is seen that again a continuous and protective alumina layer formed on
both alloys 4 and 7 (similar to what was observed after exposure to gas 2) and no internal or
external carburization was observed even after 100 h exposure. By contrast, alloy 5 developed an
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external Cr-carbide scale similar to alloys 1, 2, and 3, which was also followed by internal Alrich oxide formation. Clearly, the scale was not protective enough to block the internal carbon
diffusion and subsequent internal Cr-carbides were formed in the alloy.

Figure 5-83 EPMA cross-sectional micrographs and WDS elemental maps of (a) alloy 4, (b) alloy 5, and (c)
alloy 7 after 100 h exposure to gas 5
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5.4.2.3 Discussion
According to the results observed for model alloys 1, 2, and 3, all three underwent some amount
of carburization. The extent of carburization in alloy 1 was less than alloy 2 or 3. The reason
might be the higher Ni content in alloy 1 causing a decrease in carbon permeability, as was
discussed in Chapter 2.2. Although external scales formed on the surface of most of the alloys,
formation of internal carbides showed that this scale does not provide very good protective
behavior. Failure of this scale in providing protection against inward carbon diffusion is apparent
from the internal carburization attack observed on alloys 1, 2, 3, and 5. Another interesting
observation was the formation of the duplex scale on most of the alloys, in which an Al-rich
oxide layer existed beneath an outer carbide layer. It has been reported [13, 45] that Al2O3 is
thermodynamically stable at impurity levels of water vapor in the system, which is unavoidable
in reaction gases. However, the formation of internal or external layer of alumina depends on the
available flux of aluminum in the substrate alloy. Based on the thermodynamic stability of Crcarbides and Al-oxide, it is always expected that the less stable phase (carbide in this case)
should form beneath the highly stable oxide layer, as can be seen from the internal carburization
zone. However, in this study it is seen that an external Cr-carbide layer forms at the surface and
above the Al-rich oxide. The formation of this external carbide layer above an Al-rich oxide
layer requires further explanation.
The XPS observations showed that these alloys undergo an initial oxidation during the
heating stage, and for chromia forming alloys this leads to the formation of an initial layer of
Cr2O3 on the surface. By selectively oxidizing Cr during this very early stage, Cr activity in the
subsurface region of the alloy drops while Al activity should increase. As a result, Al-rich oxide
can eventually nucleate at the scale/metal interface. As the temperature increases, the minimum
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required oxygen potential for the formation of Cr2O3 increases. At the temperature of the
reaction (871 °C), an oxygen potential of about 10-25 is needed for the formation of Cr2O3, which
is unlikely for the existing impurity level of oxygen in the system (Figure 5-84). According to
the Cr-O-C phase stability diagram in Figure 2-21 at 871 °C and comparison of the oxygen
potential in the other gas mixtures used in this study, it is safe to say that the oxygen potential in
gas 5 should be low enough for this gas to be in the carbide stable region. As a result, by
increasing the temperature, the initially-formed chromium oxide (both during the flushing with
Ar and heating stage) becomes unstable, as the minimum required oxygen potential for the
formation of the Cr2O3 increases from 10-121 atm at room temperature to 10-25 atm at 871 °C
(Figure 5-84). Therefore, conversion of the oxide film to carbide (thermodynamically more
stable phase) will occur. Very little information is available on the mechanisms of the
transformation of the initially formed oxide to carbide. According to Smith et al. [142],
chromium carbide nucleates first on the outer surface of the oxide and then grows inward by
consuming the oxide around it. When carbides make contact with the substrate metal, direct
diffusion of base metal elements to the scale and inward carbon ingress could occur.

195

Figure 5-84 Dependence of the minimum required oxygen potential for Cr2O3 formation on temperature

In the case of Ni-based alloys and in the absence of iron, the thermodynamically stable
carbide is Cr3C2. However, a previous study by Smith et al. [142] showed that on the binary NiCr alloy after 400 min exposure, the thermodynamically stable Cr3C2 did not form and instead
Cr7C3 was observed. The possible reasons for this occurrence were discussed as: first the
structural compatibility of Cr2O3 with hexagonal Cr7C3 rather than orthorhombic Cr3C2 or
secondly, lower activity of carbon since the alloy surface has not yet achieved full equilibrium
with the gas mixture at this stage. The XPS analysis of alloy 2 after 1 h exposure to gas 5 showed
the coexistence of Cr oxide and carbide in the scale, which clearly shows that the complete
transformation of oxide to carbide is still in progress even after an hour into the reaction. Based
on the XRD results after 25 h exposure, Cr3C2 exists at the surface of the sample which shows at
least the partial conversion of the initially formed Cr7C3. The continued growth of this latter
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carbide layer needs direct contact with the substrate metal in order to have chromium supply.
When all the initially formed oxide transform to carbide, this contact will be achieved and the
carbide scale will continue to grow outward.
It is important to compare the results observed on these alloys with the ternary alloys
discussed before. Formation of an external carbide scale was not observed on the ternary Ni-CoCr alloys (Figure 5-42). These observations clearly show that the presence of Al, Ti and Mo play
an important role in promoting the formation of this carbide scale. One plausible explanation is
that the inward growth of the Al-rich oxide generates strain due to the lattice misfit between the
oxide and substrate metal. As a result, the diffusivity in the sub-surface region is increased. This
increase in diffusivity results in a more rapid outward diffusion of chromium to support the
external carbide scale formation. Depletion of Cr in the subsurface layer could also be seen,
which is due to the growth of the external carbide layer. However, it would be very difficult to
argue the effect of stress on diffusion. One other possibility would be the interactive effect of
minor elements on chromium diffusion. The presence of minor alloying elements such as Al, Ti
and Si can promote the formation and stability of the initially formed Cr-oxide compared to NiCo-Cr alloys, as also discussed in previous Chapter 5.4.1. Li and Gleeson [143, 144] previously
showed that the diffusive flux of a given element could be affected by the presence of other
elements in the alloy. They showed that the effective diffusion coefficient of chromium were
increased by a factor of 2 in the presence of silicon. No significant gradient in silicon developed,
so no diffusional cross effects were involved. An alternative explanation is that the formation of
a SiO2. Therefore, the diffusion characteristics of chromium can be affected by concentrations
and gradients of other elements in the substrate alloy. The multicomponent nature of these model
alloys makes it very difficult to account for any cross-term effect. However, the experimental
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results clearly show an increase in outward supply of Cr to the scale and supporting the
continuous growth of the carbide layer compared to what was observed on ternary model alloys
before and in the absence of minor alloying elements.
As discussed by other researchers [33, 34, 45], the carbide layer is not protective enough
and both carbon and oxygen can diffuse through it. Thus, the subscale oxide layer continues to
grow beneath this carbide layer. However, in none of the first three model alloys was the oxide
scale continuous and protective; thus, both the carbide scale and internal carburization zone grew
with time through outward diffusion of Cr and inward diffusion of carbon, respectively. When
the external carbide scale forms, the carbon activity at metal/scale interface does not depend on
the carbon activity of the environment, but rather is established through the carbide/alloy
equilibrium via
𝐶𝐶𝐶𝐶3 𝐶𝐶2 = 3𝐶𝐶𝐶𝐶 + 2𝐶𝐶
3
𝑎𝑎𝐶𝐶𝐶𝐶
. 𝑎𝑎𝐶𝐶2
∆𝐺𝐺 =
𝑎𝑎𝐶𝐶𝐶𝐶3 𝐶𝐶2
°

(5-19)
(5-20)

However, the assumption that the carbide scale is continuous from the beginning is not
valid since the shorter exposure times for these alloys showed that for up to 50 h exposure, the
carbide scale is still not a continuous layer. Thus, substrate alloy is still in direct contact with the
environment, unless it is covered by the alumina scale. Due to the relatively high atomic mobility
within the carbide layer [45], carbon can easily penetrate into the alloy through this carbide layer
and form a significant internal carbide precipitation zone, which may negatively affect the
mechanical properties of the alloy.
Modification of these alloys with silicon in alloys 4 and 7 with 2.5% and 5% aluminum,
respectively, almost completely blocked the carbon penetration into the substrate alloy by
formation of a protective alumina scale. Increasing the chromium content up to 28% in alloy 5
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compared to alloy 3 with 22% Cr, did not show a significant improvement on its carburization
resistance and similar behavior to alloys 1, 2, and 3 was observed. This clearly shows that the
only oxides which can apparently prevent carbon penetration in the alloy under carburizing
environments are alumina and silica. Although alloys 6, 7, and 8 with 5%Al in their
compositions were all alumina-forming alloys, alloy 4 with even less Al content of 2.5% showed
the best resistance to carburization. Again, the excellent resistance of this alloy to corrosion is
attributed to the formation of the alumina scale on top followed by the G-phase formation
beneath.

5.4.3

Sulfidation-carburization-oxidation

5.4.3.1 Results
In this section, reactions in the more aggressive mixed gas 3 with high sulfur and carbon
activities are considered. Figure 5-85 shows the mass change results up to 100 h exposure to gas
3 at 871 °C. The weight gains are much lower than the results obtained after exposure to gas 2.
No sulfide formation was observed after 25 h exposure and only minor localized attack on the
edges of the samples and on the casting defects in the middle was observed on alloys 1, 2, 3, 5
and 6 after 50 and 100 h exposures. Figure 5-86 shows the SEM surface images of these samples
after exposure for 100 h to gas 3. Formation of sulfide nodules can be observed in a very small
amount on alloys 1, 2, 3, 5, and 6. The cross-sectional micrographs of these alloys after 100 h
exposure to gas 3 are shown in Figure 5-87. All alloys showed mostly protective behavior and no
major sulfidation or carburization attack was observed.
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Figure 5-85 Mass change versus time for model alloys 1, 2, 3, 4, 5, 6, 7, and 8 after exposure to gas 3 at 871 °C

On the first three model alloys formation of a continuous chromia layer followed by
internal Al-rich precipitates was observed. In addition, Ti enrichment was also observed on the
outermost surface and at the alloy/scale interface. Formation of Cr-rich sulfide precipitates
beneath the internal Al-rich precipitates shows that chromia layer was not impermeable to sulfur.
It is noteworthy that the depth of the internal oxidation zone in alloy 3 was shallower after
exposure in gas 3 compared to gas 2. Alloy 5, however, showed a slightly different behavior by
formation of an outer chromia scale followed by a continuous alumina subscale, which was
different from the internal oxidation of Al under gas 2 conditions. This suggest that by increasing
the Co and decreasing the Ni content from the two alloys 1 and 2 to alloys 3 and 5, the depth of
internal oxidation decreased under the conditions of gas 3 and alloy 5, to the extent that a
continuous alumina layer could develop. Another important point is that even though pure
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chromium and the Ni-Co-Cr model alloys showed a more aggressive type of attack in gas 3
compared to gas 2, addition of the minor alloying elements tends to dramatically change the
resistance of these alloys, where they show a more protective behavior in the more aggressive
environment of gas 3. Apart from minor sulfidation attack on the casting defects of some of these
alloys, no additional sulfidation or carburization attack was observed even up to 100 h exposure.
Formation of a continuous alumina layer was also observed on the two Si-containing alloys 4
(with 2.5% Al and 3% Si) and 7 (with 5% Al and 3% Si) and no Ni- or Co-sulfide nodules were
observed at any location of these alloys. Alloys 6 and 8 (with high Al content of 5 wt. %) also
formed an external alumina scale. However, some internal attack along the precipitates in the
substrate alloy was detected.
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Figure 5-86 SEM surface images of: (a) alloy 1, (b) alloy 2, (c) alloy 3, (d) alloy 4, (e) alloy 5, (f) alloy 6, (g)
alloy 7, and (h) alloy 8 after 100 h exposure to gas 3 at 871 °C

202

Figure 5-87 cross-sectional SEM micrographs of (a) alloy 1, (b) alloy 2, (c) alloy 3, (d) alloy 4, (e) alloy 5, (f)
alloy 6, (g) alloy 7, and (c) alloy 8 after 100 h exposure to gas 3 at 871 °C
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5.4.3.2 Discussion
The observed corrosion behavior of the model alloys in gas 3 were not anticipated. No major
sulfidation or carburization attack was observed on any of the model alloys, even after 100 h
exposure. In order to better understand the behavior of these alloys in the gas 3 environment, it is
worthwhile to re-visit the observed corrosion mechanism of other systems in this environment,
and also the behavior of these alloys in the previously discussed gas 2 environment with a lower
carbon activity.
In Chapter 5.2, it was shown that gas 3 has higher H2O and H2S fluxes but lower oxygen
and sulfur partial pressures compared to gas 2. However, the combination of higher carbon
activity in this gas mixture and lower PH2O/PH2S, was inferred to be the main reason for the
extreme attack observed on pure chromium. Under such conditions, sulfides and oxides can grow
together and form a duplex-type scale, since the overgrowth of the metastable sulfide by the
more stable oxide is inhibited. The co-formation of sulfide and oxide in the outer scale provides
rapid transport paths for carbon toward the substrate alloy and it follows a rapid internal attack.
Studying the behavior of ternary model alloys in this environment (Chapter 5.3) also confirmed
that the formation of Cr-rich carbides at the initial stages of the reaction serves to decrease
chromium availability for Cr2O3 formation and thus make the alloy susceptible to sulfidation. On
the other hand, in Chapter 5.4.1, it was shown that addition of minor alloying elements of Al, Ti,
and Mo could shift the Cr-sulfide/Cr-oxide kinetic boundary to the lower oxygen partial
pressures and toward the thermodynamic boundary by stabilizing the oxide and increasing the
incubation period for the partial occurrence of sulfidation attack under the conditions of gas 2.
However, the question here is: Why do these model alloys show a more protective behavior in
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the more aggressive environment of gas 3 (with higher carbon activity and lower oxygen
potential) compared to gas 2?
The results after exposure to gas 3 clearly showed that none of the model alloys showed
any type of oxide scale breakdown in the flat portions of the sample compared to what was
observed after exposure to gas 2. The measured weight gains of most of the model alloys after
100 h exposure dropped dramatically from gas 2 to gas 3. The weight gains of alloys 4 and 7
after exposure to both environments of gas 2 and 3 were almost comparable, since these model
alloys showed complete protection in both environments by formation of a continuous alumina
scale. However, the difference between these two environments was more distinctive in the case
of alloys 1, 2, 3, and 5. Figure 5-88 and Figure 5-89 show a comparison of the results obtained
on these four model alloys (all with similar amounts of minor alloying elements of Al, Ti, and
Mo but with different Ni:Co ratio and Cr contents) after exposure to gas 2 or 3. From Figure
5-88 it can easily be seen that the sulfidation attack and formation of sulfide nodules were
decreased dramatically or, in some cases, almost completely prevented after exposure to gas 3. In
addition, Figure 5-89 clearly shows that by decreasing the Ni:Co ratio to near unity, the total
amount of degradation in these alloys (in both cases of gas 2 and 3) decreases. The reason for
such behavior was discussed in Chapter 5.4. Previous studies [22, 23, 24, 73] had shown that
increasing the cobalt content in nickel-base alloys reduces the rate of sulfur diffusion in the
matrix and also, decreasing the Ni content of the alloy reduces the risk of formation of Ni-sulfide
and Ni-Ni3S2 eutectic [70]. Thus, much less sulfidation attack and liquid sulfide formation was
observed in the model alloys with lower Ni:Co ratio.
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Figure 5-88 Comparison of the behavior of selected model alloys in gas 2 and 3. Above surface images show
that the sulfidation attack on alloys 1, 2, 3, 5, 6, and 8 was decreased from gas 2 to gas 3, where almost no
sulfide nodules can be observed after exposure to gas 3

Figure 5-89 Comparison of the mass change results of alloys 1, 2, 3, and 5 in gas 2 and 3. This diagram shows
the effect of gas composition, Ni:Co ratio and Cr content of the alloy on the total degradation observed after
100 h exposure at 871 °C for gas 2 and 3
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Another important observation was the decrease in the extent of internal oxidation of Al
in alloy 3 and complete transition from internal to external oxidation in alloy 5 when changing
from gas 2 to gas 3. Figure 5-90 shows the cross-sectional micrographs of alloys 3 and 5 after
exposure to gases 2 and 3 for comparison. Based on the Wagner’s theory, the minimum value of
Al concentration required for the formation of an external scale can be calculated using Eq. 2-29.
Accordingly, this value is related to the oxygen solubility at the alloy surface and the diffusion
coefficient of aluminum in the substrate alloy. Thus, a decrease of about two orders of magnitude
in oxygen partial pressure from gas 2 to gas 3, can result in a decrease in oxygen solubility at the
surface during the initial stages of the reaction, which results in a decrease of the minimum Al
content necessary for formation of an external alumina layer. Initial formation of an external
alumina scale on the sample surface can result in a decrease of the amount of transient oxides
and sulfides (fast growing Ni and Co oxides and sulfides) and also Cr-rich carbides, thus,
resulting in the formation of a more protective oxide scale compared to gas 2 environment.
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Figure 5-90 Comparison of the extent of internal oxidation of Al in alloys 3 and 5 after 100 h exposures in gas
2 and 3 at 871 °C using the SEM cross-sectional micrographs of these samples

In addition to the oxygen partial pressure, both major and minor alloying elements can
also affect the transition between internal to external oxidation by affecting both the diffusion
coefficient of aluminum in the substrate alloy, and the solubility of different gas species at the
surface. Figure 5-91 shows a comparison of the scales formed on alloys 1, 2, 3, and 5 after
exposure for 100 h to gas 3. It should be noted again that the aluminum content in all these four
alloys are the same and it is about 5.1 at. %. The major differences are the Ni:Co ratio, which is
lowered from about 2.7 in alloys 1 and 2 to about 0.95 in alloys 3 and 5, and the chromium
contents, which is 22 wt. % in alloys 1 and 3 and 28 wt. % in alloys 2 and 5. Considering the
abovementioned differences, Figure 5-91 shows that increasing the cobalt and chromium
contents results in an effective decrease in the internal oxidation of aluminum, where in alloy 5 a
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complete transition from internal to external oxidation was observed and a continuous alumina
sub-scale was formed.
The effect of chromium content on aluminum oxidation has been studied previously by
Guan and Smeltzer [145]. They showed that sufficient Cr addition reduces the oxygen solubility,
and alters the oxygen distribution in the ternary Ni-Cr-Al alloys to avoid the oxygen
supersaturation necessary for the onset of internal oxidation in the alloys. Thus, by increasing the
Cr content from 22 wt. % in alloy 3 to 28 wt. % in alloy 5 the establishment of the external
alumina scale can be easier. However, the effect of cobalt on transition from internal to external
oxidation of aluminum was more pronounced in the results observed after exposure to gas 3.
Thus, it is important to study the effect of Ni and Co concentrations on the mobility of Al in the
substrate alloy. Figure 5-92 shows a CALPHAD-computed plot of Al mobility vs. Ni content for
a NixCo1-xCrAl alloy with a fixed Al and Cr contents of 5 at.% and 24 at.%, respectively, at 900
°C. It can clearly be seen that the Al mobility increases as the cobalt content of the alloy
increases. Increasing the Al mobility, together with the lower oxygen partial pressure in the
environment, enables aluminum to diffuse to the surface faster and to establish a complete layer
of alumina at the alloy surface. Establishment of a more protective alumina scale can decrease
the inward transport of carbon and sulfur and, thus, provides a better protection against
sulfidation and carburization attack, which was previously observed in this environment on
ternary model alloys. It also increases the time to breakaway corrosion in the modified model
alloys (with addition of minor alloying elements) compared to gas 2. However, a more accurate
analysis of the early stage reaction in these environments is needed in order to have a better
understanding of how the interaction of minor alloying elements and different species in the gas
phase can change the boundary conditions resulting in the observed protective behavior.

209

Figure 5-91 Effect of alloy composition on the extent of internal oxidation of Al in four alloys of 1, 2, 3 and 5
after 100 h exposure to gas 3 at 871 °C

Figure 5-92 Calculated Al mobility vs Ni ratio for a NixCo1-xCrAl alloy with a fixed Al and Cr contents of 5 at.
% and 24 at.%, respectively, at 900 °C
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6.0

6.1

CONCLUDING REMARKS

COMMERCIAL ALLOYS STUDY

Six commercial chromia- and alumina-scale forming alloys were tested at 871 °C (1600 °F) in
three main environments of N2-15%CO-3%H2-0.6%CO2-0.12%H2S + 0.6% H2O (gas 2), H225%CH4-14.8%N2-4%CO-0.6%CO2-0.6%H2S + 3% H2O (gas 3), and Ar-5%H2-2%C3H6 (gas
5), all very reducing with different levels of oxygen, sulfur, and carbon potentials. The effects of
both major and minor alloying elements on sulfidation and carburization resistance of these
alloys were studied. The following conclusions can be drawn:
•

As a general conclusion, Ni- and Ni-Co-based alloys showed much better corrosion
resistance in all three environments compared to Fe-containing alloys (HR-120 and HR224).

•

Increasing the cobalt content in alloys 617 and HR-160 clearly increased the resistance of
these alloys to sulfidation attack under conditions of gas 2. This is mainly due to the fact
that decreasing the Ni content can decrease the risk of formation of Ni3S2 and, thus, the low
temperature Ni-Ni3S2 eutectic (645 °C).

•

It was also shown that protection is very dependent on the ability of a given alloy to form a
continuous and tenacious oxide scale (Al2O3 is best). However, addition of higher
concentrations of Cr, Al, or Si solely, cannot account for a good resistance to sulfidation and
consideration of both major and minor alloying element effects is necessary.
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•

Alloys HR-120 and HR-224, with high Fe concentrations, both showed severe degradations
by formation of the base-metal sulfides. It is deduced that the presence of carbon in all of
the environments tested in this study makes the Fe-containing alloys susceptible to a more
severe attack due to the intrinsically lower carburization resistance of these alloys. An
increase in the carbide formation at the initial stages of the reaction can decrease the Cr
available in the alloy (i.e., the “free Cr”) for the formation of a protective oxide and further
resistance to sulfidation attack.

•

Exposure of the commercial alloys to the predominantly carburizing environment clearly
showed that all chromia-scale forming alloys undergo some extent of carburization attack.
However, increasing the Cr-content of the alloys can decrease the depth of internal
carburization.

•

Alumina-scale forming Ni-base alloy 214 almost completely prevented any carburization
attack due to formation of a continuous alumina scale. It was found that alumina is the only
protective oxide scale that can prevent carbon penetration into the substrate alloy.

•

Addition of silicon can decrease the carbon penetration depth by decreasing the solubility of
carbon in the substrate alloy. Combination of Ni-Co-substrate and high Cr and Si contents in
alloy HR-160 led to the good carburization resistance observed on this alloy.

•

A combination of both good sulfidation and carburization resistance is needed for an alloy
to withstand the conditions of the gas 3 environment. As a result, a Ni-Co-base alloy with
high Cr concentration (similar to alloy HR-160) and possibly addition of other minor
alloying elements (Al and Si) for reducing the carburization resistance is necessary for
protection in mixed gas environments.
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6.2

ENVIRONMENTAL EFFECTS

Due to the complicated effects of both environment and alloy composition at the same time, the
direct effect of different gas species were first studied separately using the simple case of pure Cr
and following conclusions were drawn:
•

High-temperature exposure to mixed sulfidizing-carburizing-oxidizing environments is a
complex and dynamic process that requires oxide-scale formation for protection. However,
the mode of growth and kinetics of oxide formation is clearly affected in the presence of
sulfur and carbon in the atmosphere.

•

Gas 2 with the PH2O/PH2S ratio of 1.1 was located close to the kinetic boundary of Croxide/Cr-sulfide at 871°C, but still in the oxide stable region. The formation of a relatively
thick chromia scale was observed after 25 h exposure. Kinetic analysis that considered gas
supply and consumption showed that under such conditions H2O or CO2 is the main
reactant in the environment. The kinetically easier dissociation of H2O leads to the
inference that it is the principal reactant. The observed chromia scale was shown to form by
a combination of both outward and inward growth, where the outer scale growth is dictated
by cation diffusion and the inner zone, on the other hand, is the result of the oxide growth
within the metal-consumption zone.

•

It was shown that the fine-grain structure of the chromia scale formed in the gas 2
environment cannot solely account for fast oxidation kinetics observed in the mixed
environments. The adsorbed sulfur affecting the grain boundary structure of the scale and
the higher diffusion coefficient of the grain boundaries aligned in the growth direction of
the scale are inferred to affect the grain-boundary diffusion.
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•

Void formation at the alloy/scale interface was observed due to the initial outward scale
growth. Sulfur adsorption at the scale/metal interfacial voids and sulfur poisoning at the
void surfaces is believed to be the main reason for an initial period of oxide formation
inside the voids being impeded.

•

Exposure of chromium to the gas mixture 3 with a relatively low PH2O/PH2S ratio of 0.5
resulted in a more aggressive attack than what was observed for gas mixture 2 with a
PH2O/PH2S ratio of 1.1. Formation of a duplex Cr-oxide/Cr-sulfide outer scale indicates that
the kinetic boundary of Cr-oxide/Cr-sulfide in Cr-O-S phase stability diagram is slightly
shifted to the right, where gas 3 is located on this boundary. Increasing the carbon activity
in addition to the lower PH2O/PH2S in gas 3 caused the co-formation of oxide and sulfide in
the external scale and deep oxide-carbide-sulfide inner attack zones.

6.3

Ni-Co-Cr MODEL ALLOYS

Based on the observed results on commercial alloys, two ternary Ni-Co-Cr model alloys were
designed to study the effect of major alloying elements under complex gas atmospheres. The
corrosion behavior of these alloys was studied in all five environments with different oxygen,
sulfur, and carbon potentials. The following conclusions can be drawn:
•

Major sulfidation attack was observed on both alloys after exposure to mixed gases 2 and 3
by formation of liquid base-metal sulfides. The attack was more localized on both alloys
under conditions of gas 2 with a lower carbon activity compared to gas 3.

•

Increasing the Cr concentration from 22% to 28% in the Ni-Co-Cr model alloys is beneficial
in providing a more protective barrier for substrate alloy against liquid sulfide attack in both
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environments of gases 2 and 3. However, the degradation was still quite severe on both
alloys.
•

The effect of carbon in mixed gas atmospheres was studied in more detail by conducting a
two-stage test in gases 5 and 2. In environments with a higher carbon activity, formation of
Cr-carbides at the early stages of reaction serves to decrease Cr availability for Cr2O3
formation and, thus, make the alloy susceptible to sulfidation.

•

When sulfur diffuses into the alloy, it tends to react with pre-existing Cr carbides to form
Cr-sulfide and release carbon further into the alloy.

6.4

MINOR ALLOYING ELEMENT EFFECTS

The effects of minor alloying elements were studied using the designed model alloys with
different levels of Cr, Al, Si, Ti, and Mo. These alloys were tested in the three environments of
gas 2, 3, and 5. Based on the obtained results and using previous understandings from the
commercial alloys, pure chromium, and ternary model alloys, the following conclusions were
drawn:
•

In Ni-Co-base alloys, increasing the Co content up to the level that the Ni:Co mass ratio is
close to unity is highly beneficial in increasing the sulfidation resistance. At this ratio, the
availability of both nickel and cobalt for sulfide formation is the lowest and, thus, an
optimum sulfidation resistance can be achieved.

•

Addition of minor alloying elements of Al+Ti+Mo provided much better resistance for these
alloys than their parent ternary alloys without minor alloying addition. It was verified that
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with the judicious addition of Al, Ti and Mo, better sulfidation resistance can be achieved
even at relatively low Cr concentrations (22%).
•

Higher Cr concentration is not necessarily better for sulfidation resistance. Combination of
lower Cr and minor alloying elements can provide much better sulfidation resistance.
Increasing the Cr concentration to 28% in the presence of minor alloying elements
shortened the incubation period of the protective oxidation.

•

The internal carburization depth decreased considerably by addition of the abovementioned
minor alloying elements. Formation of an outer layer of Cr-carbide followed by an alumina
sub-layer provided better protection against carbon penetration and internal carburization of
the alloy.

•

Formation of an external Cr-carbide scale was observed after addition of minor alloying
elements. This scale, however, has no protective properties against inward diffusion of
carbon and oxygen.

•

Remarkable sufidation resistance was obtained by maintaining the Ni:Co base-metal mass
ratio near unity and adding minor amounts of Al, Ti, Mo, and Si. Alloy 4 with composition
of Ni-22Cr-33.4Co-2.5Al-2.5Ti-5Mo-3Si (in wt.%) showed the best sulfidation resistance in
gas 2 environment by formation of a continuous alumina scale and the stable G-phase in the
sub-scale region. This composition represents a major alloy-development result stemming
from this study.

•

Si additions in combination with Al+Ti+Mo showed to be the most effective in providing
the sulfidation resistance, although in combination with high Al concentration can form a
brittle structure.
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•

All model alloys showed protective behavior under the more reducing conditions gas 3.
Formation of a protective alumina sub-layer in most of the model alloys provided much
better resistance to both carburization and sulfidation attack.
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APPENDIX A

GAS PHASE FLUX CALCULATIONS

A.1

DIFFUSION IN GASES

According to the kinetic theory of gases, the self-diffusivity of spherical A atoms diffusing in
pure A can be written as:
∗
𝐷𝐷𝐴𝐴𝐴𝐴

1/2

2 𝑘𝑘𝐵𝐵3
= � 3 �
3 𝜋𝜋 𝑚𝑚𝐴𝐴

𝑇𝑇 3/2
𝑃𝑃𝑃𝑃2

(A-1)

On the other hand, the interdiffusivity of two unequal size spherical atoms A and B can
be written as:
𝐷𝐷𝐴𝐴𝐴𝐴

1/2
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2 �

(A-2)

where kB is Boltzmann’s constant (1.38×10-16 ergs.molecule-1.K-1), d the molecular diameter
(cm), m is the molecular mass (g.molecule-1), P is the pressure (dyn.cm-2), and T is the
temperature (K). In order to predict DAB more accurately, it is better to apply the ChapmanEnskog theory than the above equations. For monoatomic gases, which act ideally, we have
𝐷𝐷𝐴𝐴𝐴𝐴

0.0018583𝑇𝑇 3/2 1
1 1/2
=
� +
�
𝑃𝑃(𝜎𝜎𝐴𝐴𝐴𝐴 )2 𝛺𝛺𝐷𝐷,𝐴𝐴𝐴𝐴 𝑀𝑀𝐴𝐴 𝑀𝑀𝐵𝐵
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(A-3)

1
𝜎𝜎𝐴𝐴𝐴𝐴 = (𝜎𝜎𝐴𝐴 + 𝜎𝜎𝐵𝐵 )
2

(A-4)

where MA and MB are the molecular weights of species A and B, T the temperature (K), P the
pressure (atm), σAB is the collision diameter (Å), ΩD,AB collision integral for A-B mixture at
∗
dimensionless temperature, and 𝑇𝑇𝐴𝐴𝐴𝐴
, for the Lennard-Jones potential
∗
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= average intermolecular force parameter, K

Table 6-1 Intermolecular force parameters and critical properties [146]
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(A-5)

(A-6)

The values of the force parameters and the collision diameters for common gases are
given in Table 6-1. The collision integral can also be calculated through:
𝛺𝛺𝐷𝐷,𝐴𝐴𝐴𝐴 =

𝐴𝐴
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(A-7)

where A=1.06036, B=0.15610, C=0.19300, D=0.47635, E=1.03587, F=1.52996, G=1.76474,
and H=3.89411.

A.2

MASS TRANSFER COEFFICIENT

As it was mentioned in Chapter 5.2.2.1, the maximum flux of a given gaseous species i to the
alloy surface can be approximated by the expression [92, 93]
𝐽𝐽𝑖𝑖 =

𝑘𝑘𝑚𝑚(𝑖𝑖) 𝑃𝑃𝑖𝑖
𝑅𝑅𝑅𝑅

(A-8)

where J is the flux and km is the mass transfer coefficient, which can be estimated from masstransfer theory via
𝑘𝑘𝑚𝑚 = 𝑆𝑆ℎ

𝐷𝐷𝑖𝑖(𝑁𝑁2 )
𝐿𝐿

(A-9)

Here L is the sample length, Di(N2) the diffusion coefficient of species i in nitrogen, and
Sh is the Sherwood number. The diffusion coefficient can be calculated from the kinetic theory
of gases as discussed in previous section A.1. For a flow parallel to a flat plate, Sherwood
number is evaluated using
1/2

𝑆𝑆ℎ = 0.664 𝑆𝑆𝑆𝑆 0.343 𝑅𝑅𝑅𝑅𝐿𝐿

where the Reynolds number can be calculated via
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(A-10)

𝑅𝑅𝑅𝑅𝐿𝐿 =

𝐿𝐿𝑉𝑉∞ 𝜌𝜌
𝜂𝜂

(A-11)

Using Lennard-Jones potential, Chapman and Enskog have developed the following
equation for the viscosity of nonpolar gases at low pressures:
𝜂𝜂 = 2.67 × 10−5

√𝑀𝑀𝑀𝑀
𝜎𝜎 2 𝛺𝛺𝜂𝜂

(A-12)

Here, M is the molecular weight (g), η is the viscosity (Poise), T the temperature (K), and
σ is a characteristic diameter of the molecule (Å).
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