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Abstract 

Microstructure Engineering During Heat Treatment of Inconel 718 Superalloy Processed 

by Laser Powder Bed Fusion 

 

Yunhao Zhao, Ph.D. 

 

University of Pittsburgh, 2021 

 

 

 

 

Post-heat treatment of additively manufactured (AM) Inconel 718 components is essential 

for optimizing microstructure and property since deformation processing is no longer applicable. 

Although several commercial heat treatments have been developed for wrought and cast alloys, a 

systematic study on the microstructure engineering during heat treatment of AM Inconel 718 is 

needed because its different initial microstructures from the traditional alloys can cause varied 

microstructure change during heat treatment and can thus influence material properties.  

This dissertation comprehensively studied the microstructure engineering during the heat 

treatment of Inconel 718 alloy fabricated by laser powder bed fusion (LPBF). Experiments along 

with modeling were conducted to understand the phase transformations. The microstructure 

evolutions in the heat treatment stages, i.e., homogenization, continuous cooling, and aging, were 

investigated and the process-structure-property relationships were inferred. The microstructure 

change of LPBF Inconel 718 during homogenization was studied by both experiments and kinetics 

simulation. Homogenization at a higher temperature (1180oC) than what is used traditionally could 

effectively introduce recrystallization, remove columnar grain texture, and reduce residual stress. 

Additionally, grain refinement was achieved through recrystallization and the Zener pinning effect 

in LPBF Inconel 718, confirming that the mechanical properties of AM components could be 

potentially improved by heat treatment. During a continuous cooling process, the phase 

transformations of LPBF alloys were found to be different from those in suction-cast alloys and 



 v 

were impacted by homogenization durations. The different phase transformation behaviors were 

attributed to the varied Nb homogeneities caused by diverse homogenization conditions. 

Microstructure evolution during isothermal aging process at intermediate temperature could be 

affected by homogenization conditions; more isotropic mechanical properties could be obtained 

with aging after high-temperature homogenization. A novel optimized heat treatment strategy was 

developed based on the inferred phase transformation behaviors, which achieved a combination of 

good strength and ductility while maintaining the properties isotropic. Moreover, a high-

throughput approach leveraging the printing flexibility of LPBF was developed and the potential 

of accelerating heat treatment design for AM alloys was demonstrated.  
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1.0 Introduction 

This chapter is partly modified from the following published or submitted journal papers: 

1. Y. Zhao, K. Li, M. Gargani, W. Xiong, A comparative analysis of Inconel 718 made 

by additive manufacturing and suction casting: microstructure evolution in 

homogenization, Additive Manufacturing 36 (2020) 101404 [1]. 

2. Y. Zhao, F. Meng, C. Liu, S. Tan, W. Xiong, Impact of homogenization on 

microstructure-property relationships of Inconel 718 alloy prepared by laser 

powder bed fusion, submitted to Mater. Sci. Eng. A.  

3. Y. Zhao, L. Hao, Q. Zhang, W. Xiong, Phase transformations during continuous 

cooling in Inconel 718 alloys manufactured by laser powder bed fusion and suction 

casting, submitted to Science and Technology of Advanced Materials. 

1.1 Overview of Inconel 718 

Inconel 718 is a Ni-based superalloy that has been widely applied in the aerospace and 

nuclear industries because of its excellent strength, oxidation, and creep resistance properties at 

high service temperature [2–4]. The typical chemical composition of Inconel 718 is listed in Table 

1-1 [5]. Among the major elements of Inconel 718, the Ni, Fe, and Cr mainly contribute to the 

formation of the fcc_A1 matrix while Cr also provides oxidation resistance and solid solution 

hardening to the alloy [6]. The addition of Mo is mainly for improving the solid solution hardening 

during high-temperature service, whereas the Nb, Ti, and Al can form hardening intermetallic 
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phases that strengthen the alloy. C is mainly used to promote the formation of carbides, which can 

pin the grain boundaries and help with refining grain size. The typical precipitation morphologies 

of Inconel 718 [7] are shown in Fig. 1-1. Inconel 718 has an austenite matrix of γ (fcc_A1) phase 

and is principally precipitation-hardened by the plate-shaped major strengthening phase γ″ (Ni3Nb, 

bct_D022), and the sphere-shaped minor strengthening phase γ′ (Ni3(Al, Ti, Nb), fcc_L12) [8,9]. 

The γ″ and γ′ precipitates distribute in the matrix with nano-size and are coherent or semi-coherent 

with the γ matrix [10–12], contributing to the strengthening effect of the alloy. The γ″ phase is 

metastable and will transform into the δ phase after long-time aging at an intermediate temperature 

range of 650 to 900oC [13–15]. Besides, MC carbides (mainly NbC with a small amount of TiC, 

fcc_B1) usually form along with the γ matrix during high-temperature annealing above 1000oC. 

With the proper size and distribution range, the NbC carbide can act as the grain boundary pinning 

particles to impede grain growth [16–18]. However, coarsened NbC particles can introduce micro-

void softening effects with localized stress concentration and crack initiation to reduce grain 

boundaries strength [19–21]. The δ phase (Ni3Nb, D0a) and Laves_C14 phase ((Ni, Fe, Cr)2(Nb, 

Ti, Mo), hexagonal) are the two detrimental intermetallic phases that are often observed in the 

alloy. The δ phase has a needle shape and usually precipitates along grain boundaries [9,22]. It can 

pin the grain boundaries to control the grain size but degrades strengthening property due to its 

incoherent phase boundary with the γ [23]. Laves_C14 phase forms during solidification because 

of Nb and Mo segregation at grain boundaries. It can cause the initiation and propagation of 

cracking and is usually removed by homogenization treatment at an elevated temperature due to 

thermodynamic instability [24,25]. Additionally, it is reported that the σ phase and α-Cr phase can 

form during long-time exposure with stresses applied [26]. Therefore, they are seldom observed 

during normal heat treatments. 



 3 

 

Figure 1-1. Typical precipitate morphologies [7] of (a) Laves_C14, γ″, and γ′ phases in Laser Additively 

Manufactured Inconel 718 and (b) δ, γ″, and γ′ phases in wrought Inconel 718. 

 

Table 1-1. Typical chemical composition of Inconel 718. 

Element Ni Fe Cr Nb+Ta Mo Ti Al C 

Content, 

wt.% 

50.0-

55.0 
Bal. 

17.0-

21.0 
4.75-5.5 

2.80-

3.30 

0.65- 

1.15 
0.2-0.8 

0.08 

max. 

Element Mn Si P S Cu Co B  

Content, 

wt.% 

0.35 

max. 

0.35 

max. 

0.015 

max. 

0.015 

max. 

0.30 

max. 
1.0 max. 

0.006 

max. 

 

 

A systems design chart describing the process-structure-property relationships of Inconel 

718 alloys prepared by additive manufacturing (AM) is shown in Fig. 1-2, which shows that the 

post-heat treatments on Inconel 718 can affect the microstructure evolution and will further impact 

the properties of the materials. The commercial heat treatment strategies for wrought Inconel 718 

usually include one homogenization step (sometimes it is also referred to as a solutionization step) 

at a high temperature and two aging steps at moderate temperatures. As summarized in Fig. 1-3 

[27–29], the first step of the post-heat treatment is the homogenization heat treatment, which is 

usually performed between 970oC~1065oC with a holding time of 0.5~2 h. The purpose of the 

homogenization heat treatment is to dissolve the detrimental precipitates, i.e., the δ phase and the 
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Laves_C14 phase, formed during casting or wrought processes. Additionally, the dissolution of 

these phases can release Nb into the γ matrix, which is critical for the precipitation of the 

strengthening γ″ and γ′ phases. The following aging processes consist of two steps (Fig. 1-3). The 

first aging step is performed at a higher temperature above the second aging step. The aging at 

718oC for 8 h is frequently used as the first step, whereas the aging at 760oC for 10 h can be the 

other choice. The main precipitates formed during the first aging step are the γ″, γ′, and δ phases. 

The second aging step is usually performed at 620oC or 650oC for 8 h with the γ″ and γ′ 

strengthening phases precipitating. It is found that two-step aging heat treatment can achieve 

improved materials strength than the one-step aging process [6]. This is because the second aging 

step at a lower temperature can change the equilibrium state of the γ matrix, by which fewer 

strengthening particles can be kept in solution and more precipitates are allowed to form [6]. 

 

 

Figure 1-2. Systems design chart of Inconel 718 alloys prepared by additive manufacturing. 
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Figure 1-3. Available temperature profiles of heat treatments for the commercial Inconel 718 alloys. 

1.2 Additive Manufacturing 

In recent years, the application of Inconel 718 in the additive manufacturing communities 

has proliferated owing to its good printability as well as the increasing demands for high-

temperature components with complex shapes [30–32]. Additive manufacturing can build 

components with complex geometries layer by layer with the assistance of computer-aided design 

(CAD) [33] and can be divided into two categories based on the materials shaping approaches 

[34]. The first category uses binder agents to shape components, materials extrusion and binder 
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jetting are two typical techniques of this category. The other category uses energy sources to 

directly shape materials. Laser and electron beam are the common energy sources for powder-

based AM processes [34–36], while arc frequently serves for wire AM application [37].  As 

summarized in Fig. 1-4, there are three typical laser powder-based AM methods, i.e., (1) laser 

sintering (LS), (2) laser melting (LM), and (3) laser metal deposition (LMD). 

  

 

Figure 1-4. Review of laser additive manufacturing methods for metallic components [35]. 

 

The LS method manufactures components through the liquid phase sintering mechanism 

[35], which partially melts the powder bed using a laser beam under a protective inert gas 

atmosphere. For pure alloy powders, the laser parameters are adjusted to acquire an appropriate 
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operative temperature between the melting temperatures of the powders. In contrast, for the pre-

alloyed powders, the operative temperature is supposed to reside between the liquidus and solidus, 

which is also named the mushy zone. Once the laser beam scan is finished, a new layer of powder 

is spread onto the top of the precedent layer for the consecutive scan process, until the whole 

component is built layer by layer. The LS method, however, has some processing problems, such 

as incomplete densification caused by the difficulties of controlling the operative temperature 

during complex thermal profiles. Therefore, post-treatments such as sintering and hot isostatic 

pressing (HIP) are usually required for the LS-processed builds to improve the properties of the 

materials.  

The LM method has similar printing procedures to the LS method and is more commonly 

referred to as laser powder bed fusion (LPBF) or selective laser melting (SLM) [38,39]. The 

illustration of its setup is shown in Fig. 1-5. The powder bed in the LM process experiences 

complete melting/solidification cycles by the laser beam rather than being densified via liquid 

sintering. The LM process has higher laser power and smaller focused laser spot size than the LS 

process [35] and can thus produce components with better densification. Nonetheless, the main 

shortcoming of the LM process is the accumulation of residual stresses during the multiple 

melting/solidification cycles [40,41], which can cause the propagation of cracking and can finally 

lead to failure of the materials. The residual stress is usually mitigated by annealing heat treatment 

[42].  
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Figure 1-5. Illustration of LPBF setup [34]. 

 

In contrast to the LS and LM methods, which use a pre-spread powder bed for powder 

supplement, the LMD process uses a coaxial powder feeding method during the laser beam 

scanning. As shown in Fig. 1-6 [43], the powders are ejected from two nozzles; the beams of the 

powder and the laser are focused on the component, which moves horizontally under the control 

of a computer to get the components built layer by layer. The LMD method can build components 

with complex geometries readily, whereas the focusing conditions of the laser and powder beams, 

the velocity of powder ejection, and the laser power should be delicately optimized for printing a 

qualified workpiece. 
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Figure 1-6. Schematic of typical laser metal deposition (LMD) setup [43]. 

 

Because the AM method directly produces builds with complex shapes, work hardening is 

no longer applied to improve the mechanical properties. Therefore, post-heat treatments are critical 

to controlling the microstructure and property of AM builds, and dedicated investigations should 

be conducted to understand the heat treatment-microstructure-property relationships. This 

dissertation will focus on the heat treatment of Inconel 718 builds prepared by the LPBF method. 

The phase transformations during different heat treatments and the corresponding properties of the 

material will be investigated. 

1.3 State of the Art: Heat Treatment on LPBF Inconel 718 

The as-built Inconel 718 alloys usually have some drawbacks, which prevent them from 

direct application. First, due to the segregation of the elements with low diffusivities, e.g., Nb and 
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Mo along the grain boundaries, a great amount of Laves_C14 precipitates are introduced during 

the solidification process, resulting in the degradation of mechanical properties [44]. Besides, the 

precipitation of the Laves_C14 phase consumes the critical elements consisting of γ″ and γ′ phases 

[45]. For example, Nb is the major component in these precipitates, despite the low Nb content (~ 

5 wt.%) in the Inconel 718 alloy.  This impedes the formation of these strengthening phases during 

the subsequent aging processes, resulting in the reduction of strengthening effects of the materials. 

Second, columnar grains usually develop in the as-built alloys along the build direction Z owing 

to the thermal gradient induced by the laser melting process [41,46–48]. The difference of grain 

morphology along different directions in the as-built alloy can cause the anisotropy of mechanical 

properties [49,50]. Third, the multiple heating and cooling cycles during the LPBF process can 

generate residual stress, which will promote the initiation of cracking and lead to the failure of 

materials [51,52]. Qin et al. [53] found that the externally applied stresses would cause the 

preference of orientation of γ″ precipitation, as shown in Fig. 1-7. Therefore, the γ″ precipitation 

in the as-built alloy with a high level of residual stress can also have a preferred orientation with 

increased anisotropy of structure-property relationships. 
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Figure 1-7. Stress-oriented precipitation of γ″ under applied stress in Inconel 718 [53]. 

 

Some researchers have reported that the traditional heat treatment methods for the wrought 

or cast Inconel 718 are not sufficient for the LPBF produced alloys to achieve homogeneous 

microstructure. Chlebus et al. [3] found that the LPBF samples required a higher homogenization 

temperature than that prescribed for the wrought or cast Inconel 718 samples, as the traditional 

homogenization parameters left undissolved Laves phase particles so that the γ matrix was not 

completely homogenized. Schneider et al. [54] found that the LPBF samples could achieve 

specified heat-treated wrought mechanical properties with reduced heat treatment steps and 

determined the recrystallization behavior of the LPBF samples differed from that in the cast 

samples. Liu et al. [55] reported that an effective temperature to introduce recrystallization in 

LPBF Inconel 718 is 1100oC, with the residual stresses caused by thermal cycles being the 

recrystallization driving force. In another paper by Liu et al. [56], they determined that the grain 

boundary migration and subgrain coalescence are the main mechanisms of recrystallization in 

LPBF Inconel 718. In addition, the annealing twins formed during the homogenization heat 
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treatment were also observed to provide nucleation sites for the recrystallized grains. The 

recrystallization temperature of 1100oC in the LPBF Inconel 718 alloys is higher than the reported 

recrystallization temperature of 1020oC in the wrought alloys [55]. Similar conclusions were also 

made in Inconel 625 alloys [57]. This is because the LPBF alloys have a lower deformation degree 

than the wrought alloys, and they lack the defects like slip bands and shear bands that are often 

observed in the wrought alloys. Therefore, the recrystallization driving force in LPBF alloys is 

lower than that in the wrought alloys, leading to a higher temperature required for recrystallization 

[57]. In consequence, the high-temperature homogenization has thus a chance to reduce and further 

eliminate the microstructure anisotropy and can improve the mechanical properties. On the 

contrary, the commonly used homogenization temperature of 1065oC for wrought Inconel 718 

alloys cannot effectively introduce recrystallization in the LPBF alloys. The differences between 

wrought and LPBF Inconel 718 alloys are summarized in Table 1-2. 

 

Table 1-2. Summary of the differences between wrought and LPBF Incoenl 718 alloys. 

 Wrought Inconel 718 LPBF Inconel 718 

Grain morphology Equiaxial grains 
Columnar grains along build 

direction 

Origin of internal stress/strain Deformation processing Residual stress 

Recrystallization driving force 
Defects, e.g., slip bands, shear 

bands, etc. 
Residual stress 

Recrystallization temperature 1020oC 1100oC 

 

For the alloys fabricated by AM approaches, in which the builds experience multiple 

heating and cooling cycles, understanding the microstructure evolution during the continuous 

cooling process is important for the microstructure control, design, and optimization of post-
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processing strategies [23,58–64]. The phase transformations during continuous cooling are usually 

illustrated by continuous-cooling-transformation (CCT) diagrams. The CCT diagrams have been 

widely used to study the solid-solid phase transformations in steels of which the phase 

transformation kinetics is usually fast [65–67]. Therefore, the heat treatment effect such as 

homogenization conditions on the CCT diagrams in steels is usually not considered. However, due 

to the relatively slow diffusion in superalloys [68], the homogenization conditions can cause 

different elemental homogeneity and thus affect the phase transformations during continuous 

cooling. A few CCT diagrams of Inconel 718 have been previously reported [62,69–71], as 

summarized in Fig. 1-8. In order to facilitate discussion, we define three characteristics of the CCT 

curves, as illustrated in Fig. 1-8(a), to describe the phase transformation behaviors: (1) starting 

temperature of the phase transformation; (2) phase formation range, which is defined as the 

difference between the starting temperature and ending temperature at one certain cooling rate; 

and (3) critical cooling rate, below which the phase transformation will happen.  Garcia et al. [62] 

used a dilatometer to investigate the effect of homogenizations at 1180oC for 24, 72, and 90 h on 

the CCT diagrams of cast Inconel 718 alloys. They found the CCT curves shifted to the slower 

reaction side, i.e., the right-hand side of the CCT diagram, with increased homogenization 

durations (Figs. 1-8(b)~(f)), indicating that the homogenization can have a significant effect on the 

CCT diagrams for Inconel 718. The authors [62] also reported that during cooling after 90 h 

homogenization, new and small MC carbides formed before the δ phase, which was different from 

the cases of 24 and 72 h homogenizations. This was explained as the Nb segregation along grain 

boundaries was reduced after long-time homogenization, which increased the Nb supersaturation 

within the grains and promoted the formation of MC carbides, but limited δ. However, the 

formation temperature of the δ phase was determined to be quite high (Fig. 1-8(c)), which is up to 
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about 1130oC. This temperature is much higher than the reported solvus temperatures of δ from 

998.3 to 1027oC obtained from experiments and CALPHAD (calculation of phase diagrams) 

calculations [26,72–74]. In addition, the γ″, γ′, Laves_C14 phases were also found to form after 

continuous cooling, as can be seen in Figs. 1-8(d),(e)&(f). γ″ was determined to precipitate before 

γ′ during cooling. The critical cooling rates for γ″ were 1~10 K/s, depending on the 

homogenization time (Fig. 1-8(d)). Geng et al. [69] investigated the phase transformation 

behaviors of γ″ and δ during continuous cooling after homogenization at 1100oC for 1 h in hot-

extruded Inconel 718 alloys. The result deviated significantly from the one by Garcia et al. [62] 

since they determined the γ″ precipitated under very slow cooling rates of 0.1~20 K/min 

(0.0017~0.33 K/s), while δ formed at cooling rates lower than 5 K/min (0.083 K/s). Slama and 

Cizeron [70] reported that the δ, γ′, and γ″ phases can precipitate respectively after heat treatment 

at 990oC for 15 min, as reproduced in Fig. 1-8(d). The critical precipitation cooling rate of the δ 

phase was determined to be higher than 100 K/s, which is extremely high compared to the values 

from other work; while for the γ′ and γ″, critical cooling rates were 5 K/s, and 0.2 K/s, respectively.  

Niang et al. [71] provided a CCT curve for δ measured by differential thermal analysis (DTA) in 

forged Inconel 718 alloys, the critical cooling rate of δ was evaluated to be about 0.5 K/s (Fig. 1-

8(c)). The above discussion indicates that, though some CCT diagrams of Inconel 718 have been 

reported, the results from different work are inconsistent and depend on different fabrication 

conditions, such as homogenization conditions. However, the effect from homogenization 

conditions is not prevalently investigated as many works assume the alloys have been completely 

homogenized with a certain heat treatment. Moreover, the CCT diagrams of AM Inconel 718 still 

lack investigation, which can impede the development of post-heat treatment.  
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Figure 1-8. (a) Defined characteristics of CCT diagrams in this work: starting temperature, phase formation 

range, and critical cooling rate; (b) integration of the reported CCT diagram by Garcia et al. [62], Slama and 

Cizeron [70], and Niang et al. [71]. Individual phases plotted in (b) are shown in the separate plots from (c) to 

(e) to show each section more clearly; (c) separate plot of the CCT diagram related to the δ phase, carbides, 

and carbonitrides according to [62,71]; (d) separate plot of the CCT diagrams related to γ″ phase (in red 

curves) according to Garcia et al. [62] and related to the δ, γ′, or γ″ phases (in black curves) based on Slama 

and Cizeron [70]; (e) separate plot of the CCT diagram related to the γ′ phase according to Garcia et al. [62]; 

(f) separate plot of the CCT diagram related to the Laves phase according to Garcia et al. [62]. The different 

line types from Garcia et al. [62] represent the CCT curves determined after various homogenization times. 

 

In the isothermal aging processes, the mainly formed phases are γ″, γ′, and δ. Tucho and 

Hansen [75] studied the effects of homogenizations on the phase transformations in LPBF Inconel 

718 during aging processes at temperatures from 970oC to 1250oC. They concluded that the 
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elevated homogenization temperature or the increased holding time will lead to the coarsened γ″ 

precipitates and will further reduce the hardness of materials after aging. Slama et al. [76] 

systematically investigated the effect of aging temperature on the microstructure and hardness 

evolution in hot-rolled Inconel 718 after homogenization and aging processes. They found an 

aging temperature between 600oC and 650oC could cause an increase of the γ′ phase precipitation, 

and significant precipitation of γ″ occurred during aging between 650oC and 750oC, where a 

remarkable hardness increase was obtained accordingly. An aging temperature higher than 750oC 

promoted the precipitation of δ, whereas a reduction of hardness was observed. With the aging 

times being less than 5 h, the isochronal hardness peaks occurred when an aging temperature of 

750oC was applied. As a comparison, when the aging times were longer than 8 h, the peak of 

hardness happened in aging at 680oC for 50 h, which could produce a hardness value up to 500 

HV. The reported work indicated that the aging temperature and time could significantly affect the 

materials properties. Theska et al. [77] investigated the precipitation in the early stages of the direct 

aging process in forged Inconel 718. It was found the fine γ′, and γ″ precipitates nucleated 

homogeneously as spherical particles and remained coherent with the γ matrix during the growth 

process. The existence of dislocations could promote the pipe diffusion of Nb and accelerated the 

growth of γ″. The local changes of the (Al+Ti)/Nb ratio enabled the secondary precipitates to form 

heterogeneously on the phase boundaries between the γ and the primary particles. Nevertheless, 

there are few works focusing on the aging processes in the AM Inconel 718 alloys, and the effects 

of the aging temperature and time on the phase transformations are not well understood. Hence, a 

comprehensive study on the aging processes in AM Inconel 718 is required, and the difference 

between the AM and cast/wrought alloys should be clarified.  
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1.4 Research Motivation 

As introduced in Chapter 1.3, although some studies have indicated the necessity of 

adopting a high-temperature homogenization process to achieve homogeneous microstructure for 

LPBF Inconel 718, little dedicated research has been conducted to investigate the microstructure 

evolution in this material during homogenization treatment, leaving the impacts from 

homogenization on the subsequent heat treatment steps (i.e., the aging process and cooling 

process) unrevealed. Due to the unique microstructure in the as-built alloy, the phase 

transformations, particularly the dissolution of Laves_C14 phase and the formation of NbC 

carbides, the grain morphology evolution, and the residual stress change would be significantly 

different from those in the cast or wrought alloys, with the underlying physics to be disclosed. This 

knowledge gap with regards to the homogenization process in LPBF Inconel 718 poses obstacles 

for the optimization of post-processing. Hence, a systematic study is essential to gain a better 

insight into microstructure evolution during the homogenization heat treatment for LPBF Inconel 

718 alloys.   

The cooling process is vital for microstructure control and a thorough study on its influence 

should be conducted. The discussion in Chapter 1.3 indicates the reported CCT diagrams of 

Inconel 718 are inconsistent and are correlated with manufacturing conditions. The 

homogenization condition has been found to be a key factor affecting the CCT diagrams of cast 

Inconel 718, nevertheless, whether it also causes a similar change in LPBF alloys remains unclear. 

Moreover, it is intriguing to explore how CCT diagrams of LPBF Inconel 718 deviate from the 

cast alloys due to the different initial microstructures although given a certain homogenization 

condition. A related study on such effect is left blank, impeding the heat treatment design of LPBF 

alloys since the heat treatment design would be based on the reported diagrams of cast Inconel 
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718. Therefore, a thorough study related to the homogenization and manufacturing effects on phase 

transformations during continuous cooling processes for Inconel 718 is desirable.  

The isothermal aging process plays an important role in material strengthening and should 

thus be further optimized. Currently, most of the reported aging processes used for LPBF are based 

on the standard heat treatment developed for wrought or cast alloys. These studies did not consider 

the possible influence on microstructure change during aging from the different initial 

microstructure and the homogenization conditions that are suitable for LPBF alloys. Thus, the 

microstructure evolution in LPBF Inconel 718 during aging affected by homogenization conditions 

deserves specific investigation, based on which the aging parameters could be further optimized 

for improving mechanical properties. In addition, it is of interest to develop new high-throughput 

experiments to accelerating the post-heat treatment design of the LPBF Inconel 718. 
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2.0 Methodology 

2.1 Experiment 

Inconel 718 alloys processed by suction casting and LPBF were used for study in this 

dissertation. The suction-cast Inconel 718 alloys were produced from wrought materials with the 

composition listed in Table 2-1. Rods of 11 mm diameter and 40 mm length were suction-cast 

using an arc-melter (ABJ-338 arc-melter, Materials Research Furnaces Inc., USA) with a copper 

crucible under pure Ar protective atmosphere. Pure Zr was pre-melted before the suction casting 

to remove the remnant oxygen that may be present in the chamber. The powders used for the LPBF 

process were manufactured by Praxair Surface Technologies, Inc. with the nominal composition 

listed in Table 2-1. The d10, d50, and d90 particle sizes of the powder were 18.5, 20, and 44 μm, 

respectively. Inconel 718 alloys were printed using an EOS M 290 machine (EOS company, 

Germany) with the factory default parameters. The laser power was 285 W, the scan velocity was 

960 mm/s, and the hatching space was 0.11 mm. The length of the build was 100 mm, the width 

of the build was 10 mm, and the height of the build was 45 mm. The samples for microstructure 

characterization were cut at the middle height locations of the build. An additional investigation 

in this work revealed that the height of this build did not influence the as-built microstructure and 

microhardness. The hatch lines between adjacent layers had a rotation angle of 67o. The suction-

cast and LPBF alloys were cut into small bulk samples by wire cutting using EDM (electrical 

discharge machining) machine and were encapsulated into quartz tubes with a backfilled Ar 

protective atmosphere for heat treatment. Samples were hot-mounted and surface-finished through 
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metallographic grinding and polishing steps with the final one using a 0.04 μm water-based 

colloidal silica suspension.  

 

Table 2-1. Nominal compositions of alloying elements in suction-cast alloy and LPBF powders. 

wt.% Fe Cr Nb Mo Ti Al Mn Co Cu Si C 

Suction 

casting 
18.50 18.30 4.99 3.04 1.02 0.55 0.23 0.39 0.07 0.08 0.051 

LPBF  18.26 18.87 4.97 2.97 0.94 0.46 0.06 0.23 0.05 0.06 0.03 

 

The microstructure characterizations and mechanical testing conducted in this study are 

summarized as follows. 

Scanning Electron Microscopy (SEM) and Energy-Dispersive X-ray Spectroscopy (EDS):  

The SEM characterization was used to determine the microstructure of the material on the 

surface, and the EDS measurement was carried out for determining the chemical compositions of 

different phases. Two SEMs were used in this work: the ZEISS-Sigma 500 VP (Carl Zeiss AG) 

and the FEI Scios Dual-Beam system (FEI Company). The phase morphology determination was 

performed under the back-scattered electron mode of the SEMs, and the EDS detector (Oxford 

Instruments plc) was equipped on the ZEISS-Sigma 500 VP. The EDS results were analyzed with 

Aztec 3.2 software. The SEM and EDS characterizations adopted an accelerating voltage of 30 

kV. Phase fractions were estimated by analyzing the SEM images using the ImageJ software 

package. 

Electron Backscatter Diffraction (EBSD): 

The EBSD characterization was conducted on the FEI Scios Dual-Beam system to analyze 

the grain morphology, grain size, grain boundary, and level of residual stress. The accelerating 
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voltage of EBSD was 20 kV. The EBSD results were analyzed by the OIM Analysis™ v8 software 

package. 

Transmission Electron Microscopy:  

High-resolution microstructure characterization was performed on an H-9500 E-TEM 

(Hitachi, Ltd) with an accelerating voltage of 300 kV. The TEM samples were mechanically 

thinned to a thickness of 50 μm, and further polished using an automatic twin-jet electropolisher 

(Model 110, E.A. Fischione Instruments, Inc.) with a voltage of 15 V at -30oC. The 

electropolishing solution was a mixture of 10 vol.% perchloric acid and 90 vol.% methanol.  

X-Ray Diffraction (XRD): 

The XRD characterization was used to analyze the phases contained in the alloys. A Bruker 

D8 X-ray diffraction system (Bruker AXS Inc., Madison, WI, USA) with Cu Kα radiation was used 

in this work to determine the XRD patterns. The measurements were performed in the 2θ range of 

30-70o with 0.01o step size and with 0.5 s for each step. 

Quenching Dilatometry: 

The sample dilatations during continuous cooling processes were measured using a 

DIL805A quenching dilatometer (TA Company) to determine the phase transformation 

temperatures at different cooling rates. The dilatometry measurements were conducted under a 

pure Ar atmosphere to protect the samples from being oxidized. 

Microhardness Testing: 

The microhardness tests were performed on surface-polished samples using a Leco LM-

800 tester under 50 or 100 gf loads with a dwell time of 10 s. 
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Tensile Testing: 

The tensile tests were conducted on an MTS Sintech 20G tensile test machine with a strain 

rate of 8E-5 /s, the tensile bars were printed according to the ASTM E8/E8M-16a standard [78]. 

2.2 Modeling 

In this work, the CALPHAD modeling was performed using the Thermo-Calc software 

package (Thermo-Calc Software AB) to understand the phase equilibria and phase transformations 

in Inconel 718. The thermodynamic (TCNI8) and mobility (MOBNI4) databases released by the 

Thermo-Calc AB [79] were adopted in the CALPHAD modeling.  

For the thermodynamic calculation, the Thermo-Calc software can predict the phase 

equilibria by calculating the Gibbs free energy with the given compositions and temperatures. The 

Gibbs free energy functions of each phase are assessed using thermodynamic models and 

experimental data. The Gibbs free energy of liquid and solid solution phases are modeled using 

the solution model, whereas the modeling of Gibbs free energy of the intermetallic phases such as 

the Laves_C14 phase, δ, and γ″ phases in Inconel 718 uses the sublattice model [80–82]. For a 

binary system (e.g., A-B), the molar Gibbs free energy of a solid solution phase 𝜙 can be described 

as 

 𝐺𝑚
𝜙
=∑𝑥𝑖 𝐺𝑖

𝜙𝑜 + 𝑅𝑇∑𝑥𝑖𝑙𝑛𝑥𝑖
𝑖

+ 𝐺𝑒𝑥
𝜙

𝑖

 (2-1) 

 

The first term on the right side represents the reference state of the Gibbs free energy and 

the second term indicates the contribution of the configurational entropy to the Gibbs free energy, 
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where i is the number of components in 𝜙, 𝑥𝑖 is the mole fraction of component i, 𝐺𝑖
𝜙𝑜  is the 

Gibbs free energy of pure component i in 𝜙, R is the gas constant, and T is the temperature. The 

third term 𝐺𝑒𝑥
𝜙

 is the excess Gibbs free energy of mixing, which can be expressed by Redlich-

Kister polynomial [83] as 

 

 𝐺𝑒𝑥
𝜙
= 𝑥𝐴𝑥𝐵∑ 𝐿𝐴,𝐵

𝑣 (𝑥𝐴 − 𝑥𝐵)
𝑣

𝑣

      (2-2) 

 

where 𝑥𝐴  and 𝑥𝐵  are the mole fraction of components A and B, respectively; 𝐿𝐴,𝐵
𝑣  is the 

interaction coefficient, and 𝑣 is the power. It should be noted that if 𝑣 = 0, the model becomes a 

regular solution model, while when 𝑣 = 1 , it becomes a sub-regular solution model. The 

parameters are optimized by fitting the model with experimental thermodynamic data. 

As for an intermetallic phase 𝜙, the Gibbs free energy is described by considering the 

interactions between various sublattices. As the simplest case, i.e., a two-sublattice model of 

(𝐴, 𝐵)𝑚(𝐴, 𝐵)𝑛 gives [84] 

 

 

𝐺𝑚
𝜙
=∑∑𝑦𝑖

′𝑦𝑗
′′ 𝐺𝑖:𝑗

𝜙𝑜

𝑗𝑖

 

+𝑅𝑇(
𝑚

𝑚 + 𝑛
∑𝑦𝑖

′ 𝑙𝑛(𝑦𝑖
′)

𝑖

+
𝑛

𝑚 + 𝑛
∑𝑦𝑖

′′ 𝑙𝑛(𝑦𝑖
′′)

𝑖

) 

+𝑦𝐴
′𝑦𝐵

′ ∑𝑦𝑖
′′ 𝐿𝐴,𝐵:𝑗(𝑦𝐴

′ − 𝑦𝐵
′ )𝑣𝑣

𝑗

 

+𝑦𝐴
′′𝑦𝐵

′′∑𝑦𝑖
′ 𝐿𝑖:𝐴,𝐵(𝑦𝐴

′′ − 𝑦𝐵
′′)𝑣𝑣

𝑗

 

+𝑦𝐴
′𝑦𝐵

′ 𝑦𝐴
′′𝑦𝐵

′′𝐿𝐴,𝐵:𝐴,𝐵 

   (2-3) 
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Similar to the expression of the solution model, on the right side of Eq. 2-3, the first term 

in the expression of the sublattice model represents the reference state of Gibbs free energy, and 

the second term indicates the contribution of configurational entropy to the Gibbs free energy. The 

summation of the last three terms is the excess Gibbs free energy. 𝐺𝑖:𝑗
𝜙𝑜  is the Gibbs free energy 

of  the “end members”, which are the stoichiometric compounds that consist of the constituents of 

each sublattice [85]; m and n are the ratio of sites on each sublattice, 𝑦𝑖
′ and 𝑦𝑖

′′ represent the mole 

fraction of component 𝑖 in the first and second sublattices, respectively;  𝐿 are the coefficients of 

interaction between the sublattices. 

After establishing the thermodynamic description of the binary system, one can extend the 

excess Gibbs free energy model to a higher-order multi-component system, of which the 

descriptions of excess Gibbs free energy are extrapolated using the geometrical Muggianu method 

[86]. A more detailed discussion about the models of Gibbs free energy can be found in [87]. 

The one-dimension kinetic modeling was performed in the diffusion module (DICTRA) 

[88] implemented in Thermo-Calc using both TCNI8 thermodynamic and MOBNI4 kinetic 

databases. The DICTRA module was developed to simulate the diffusion-controlled phase 

transformations in a multicomponent system. In DICTRA, the flux of a component k along the Z 

direction in the volume-fixed frame of reference is described as 

 

 Jk = −∑𝐿𝑘𝑖
′
𝜕𝜇𝑖
𝜕𝑧

𝑛

𝑖=1

 (2-4) 

 

where 
𝜕𝜇𝑖

𝜕𝑧
 is the chemical potential of component i along the Z direction in the system. 𝐿𝑘𝑖

′  is a 

matrix of kinetic coefficients and is given by 
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 𝐿𝑘𝑖
′ = ∑(𝛿𝑗𝑘 − 𝑐𝑘𝑉𝑗)𝐿𝑗𝑖

𝑛

𝑗=1

   (2-5) 

 

where 𝛿𝑗𝑘 is the Kronecker delta with 𝛿𝑗𝑘 = 1 when 𝑗 = 𝑘, and 𝛿𝑗𝑘 = 0 otherwise. 𝑉𝑗 is the partial 

molar volume of element 𝑗, and 𝑐𝑘 is the concentration of k. 𝐿𝑗𝑖 is a function of the atomic mobility 

of component k. 

Since it is usually more convenient to use the concentration gradient in the expression of 

flux rather than the chemical potential, the chain rule of derivation is applied to Eq. 2-4 and then 

gives 

 

 Jk = −∑𝐿𝑘𝑖
′ ∑

𝜕𝜇𝑖
𝜕𝑐𝑗

𝑛

𝑗=1

𝜕𝑐𝑗

𝜕𝑧

𝑛

𝑖=1

 (2-6) 

 

if we rewrite Eq. 2-6 as 

 

 Jk = −∑𝐷𝑘𝑗
𝜕𝑐𝑗

𝜕𝑧

𝑛

𝑖=1

 (2-7) 

 

by comparing Eq. 2-6 and Eq. 2-7, one can get 

 

 Dkj =∑𝐿𝑘𝑖
′

𝑛

𝑖=1

𝜕𝜇𝑖
𝜕𝑐𝑗

 (2-8) 
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here 𝐷𝑘𝑗 is the matrix of chemical diffusivity of element 𝑘. Because 𝐿𝑘𝑖
′  is related to the atomic 

mobility of 𝑘 and 
𝜕𝜇𝑖

𝜕𝑐𝑗
 is a thermodynamic factor; the diffusivity in DICTRA is, therefore, consisted 

of one thermodynamic part and one kinetic part. In the MOBNI4 database, the atomic mobilities 

assessed by experimental data are stored to reduce the number of parameters in the database. 

Hence, when performing the kinetic simulation, the mobility and thermodynamic factors from both 

kinetic and thermodynamic databases will be invoked by DICTRA to generate the matrix of 

chemical diffusivity 𝐷𝑘𝑗 and the description of the flux 𝐽𝑘 can be readily obtained from Eq. 2-7. 

As a result, the concentration changes of component 𝑘 for the time and distance can be solved 

according to Fick’s second law 

 

 
𝜕𝑐𝑘
𝜕𝑡

=
𝜕

𝜕𝑧
(−𝐽𝑘) (2-9) 

 

A more detailed and comprehensive discussion about the diffusivity theory employed in 

DICTRA can be found in the work of Andersson and Ågren [89]. 

The phase precipitation simulation was performed on the TC-PRISMA [90] precipitation 

module. The TC-PRISMA module was developed based on the Langer-Schwartz (LS) model and 

is implemented in the Thermo-Calc software. It uses the Kampmann-Wagner numerical (KWN) 

model, which is a modification and extension of the LS model, to predict phase transformation 

attributes such as particle size, phase fraction, number density as a function of time during 

concomitant precipitation processes including nucleation, growth, and coarsening. The parameters 

needed for the TC-PRISMA simulation are invoked from the thermodynamic and kinetic database. 

Additionally, experimentally measured parameters, e.g., the interfacial energy between two 

phases, the morphology factors of precipitates, and the elastic parameters can also be input in the 
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precipitation simulation for non-spherical particles for improved prediction. Details of the 

theoretical models and software functions of TC-PRISMA are introduced in ref. [90]. 

2.3 Summary of Methodology 

Table 2-2. Summary of methodology in this dissertation. 

Alloy 

Preparation 
Process Variables Models Measurements 

Suction-cast 

LPBF 
Homogenization 

As-received 

 

Homogenization 

(1180oC-20 min 

1180oC-1 h 

1180oC-12 h) 

Thermo-Calc 

 

DICTRA 

XRD, SEM/EDS, 

EBSD, TEM 

Suction-cast 

LPBF 

Continuous 

Cooling 

Homogenization 

(1180oC-20 min or 12 h) 

 

Continuous Cooling 

(0.1, 1, 2, 5, 7, 10, 15 K/s) 

Classical 

nucleation & 

growth theory 

 

TC-PRISMA 

Dilatometry, 

SEM, Hardness 

LPBF Aging 

1180oC-1 h+718oC-10 h 

 

1065oC-2 h+718oC-10 h 

- 
SEM, EBSD, 

TEM, Tensile tests 

LPBF 
Heat treatment 

optimization 

1180oC-1 h+718oC-15 h+650oC-10 

h 
- 

SEM, EBSD, 

TEM, Hardness, 

Tensile tests 

LPBF 

High-

throughput 

experiment 

1180oC-1 h with multiple aging - 
SEM, EBSD, 

TEM, Hardness 

 

Table 2-2 is the summary demonstrating the methodology of this dissertation. The 

processes of homogenization, continuous cooling, and aging were investigated. The microstructure 

evolution during various homogenizations (1180oC for 20 min, 1 h, and 12 h) in both suction-cast 



 28 

and LPBF alloys was studied. The Thermodynamic modeling performed by Thermo-Calc and 

kinetic modeling performed by DICTRA were conducted to guide the experimental design of 

homogenization time under a certain temperature, whereas it was not intended to achieve an 

accurate prediction of the homogenization time. The experimental results of elemental segregation, 

phase fraction, and grain morphology obtained through SEM, EDS, and EBSD were used as inputs 

for the DICTRA simulation and were analyzed to understand the microstructure evolution of the 

alloys during homogenization. XRD was used to identify the phases in the as-received alloys. TEM 

characterization was conducted to analyze the Zener pinning effects and dislocation behaviors. 

The study on the homogenization process will be discussed in Chapter 3.0.  

The effects of the homogenized microstructure on the microstructure evolution during 

continuous cooling were further investigated, as demonstrated in Table 2-2. Two homogenizations 

(1180oC for 20 min or 12 h) were applied on both the suction-cast and LPBF alloys followed by 

multiple continuous cooling processes (with cooling rates of 0.1, 1, 2, 5, 7, 10, 15 K/s) to explore 

the effects of homogenization conditions and manufacturing methods on the microstructure 

evolution during continuous cooling. Dilatometer and SEM were used to determine the CCT 

diagrams for the alloys with different homogenization conditions. The precipitation kinetics during 

continuous cooling was further analyzed with the assistance of classical nucleation and growth 

theory as well as TC-PRISMA simulation. A specific study on the phase transformations during 

continuous cooling processes will be provided in Chapter 4.0. 

Additionally, the microstructure evolution of the LPBF alloy during the aging process was 

found to be impacted by homogenization and the influence was studied through microstructure 

characterization and mechanical testing. The homogenizations of 1180oC-1 h and 1065oC-2 h were 

performed on the alloys with the same subsequent single-step aging of 718oC-10 h to explore the 
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homogenization effect on the microstructure and property of aged alloys. The SEM, TEM, and 

EBSD characterizations served for the phase transformation and grain morphology analysis and 

the mechanical testing provided the understanding with regards to the process-structure-property 

relationships. An optimized heat treatment strategy (1180oC-1 h+718oC-15 h+650oC-10 h) was 

proposed according to the research on homogenization and the aging process, and the mechanical 

properties of the alloys were measured. Moreover, a high-throughput experiment was developed 

to accelerate the heat treatment optimization for LPBF alloys. Detailed discussions about the aging 

process will be shown in Chapters 5.0 and 6.0. 
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3.0 Study on Homogenization Process Assisted by DICTRA Simulation 

This chapter is modified from the following published journal papers: 

1. Y. Zhao, K. Li, M. Gargani, W. Xiong, A comparative analysis of Inconel 718 made 

by additive manufacturing and suction casting: microstructure evolution in 

homogenization, Additive Manufacturing 36 (2020) 101404 [1]. 

2. S. Sridar, Y. Zhao, W. Xiong, Phase transformations during homogenization of 

Inconel 718 alloy fabricated by suction casting and laser powder bed fusion: a 

CALPHAD case study evaluating different homogenization models, J. Phase 

Equilib. Diffus. 42 (2021) 28–41 [91]. 

 

As discussed in Chapter 1, the Laves_C14 phase with a high Nb segregation degree formed 

during the LPBF process can increase the cracking initiation probability and consume the critical 

element of Nb for forming strengthening phases, i.e., γ″ and γ′. Hence, an effective homogenization 

process is critical to dissolve the Laves_C14 phase and release the beneficial elements into the γ 

matrix.   

The common practices for developing the optimum parameters of homogenization for 

either newly developed or existing alloys processed using new fabrication techniques is often trial 

and error method, or employing a past practice followed for alloys of similar composition 

processed using existed manufacturing methods. However, both methods lack efficiency. 

Computational techniques are found to be beneficial in reducing the number of attempts required 

for optimizing the parameters for homogenization heat treatment. Jablonski and Cowen [68] have 

reported that DICTRA simulation can be used for homogenization design by predicting the 
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segregation degree as a function of time. In their work, the segregation across the dendrite arm 

during the solidification of Nimonic 105 alloy was obtained computationally using the non-

equilibrium Scheil simulations. The composition profiles of the segregated species were used as 

inputs for the DICTRA simulations. With the results obtained from the DICTRA simulations, a 

two-step homogenization heat treatment was designed and applied to homogenize the Nimonic 

105 successfully [68].  

Few computational studies have been conducted, however, on Inconel 718 alloys to 

investigate the dissolution kinetics of the Laves_C14 phase, especially for the alloys fabricated by 

LPBF. Moreover, although some authors [54,92–96] have indicated through experiments that a 

high-temperature homogenization is required to improve mechanical properties of AM Inconel 

718 alloys, a systematic experimental investigation on the microstructure evolution during the 

high-temperature homogenization is still lacking, which impedes the further improvement of the 

homogenization heat treatment.  

In this chapter, three different models to estimate the dissolution kinetics of the Laves_C14 

phase into the γ matrix in Inconel 718 alloys produced by LPBF are discussed and compared with 

experimental observations. The main goal of the kinetic simulation is to guide the experimental 

design and to evaluate the applicability of the modeling using DICTRA. Microstructure evolution 

at high-temperature homogenization, including phase transformations, and the evolution of grain 

morphology, residual stress, and dislocation behaviors were studied experimentally by materials 

characterization. It is noteworthy that alloys under the LPBF process experience multiple cyclic 

heating and cooling cycles with different heating/cooling rates depending on the laser scanning 

pattern, while regular casting typically has one single melting and cooling for sample preparation. 

Suction casting can be regarded as an extreme case of the casting methods, as it can produce 
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solidification rates at the order of 102~104 K/s [97,98], which are much faster than those of the 

traditional casting methods (0.1~0.01 K/s) [99]. It can also refine the microstructure and extend 

the solid solubility [100]. Nevertheless, the LPBF-processed alloys have a much faster 

solidification rate at a magnitude of 106 K/s [101] than the suction-cast alloys. Consequently, it is 

interesting to compare the microstructure evolution between the extreme casting case, i.e., the 

suction casting and the LPBF method, and it is conducive to achieve a better understanding of the 

uniqueness of microstructure evolution in the LPBF samples. Hence, suction-cast alloys are used 

as a reference for comparison in this work. 

3.1 Homogenization Kinetics for Inconel 718 Alloys 

3.1.1 Microstructure Characterization of As-fabricated Inconel 718 Alloys 

Microstructure characterization of as-cast and as-built Inconel 718 alloys was firstly 

performed to understand their initial microstructures and was adopted as the basis of the kinetic 

simulations.  The X-ray diffractograms for the as-cast and as-built Inconel 718 samples are shown 

in Fig. 3-1. The as-cast sample consists of Laves_C14 and NbC phases in the γ matrix. On the 

other hand, the as-built sample comprises the Laves_C14 phase along with the γ matrix whereas 

NbC is not observable. Figure 3-2 shows a comparison of the microstructure between the as-cast 

and as-built samples. The as-cast sample shows the presence of blocky NbC phase and irregular 

Laves_C14 phase dispersed in the γ matrix (Fig. 3-2(a)). These secondary phases were found to 

form as co-existing precipitates, predominantly along the grain boundaries. In the as-built Inconel 

718 sample, Laves_C14 phase was observed as shown in Fig. 3-2(b). It was found to form along 
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the boundaries of columnar and cellular subgrains due to the segregation of Nb. NbC cannot be 

observed in the as-built alloys. Although a slight carbon loss was found in a high carbon steel [102] 

processed by selective laser melting, it was not reported in the study on Inconel 718. In addition, 

as will be discussed in Chapter 3.2.1, the NbC can precipitate during the long-time 

homogenization, and its phase fraction is close to the equilibrium phase fraction predicted by 

thermodynamic modeling using the carbon composition from commercial Inconel 718 alloy. 

Therefore, it is reasonable to conclude that the carbon loss is not the reason causing the missing 

NbC, whereas it is the fast solidification rate during the LPBF process that suppressed its 

precipitation in the as-built alloys. Besides, little amount of oxides can be found in neither the 

suction-cast nor the LPBF alloys. Moreover, the grains formed during the solidification were found 

to be equiaxed with a diameter in the range of 10-20 μm for the as-cast sample, whereas, large 

columnar grains consisting of fine columnar subgrains of ~1 μm width and cellular subgrains of 

~2 μm diameter were observed in the as-built sample. The phase evolution in both as-cast and as-

built samples observed under SEM correlates well with the phases determined using XRD.  
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Figure 3-1. X-ray diffractograms for as-cast and as-built Inconel 718 alloys. 

 

 

Figure 3-2. SEM-BSE micrographs of (a) as-cast and (b) as-built Inconel 718 alloys. 
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Figure 3-3. Composition profiles (mole fraction) obtained using EDS in as-cast Inconel 718 alloy for (a) all 

alloying elements and (b) Nb; as well as the as-built Inconel 718 alloy for (c) all alloying elements and (d) Nb. 

 

The composition profiles obtained by performing EDS line scan across a region in the γ 

matrix with the Laves_C14 phase in as-cast and as-built Inconel 718 samples are shown in Fig. 3-

3. For each alloy, several line scans were performed from different locations within the samples 

and the scans with the highest Nb segregation of each alloy are shown in Fig. 3-3 as 

representatives. It is evident that the Laves_C14 is enriched with Nb, accompanied by the 
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maximum segregation of Nb in that location. The composition profile of Nb crossing phase 

boundaries in as-cast and as-built states are shown in Figs. 3-3(b)&(d), respectively. It was found 

that the composition of Nb in the Laves_C14 of the as-cast sample is more than two times higher 

than that of the as-built sample. On the contrary, the Nb concentration in the γ matrix of the as-

built sample is slightly higher in comparison with the as-cast Inconel 718 alloy. Moreover, the 

width of the segregation region is found to be nearly 7 μm and 2 μm for the as-cast and as-built 

Inconel 718 alloys, respectively. This can be attributed to the fast solidification during the LPBF 

process leading to high velocity of the solid-liquid interface resulting in the solute trapping effect 

[59]. This ensures better homogeneity of the γ matrix in the as-built Inconel 718 alloys in 

comparison with the as-cast sample. These composition profiles serve as useful inputs for the 

kinetic simulations using DICTRA to predict the homogenization time. 

3.1.2 Kinetic Simulations Using DICTRA  

Table 3-1. Compositions (in at.%) of the cast and LPBF Inconel 718 alloys measured using EDS. 

Processing 

route 

Composition (at.%) 

Al Ti Cr Fe Ni Nb Mo 

Cast 0.55 1.02 18.3 18.5 Bal. 4.99 3.04 

LPBF 0.46 0.94 18.87 18.26 Bal. 4.97 2.97 

 

The compositions of Inconel 718 alloys to be used in the simulations for two manufacturing 

processes were determined using EDS and are listed in Table 3-1. The alloy processed by LPBF 

was labeled as “AM”. The compositions were obtained from a large-area scan to ensure accuracy. 

The thermodynamic calculations were carried out using the Thermo-Calc software with the TCNI8 

database developed for Ni-base alloys. In addition, the non-equilibrium Scheil-Gulliver [103,104] 



 37 

model as implemented in the Scheil module of Thermo-Calc software was used to predict the 

solidification paths as well as the segregation profiles required as inputs for Model 2 as will be 

described in Section 3.1.2.2. The assumptions in the Scheil-Gulliver model are infinitely fast 

diffusion in the liquid phase and negligible diffusion in solid that forms from the liquid phase 

during solidification. As carbon is an interstitial atom, its back-diffusion was considered in this 

calculation [105].   

 

 

Figure 3-4. (a) Equilibrium phase fraction as a function of temperature and (b) Scheil solidification diagram 

for the composition of cast Inconel 718 measured using EDS. 

 

The equilibrium phase fraction as a function of temperature and the Scheil solidification 

diagram for the cast Inconel 718 alloys using the composition determined by EDS are shown in 

Fig. 3-4. It is worth noting that the carbon content cannot be measured accurately from EDS, thus 

the content of 0.169 at.% carbon (equivalent to 0.035 wt.% of the commercial Inconel 718 alloys) 

was assumed in the calculation to include the phase transformations involving carbon. Since the 
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cast Inconel 718 are given in Fig. 3-4. It should be noted that considering the model simplification 

with infinite diffusion in liquid and no diffusion in solid phases, the predicted incipient point of 

1160oC by Scheil-Gulliver modeling is slightly lower than the experimental value of 1165oC, 

which was reported for the as-cast samples [106]. Such a difference is acceptable by considering 

the approximation applied in the Scheil simulation. In order to achieve the homogeneity more 

effectively, a temperature lower than the solidus shown in Fig. 3-4(a) but higher than the incipient 

melting point, i.e., 1180oC, shown in Fig. 3-4(b) is chosen. It is anticipated that this will ensure 

complete dissolution of detrimental phases such as δ and Laves_C14. Moreover, though the 

equilibrium phase fraction plot and Scheil solidification path predict the formation of δ and σ 

phases in Inconel 718, neither of them were found to form in the as-cast and as-built alloys, as 

discussed in Chapter 3.1.1. 

In order to predict the homogenization time, i.e., the dissolution time of the Laves_C14 

phase, for the suction-cast and LPBF Inconel 718 superalloys to guide the experimental design, 

kinetic simulations were performed. DICTRA module of the Thermo-Calc software was used for 

this purpose. The thermodynamic and mobility databases used for these calculations were TCNI8 

and MOBNI4, respectively. DICTRA module can simulate the kinetics of diffusion-controlled 

phase transformations. Many studies have confirmed that the dissolution of the Laves_C14 phase 

in Ni-based superalloys is a diffusion-controlled process [24,25,107,108], though another work 

also indicated the importance of interfacial reaction when the Nb segregation becomes lower 

during the dissolution process [109]. In the present work, rather than pursuing an accurate 

prediction about the dissolution time of Laves_C14 phase, the main purpose of the simulation is 

to provide a guidance for the experimental design and to evaluate the applicability of different 

DICTRA models for describing the homogenization process. Therefore, it is rational to assume 



 39 

the dissolution process of the Laves_C14 phase in Inconel 718 is diffusion-controlled and the 

dissolution process can be reasonably described by the DICTRA simulation. Three different 

models have been tested in this study to predict the homogenization time required to dissolve the 

Laves_C14 phase into the γ matrix and attain homogeneity in suction-cast and LPBF Inconel 718 

samples at 1180oC, as shown in Fig. 3-5. Two types of DICTRA calculations were performed as 

shown in Fig. 3-5(a). In the first type, the single-phase γ matrix was used with variation in 

composition obtained either from experiments (Model 1), the lever rule calculations (Model 1), or 

non-equilibrium Scheil simulations (Model 2). In the other type of simulation, a two-phase setup 

(γ+Laves_C14) with a moving boundary (Model 3) was considered. A detailed description of each 

model can be found in Sections 3.1.2.1-3.1.2.3. 
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Figure 3-5. Schematic illustration of the simulation setup used for estimating the homogenization time in the 

suction-cast and LPBF Inconel 718 alloys (a) Single-phase simulations using the composition of Laves _C14 

phase from experiments or the lever rule and composition of γ from experiments (Model 1) as well as 

segregation profiles obtained from Scheil simulations (Model 2) and (b) moving boundary simulations with 

the composition of γ from experiments and composition of Laves_C14 phase from the lever rule (Model 3). 
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3.1.2.1 Model 1:  Single-Phase Simulations with Laves Phase Composition from the EDS or 

Lever Rule 

Since the mobility data for the Laves_C14 phase is not available in the current commercial 

mobility database for Ni-based superalloys, the dissolution of the Laves_C14 phase was modeled 

as a homogenization process within the single-phase γ matrix. Therefore, the simulation cell was 

assigned with the γ matrix only, rather than a two-phase (γ+Laves_C14) setup. The maximum 

inhomogeneity in composition was found in the region of the matrix with the Laves_C14 phase 

present, and hence, it was considered for predicting the homogenization time in the as-cast and as-

built Inconel 718 samples. EDS line scans performed in the region of the Laves_C14 phase with 

the highest Nb segregation in the as-cast and as-built samples were used as inputs for these 

calculations. Since the phase fraction of Laves_C14 is low in both as-cast (13.1%) and as-built 

(6.5%) alloys, the EDS line scan can capture the elemental microsegregation tendency across the 

Laves_C14 particles. The simulations were performed for 105 seconds with 113 grid points for the 

LPBF alloy and 100 grid points for the cast alloy based on the EDS line scan results. Additional 

inputs such as the width of the simulation cell, the position of grid points within the cell, and the 

composition at each grid point were adopted from the EDS line scan. 

The liquid phase was excluded in the simulation because the formation of liquid is limited 

by its instability at 1180°C, and the incipient melting could be surpassed by the fast dissolution of 

the Laves_C14 phase with lower Nb segregation into the γ matrix [96]. More importantly, no 

evidence of liquation was observed experimentally in the homogenized microstructures, which 

will be discussed later in detail (Section 3.1.3). This confirms that excluding the liquid phase in 

the simulation is a reasonable assumption. Since the formation of the Laves_C14 phase is 

promoted by the segregation of Nb along the grain boundaries, its content determined in the 
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Laves_C14 phase region was treated the same as Nb concentration segregated in the γ matrix in 

the simulation. Such a simplification is a compromise to the missing mobility data of Laves_C14 

and can make the results deviate from the actual microstructure observed experimentally. 

However, it still provides a valuable insight to guide the design of the homogenization process. 

Therefore, the concentration profiles determined by EDS crossing the Laves_C14 phase in the γ 

matrix (Figs. 3-3(a)&(c)) were considered as the inputs for the DICTRA simulations for cast and 

LPBF alloys. The variation in the composition of Nb as a function of time at the locations with 

maximum Nb segregation in the cast and LPBF alloys is shown in Fig. 3-6. According to the 

DICTRA simulations performed using this approach, the estimated time for the as-built sample to 

reach a complete homogenization is 200 s, while 2500 s is required for the as-cast Inconel 718 

alloy. 
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Figure 3-6. Variation of the composition of Nb at the location with the highest Nb segregation as a function of 

time predicted by DICTRA simulations using Model 1 with Laves_C14 phase composition from EDS line 

scans for cast and LPBF Inconel 718 alloys. The homogenization times for the LPBF and cast alloys are 200 s 

and 2500 s, respectively. 
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obtained from EDS line scans is expected to be underestimated. In order to circumvent this 

limitation, the composition of the Laves_C14 phase was estimated using the lever rule and was 

used as input for the DICTRA simulations. For the lever rule calculation of the Laves_C14 phase 

composition, the fraction of Laves_C14 phase and γ matrix obtained from image analysis of the 

SEM micrographs, the composition of the alloy measured using EDS, and the average composition 

of γ matrix obtained by EDS from different locations were used as inputs.  

 

Table 3-2. Comparison between compositions (in at.%) of the Laves_C14 phase measured using EDS and 

calculated with the lever rule in the cast and LPBF Inconel 718 alloys. 

Processing 

route 
Method 

Composition (at.%) 

Al Ti Cr Fe Ni Nb Mo 

Cast 

The lever 

rule 
0.61 3.78 16.92 11.69 49.35 14.57 3.08 

EDS 0.93 2.43 16.77 14.19 45.75 16.7 3.23 

LPBF 

The lever 

rule 
1.58 1.99 20.44 15.60 48.41 9.52 2.46 

EDS 0.99 1.40 20.51 18.02 49.80 6.96 2.32 

 

The fractions of Laves_C14 phase were calculated to be 13.13% and 6.52% in the as-cast 

and as-built Inconel 718 samples, respectively, using image analysis of the SEM micrographs. It 

is worth noting that though, Laves_C14 and NbC phases were observed in the as-cast alloy (Fig. 

3-2(a)), while calculating the phase fractions of Laves_C14 phase using image analysis, the total 

fraction of the secondary phases (Laves_C14+NbC) are considered since it is hard to differentiate 

between these phases based on their contrast in the SEM micrographs. Table 3-2 shows the 

composition of the Laves_C14 phase in suction-cast and LPBF alloys calculated using the lever 

rule and the composition obtained using EDS line scan at the location where the highest 
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segregation of Nb and the widest particle width were observed. The calculated and measured 

compositions were close. The width of the Laves_C14 phase were obtained from the SEM images. 

The composition profile calculated from lever rule for Laves_C14 phase and the composition of γ 

matrix measured from EDS in the cast and LPBF Inconel 718 alloys were used as inputs for 

DICTRA simulations, as shown in Figs. 3-7(a)&(b), respectively. The composition variation of 

Nb calculated by DICTRA as a function of time at the locations with the highest Nb segregation 

in the cast and LPBF alloys is shown in Fig. 3-8. According to the DICTRA simulation results, the 

homogenization times for the as-built sample is 700 s, while 1500 s is required for the as-cast 

sample. Therefore, the homogenization times predicted using the Laves_C14 phase compositions 

calculated from the lever rule are comparable with that from the simulations with EDS line-

scanned compositions as inputs. 

 

 

Figure 3-7. Composition profiles (mole fraction) used as inputs for DICTRA simulations using Model 1 where 

the composition of Laves_C14 phase is determined using the lever rule and the composition of the γ matrix is 

obtained from EDS for (a) cast and (b) LPBF Inconel 718. 
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Figure 3-8. Variation in composition of Nb at the location with the highest Nb segregation as a function of 

time predicted by DICTRA simulations using Model 1 with Laves_C14 phase composition from the lever rule 

for cast and LPBF Inconel 718 alloys. The homogenization times for the LPBF and cast alloys are 700 s and 

1500 s, respectively. 
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simulations. The simulations were performed for 105 seconds with 178 grid points for the LPBF 

alloy and 174 grid points for the cast alloy based on the Scheil simulation results.   

Scheil simulations were performed with the compositions measured by EDS, as listed in 

Table 3-1. The segregation profiles obtained from these calculations were subsequently used as 

inputs for the single-phase simulations performed using DICTRA in this model. The predicted 

segregation profile was scaled to the diffusion distance [1]. Because the diffusion was considered 

to occur in the γ matrix, the diffusion distance was calculated as the product of the γ matrix fraction 

obtained from the Scheil simulation and the half-width of the grains measured using EBSD (for 

the cast alloy with equiaxial grains, it was the average grain radius; and for the LPBF alloy, it was 

the average value of the half-width of three typical columnar grains). The diffusion distance was 

determined to be 15.3 μm and 28.5 μm for cast and LPBF samples, respectively. The scaled 

compositions for different alloying elements as a function of diffusion distance for the cast and 

LPBF alloys are shown in Figs. 3-9(a)&9(b), respectively. It can be found that Nb is the alloying 

element that undergoes maximum segregation in both the cast and LPBF alloys. The variation in 

the composition of Nb as a function of time obtained from the DICTRA calculations using this 

approach is shown in Fig. 3-10. The predicted homogenization time is found to be 2500 s and 

15000 s for cast and LPBF alloys, respectively. The time predicted for the cast alloy is fairly 

comparable with the periods predicted using Model 1. However, the homogenization time is much 

longer for the LPBF alloy. 
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Figure 3-9. Segregation profiles (mole fraction) obtained using Scheil calculations and scaled to diffusion 

distance for  (a) cast and (b) LPBF Inconel 718 alloys that are used as inputs for the DICTRA simulations 

using Model 2. 

 

 

Figure 3-10. Variation in the composition of Nb at the location with the highest Nb segregation as a function 

of time predicted by DICTRA simulations using Model 2 for cast and LPBF Inconel 718 alloys. The 

homogenization times for the LPBF and cast alloys are 15000 s and 2500 s, respectively. 
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3.1.2.3 Model 3:  Moving Boundary Simulations with Laves Phase Composition from the 

Lever Rule 

In this model, a cell containing two regions with a planar interface (in order to avoid 

interfacial energy effects) with one region assigned to the γ matrix and the other one assigned to 

the Laves_C14 phase was used for the DICTRA simulations, as shown in Fig. 3-5(c). Due to the 

lack of mobility data, the Laves_C14 region was considered to be a phase without diffusion in the 

simulation, i.e., a “diffusion-none” phase. The simulations were performed for 50000 seconds with 

an automatic grid. The composition of the Laves_C14 region was calculated using the lever rule 

and the composition of the γ matrix was averaged from the EDS measurements performed at 

different sites of the matrix. The width of the Laves_C14 region in the simulation cell was 

considered as the half-width of the observed Laves_C14 particle from SEM with the largest width. 

The width of the γ matrix region was calculated from the width of the Laves_C14 region and the 

phase fractions of γ and Laves_C14 phases in the as-cast and as-built samples. The position of the 

interface between the Laves_C14 and γ matrix region as a function of time obtained from DICTRA 

simulations which indicates the dissolution process in cast and LPBF samples are shown in Figs. 

3-11(a)&(b), respectively. The predicted homogenization time for the cast and LPBF Inconel 718 

alloys are 1250 and 136 s, respectively, which clearly indicates that the values obtained using this 

model are underestimated in comparison with the estimated values from Models 1 and 2. 
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Figure 3-11. Variation of interface position as a function of time indicating the dissolution of Laves_C14 

phase predicted by DICTRA simulations using Model 3 for (a) cast alloy with a homogenization time of 1250 

s and (b) LPBF alloy with a homogenization time of 136 s. 
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Figure 3-12. Variation of interface positions as a function of time indicating the dissolution of Laves_C14 

phase predicted by DICTRA simulations using 3-cell moving boundary model for (a) cast alloy with a 

homogenization time of 847 s and (b) LPBF alloy with a homogenization time of 87 s. Cell#1, Cell#2, and 

Cell#3 indicate the simulation cells with the Laves_C14 region width of w-δ, w, and w+δ, respectively. 
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After homogenizing the cast alloys for 20 min and 1 h, the Laves_C14 phase still can be 

observed indicating that it has not completely been dissolved into the matrix within these times. 

Along with the Laves_C14 phase, the presence of the NbC was also found, as shown in Figs. 3-

13(a)&(b). After homogenization for 12 h (Fig. 3-13(c)), the Laves_C14 phase dissolves 

completely, and only NbC is present as the secondary phase in the γ matrix. Hence, it can be 

ascertained that the homogenization time is between 1 and 12 h for the cast Inconel 718 alloys. 

In the LPBF alloys, homogenization at 1180oC for 20 min was found to dissolve the 

Laves_C14 phase completely, indicating a holding time of 20 min at 1180oC would be sufficient 

to homogenize the microstructure. NbC carbides precipitate during the homogenization process 

and their particle sizes are coarsened with extended durations. A more detailed discussion on the 

phase transformation behaviors will be given in Chapter 3.2.1.  
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Figure 3-13. BSE-SEM micrographs for cast alloys homogenized for (a) 20 mins, (b) 1 h, and (c) 12 h; and for 

LPBF alloys homogenized for (d) 20 mins, (e) 1 h, and (f) 12 h. 
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processed using suction casting and LPBF are drastically different. The estimated time using 

Model 1 with Laves_C14 phase composition from EDS for the LPBF Inconel 718 alloys fairly 

correlates with the homogenization time determined using experiments. On the other hand, the 

estimated homogenization time from the simulations using the Laves_C14 phase calculated from 

the lever rule in Model 1 is closer to the experimentally determined time for the LPBF alloys. This 

can be due to the usage of Laves_C14 phase composition calculated using the lever rule which is 

much closer to the real composition compared to the composition determined using EDS line scan. 

Hence, the calculation of composition of the secondary phases using the lever rule proves to be 

helpful for cases where its composition cannot be determined accurately using experiments.  

For the suction-cast samples, there is a large difference between the experimental 

homogenization time and the value predicted by DICTRA simulations using Model 1. This is 

attributed to the single-phase assumption due to the absence of reliable mobility data for the 

Laves_C14 phase in Ni-based superalloys, especially for the Laves_C14 particles with higher Nb 

segregation degrees in the cast alloys. Although in the simulation of LPBF alloys the mobility data 

of Laves_C14 is also lacking, and the mobility data of the fcc γ phase is used to simulate the 

Laves_C14 phase in DICTRA simulations, more reliable results are obtained because the 

segregation widths in the LPBF alloys are much smaller compared with that in the cast alloys. Due 

to the presence of larger segregation width in cast alloys, approximating the mobility of the 

Laves_C14 phase region by adopting mobility data for the fcc γ phase cannot provide reliable 

prediction of homogenization time.  

In Model 2, the estimated time for the cast alloy is comparable with the prediction from 

Model 1, however, it is still not comparable with the experimentally obtained values. This is 

attributed to the single-phase assumption because of the absence of the mobility values of the 
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Laves_C14 phase similar to Model 1. The predicted homogenization time for the LPBF alloy is 

longer when compared to the values predicted using Model 1 as well as the experimental 

observation. This is mainly because the diffusion distance was overestimated for the LPBF sample. 

Moreover, the segregation estimated using Scheil simulation is for a simplified solidification 

process, which does not account for varying solidification velocities, thermal gradients, or 

subsequent heating and cooling cycles in the solid state that can affect the segregation of the 

alloying elements. Hence, the Scheil simulations cannot provide reliable segregation profiles for 

LPBF alloys. This proves that Model 2 is not suitable for estimating the homogenization time for 

LPBF alloys. The predicted homogenization times from Model 3 for either single or three-cell 

modeling are underestimated for both the cast and LPBF Inconel 718 alloys because the mobility 

data for Laves_C14 is not included in the moving boundary simulations. Consequently, the moving 

boundary simulations are not useful with the absence of reliable mobility data for the Laves_C14 

phase, though the simulation setup in this model closely replicated the actual microstructure 

change. The calculated homogenization times (847 s for cast alloy and 87 s for LPBF alloy) using 

the three-cell model deviate slightly more from the experimental results compared with those 

calculated by the single-cell model (1250 s for cast alloy and 136 s for LPBF alloy), indicating that 

the multi-cell modeling cannot improve the prediction accuracy in this case. This is because the 

largest particle width is not considered in the multi-cell modeling and the total homogenization 

time is thus underestimated. 

The time taken for completing the DICTRA simulations for implementing different models 

considered in this study i.e., the run-time was found to deviate significantly for each model. Shorter 

run-time implies that the model implementation is easier. Hence, along with the accuracy of the 

predicted value, the run-time should be considered while choosing the model in order to accelerate 
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the prediction efficiency. It is to be noted that the computational time required for implementing 

each model depends on the computational power. In this work, for a given computational power 

(PowerEdge R630 Server including two Intel Xeon E5-2690 processors with 2.9 GHz processor 

base frequency), it was found that Model 1 took less than 2 mins to complete the simulation, 

whereas the single-cell modeling of Model 3 took more than 1 h, and the three-cell modeling took 

more than 10 h. DICTRA simulations using Model 2 were also completed in a few minutes. 

However, a longer time was required for determining the segregation profiles using Scheil 

simulations and for scaling of diffusion distance. This makes the implementation of this model 

harder when compared to Model 1. Therefore, it can be inferred that based on accuracy as well as 

the convenience in implementation, Model 1 is the most suitable one for predicting the 

homogenization time with the currently available commercial mobility database. 

In a nutshell, these results indicate that there is a necessity for determining mobility values 

for the atomic diffusion in the Laves_C14 phase of Inconel 718 superalloys with high-fidelity to 

achieve better prediction capability for the kinetic simulations. For instance, the moving boundary 

simulations, that mimic the real-time microstructure of the as-cast and as-built Inconel 718 alloy 

can perform well only when the mobility data for the Laves_C14 phase is available. However, 

single-phase simulations using DICTRA are capable of estimating the homogenization time more 

closely to the experimentally determined value for LPBF alloys. Moreover, if the composition of 

the Laves_C14 phase can be determined accurately, the homogenization time predicted will be 

closer to the actual value. As a result, the capability of the kinetic simulations using DICTRA is 

restricted only to LPBF alloys currently. Further determination of the mobilities of different 

alloying elements in the Laves_C14 phase is expected to extend its applicability to alloys 

fabricated using different processing routes. It will also enable the simulation setup to mimic the 
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actual microstructure such as the two-phase setup used for moving boundary simulations. 

Additionally, taking the interfacial-reaction effect into consideration for the kinetic modeling is 

expected to further improve the prediction accuracy of the homogenization time. 

3.2 Microstructure Evolution during Homogenization at 1180oC 

3.2.1 Phase Transformations during Homogenization 

Table 3-3. Sample notations and homogenization conditions of the present work. 

Sample notations Manufacturing methods Homogenization conditions 

AC Suction casting - 

AC20m Suction casting 1180oC for 20 min with water quench 

AC1h Suction casting 1180oC for 1 h with water quench 

AC12h Suction casting 1180oC for 12 h with water quench 

AB LPBF - 

AM20m LPBF 1180oC for 20 min with water quench 

AM1h LPBF 1180oC for 1 h with water quench 

AM12h LPBF 1180oC for 12 h with water quench 

 

Based on the analysis in Chapter 3.1, a more comprehensive study was performed to 

elucidate the microstructure evolution in both suction-cast and LPBF Inconel 718 alloys during 

homogenization. Table 3-3 summarizes the notations of samples with different manufacturing 

methods and homogenization conditions. Phase transformation behaviors during homogenization 

at 1180oC in both suction-cast and LPBF alloys can be analyzed through the SEM-BSE images 

from Fig. 3-14.  As shown in Fig. 3-14, for the suction-cast alloys, 20 min and 1 h homogenization 
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at 1180oC could dissolve most of the Laves_C14 phase in the as-cast microstructure and could 

remain the NbC carbides formed during solidification. However, some remaining Laves_C14 

particles can still be observed near the NbC carbides, as shown in Figs. 3-14(b)&(c). After 12 h 

homogenization (Fig. 3-14(d)), the Laves_C14 phase dissolved completely, and only NbC carbides 

can be observed as precipitates. For the LPBF alloys, no NbC carbide can be observed in the as-

built alloy, which is due to its precipitation is suppressed by the fast solidification rate. 20 min 

homogenization (Fig. 3-14(f)) caused the Laves_C14 phase formed in the as-built condition to 

dissolve into the γ matrix completely. Meanwhile, only a very small amount of NbC carbides can 

be found to form along grain boundaries in sample AM20m. Microstructure evolution shown in 

Figs. 3-14(f)~(h) demonstrates that the homogenizations at 1180oC for a long time can promote 

more NbC carbide formation. A notable increase of the particle size of NbC carbides can be 

identified in sample AM12h (Fig. 3-14(h)) after 12 h homogenization by comparing with samples 

AM20m (20 min, Fig. 3-14(f)) and AM1h (1 h, Fig. 3-14(g)). The formation of coarse carbides in 

the grain boundaries will lead to the depletion of elements required for forming the strengthening 

precipitates during subsequent aging treatment. This leads to the formation of a precipitate-free 

zone around the coarse carbides along the grain boundaries and these zones were found to have 

lesser strength [111].  
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Figure 3-14. SEM-BSE micrographs of Inconel 718 suction-cast alloys with (a) as-cast state, AC; and with 

homogeneous states at 1180oC for (b) 20 min, AC20m; (c) 1 h, AC1h; (d) 12 h, AC12h. SEM-BSE 

micrographs of LPBF Inconel 718 alloys with (e) as-built state, AB; and with homogeneous states at 1180oC 

for (f) 20 min, AM20m; (g) 1 h, AM1h; (h) 12 h, AM12h. The representative NbC carbides and Laves_C14 

phase in each sub-figure are shown in the magnified SEM images on the right-hand side thereof.   

 

Table 3-4. Variation of the total phase fraction of both NbC and Laves_C14 phases during homogenization at 

1180oC. 

Homogenization time 0 20 min 1 h 12 h 

Suction casting 13.13% ± 1.3% 0.73% ± 0.07% 0.65% ± 0.07% 0.47% ± 0.05% 

LPBF 6.52% ± 0.7% ~0 0.05% ± 0.005% 0.36% ± 0.04% 

 

Table 3-4 summarizes the fractions of Nb-rich phases in suction-cast and LPBF alloys. 

Since both Nb-rich phases, NbC carbide and Laves_C14 phase, form together, it is challenging to 
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differentiate them for statistical analysis. Instead, the total fraction of the Nb-rich phases was 

estimated according to the SEM-BSE images to quantify the difference between suction-cast and 

LPBF alloys. The total phase fraction of the Nb-rich phases decreases during the homogenization 

process in suction-cast alloys, while it increases for the LPBF alloys. After 12 h homogenization, 

the Nb-rich phase fraction of suction-cast alloys becomes close to the phase fraction of the LPBF 

alloys and approaches a range of 0.36~0.47%, which is consistent with the CALPHAD model-

prediction on the amount of equilibrium NbC showed in Fig. 3-4(a).  This is because an extended 

homogenization time will cause the two alloys to approach equilibrium states. However, since 

there are plenty of NbC carbides in the as-cast alloy, whereas the higher solidification rate results 

in essentially the absence of NbC carbides in the as-built alloy, the fraction of Nb-rich phases in 

the suction-cast alloy is decreasing, but in LPBF alloys it is increasing.  

From the analysis of the phase transformations above, it can be speculated how the Nb 

homogeneity change in both alloys during homogenization. In the as-cast sample, the Laves_C14 

phase usually locates near NbC carbides. Due to the dissolution of the Laves_C14 phase, as can 

be observed in samples AC20m (Fig. 3-14(b)) and AC1h (Fig. 3-14(c)), the Nb will be released, 

and dissolve into the γ matrix, hence the Nb homogeneity around NbC particles should increase. 

However, for the LPBF samples, owing to the increase of NbC carbides from almost 0% in sample 

AM20m to 0.36% in sample AM12h (Table 3-4), it can be inferred that the formation of NbC is 

due to the accumulation of Nb near the NbC nuclei. Such a process will decrease the Nb 

homogeneity. Consequently, the homogeneity of the Nb content in the Inconel 718 alloy, which 

only contains 5 wt.% Nb (i.e., 3.4 at.% Nb), can be significantly influenced by the homogenization 

process. It should be noted that the initial homogeneity of Nb in Inconel 718 can affect its 

distribution in the homogenized samples and can further influence the precipitation of Nb-rich 
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phases (such as γ″ and δ phases) in the subsequent isothermal/athermal processes. Therefore, it is 

essential to further evaluate the evolution of Nb homogeneity during homogenization processes 

for the heat treatment optimization of Inconel 718.  

In order to further quantify the Nb homogeneity, the Nb concentration distribution of the γ 

matrix in the vicinity of NbC carbides was determined by EDS point identification. For each 

sample, three NbC carbides were studied, and an average value was taken to represent the Nb 

homogeneity of the sample. There were three steps in the EDS point identification, which was 

illustrated in Fig. 3-15(a): (i) a 10 μm × 10 μm square matrix was identified with the position of a 

typical NbC particle at the center; (ii) the EDS point identification was performed for Nb 

concentrations on 24 nodes which were evenly distributed within the square, the step size between 

each node was 2.5 μm. (iii) the average Nb concentration for each node was calculated for contour 

diagram plots shown in Fig. 3-15(b). According to this, it was observed that the general trend of 

the evolution of Nb homogeneity for suction-cast alloys decreases with homogenization time, 

whereas for LPBF alloys the trend is the opposite. 
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Figure 3-15. (a) Illustration of EDS point identification for Nb homogeneity determination (taking 

sample AC12h, homogenized suction-cast alloy at 1180oC for 12 h as an example); (b) Nb 

concentration contour diagrams (10×10 μm) in γ matrix around NbC carbides for presenting Nb 

homogeneity. The NbC carbides are profiled by dashed black squiggles. 
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3.2.2 Grain Size Evolution: Recrystallization and Precipitates-pinning Effects 

Figures 3-16~3-18 present the grain size evolution and the recrystallization behaviors in 

both suction-cast and LPBF alloys, which were observed under EBSD. It should be pointed out 

that because of the large grain size observed in samples AC1h and AC12h, two extra EBSD scans 

with mapping areas of 2500 μm × 2500 μm were conducted in addition to the 1200 μm × 1200 μm 

mapping areas used for all samples. The grain characteristics such as average grain size and grain 

size distribution of samples AC1h and AC12h were calculated from 2500 μm × 2500 μm maps. 

As depicted in Fig. 3-16, for the suction-cast alloys, the average grain size increases significantly 

with increased homogenization duration. However, the grain size evolution is opposite in the LPBF 

samples. Surprisingly, the grain size in the sample AM12h after 12 h isothermal treatment at 

1180oC is even smaller than AM20m, which is heat-treated for 20 min.  

 

 

Figure 3-16. The average grain size of suction-cast and LPBF alloys before and after homogenization at 

1180oC. 
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In the left column of Fig. 3-17, i.e., Figs. 3-17(a)~(e), the microstructure evolution of 

suction-cast alloys during isothermal heat treatment at 1180oC is presented based on the analysis 

of the inverse pole figure (IPF) orientation maps. The IPF orientation maps with 2500 μm × 2500 

μm mapping areas for samples AC1h and AC12h are shown in the subfigures of Figs. 3-17(d)&(e), 

respectively. Figure 3-17(a) shows the evolution of grain size distribution for suction-cast alloys 

with the as-cast state (AC in Fig. 3-16(b)) and homogeneous states at 1180oC for 20 min (AC20m 

in Fig. 3-17(c)), 1 h (AC1h in Fig. 3-17(d)), and 12 h (AC12h in Fig. 3-17(e)). The area-weighted 

distribution was used in this work because the long-time homogenization leads to coarsened grains 

and reduced grain numbers in cast alloy; therefore, it can reflect the relationship between grain 

characteristics and materials properties in a more suitable way. The unimodal grain size 

distribution of sample AC20m shown in Fig. 3-17(a) indicates a uniform grain growth during the 

homogenization of the as-cast samples at 1180oC for 20 min with the microstructure evolution 

from Figs. 3-17(b) to (c). After 1 h homogenization, a bimodal grain size distribution shown in 

Fig. 3-17(a) indicates a discontinuous grain growth. The left peak of the grain size distribution 

curve of AC1h implies the initial grains, and the right peak represents the grown grains from 

AC20m. This can be observed through a comparison between Figs. 3-17(c)&(d). As illustrated in 

Fig. 3-17(e), significantly coarsened grains can be found in sample AC12h with some small grains 

remained at the triple junctions of these coarsened grains. Correspondingly, a trimodal grain size 

distribution can also be observed in sample AC12h (Fig. 3-16(a)), of which two peaks appearing 

with smaller grain diameters of 150 μm and 400 μm. The distinct large and small grains observed 

in sample AC12h (Fig. 3-17(e)) indicate an abnormal grain growth during homogenization.  
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Figure 3-17. Grain size distribution of (a) suction-cast alloys; and inverse pole figure (IPF) orientation maps 

from EBSD of suction-cast Inconel 718 alloys with (b) as-cast state, AC; and with homogeneous states at 

1180oC for (c) 20 min, AC20m; (d) 1 h, AC1h; (e) 12 h, AC12h. Grain size distribution of (f) LPBF alloys; and 

IPF orientation maps of LPBF Inconel 718 alloys with (g) as-built state, AB; and with homogeneous states at 

1180oC for (h) 20 min, AM20m; (i) 1 h, AM1h; (j) 12 h, AM12h. (k) TEM micrograph of sample AM12h. 
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According to Hillert [112], the abnormal grain growth can be initiated by a continuous 

decrease of a factor z=3f/4r, which represents the dispersion level of secondary phase particles 

[113]. The f and r represent the phase fraction and particle size of the secondary phase, 

respectively. The decrease of phase fraction and/or increase of particle size of the secondary phase 

will lead to a decrease of the dispersion level z and thus reduce the pinning effects of the particles. 

When there are much larger grains existing in such circumstances, abnormal grain growth can 

occur. Accordingly, in our case, the occurrence of abnormal grain growth found in suction-cast 

alloys during homogenization should be attributed to the continuous dissolution of the Laves_C14 

phase.  

Using the method introduced by Kusama et al. [114], the abnormal grain growth rate was 

estimated and compared with experimental data. The details of the calculation are given in 

Appendix A. The calculation shows the experimental abnormal grain growth rate in sample AC12h 

is 4.7×10-9 m/s, which is much slower than the theoretical prediction of 2.067×10-5 m/s, indicating 

the uniformly distributed particles of NbC carbides and Laves_C14 phase can drag the grain 

boundaries, and thus retard their movement.  

In the middle column of Fig. 3-17, i.e., Figs. 3-17(f)~(j), the microstructure evolution of 

LPBF alloys during isothermal heat treatment at 1180oC is presented based on the analysis of the 

IPF orientation maps. Figure 3-17(f) shows the evolution of grain size distribution for LPBF alloys 

with the as-built state (AB in Fig. 3-17(g)) and homogenized state at 1180oC for 20 min (AM20m 

in Fig. 3-17(h)), 1 h (AM1h in Fig. 3-17(i)), and 12 h (AM12h in Fig. 3-17(j)).  In Fig. 3-17(f), the 

small peak at a grain diameter of 50 μm in the grain size distribution curve of AM20m indicates 

the initiation of recrystallization in sample AM20m. After 1 h homogenization, three distinct peaks 

can be observed in the grain size distribution curve for sample AM1h (Fig. 3-17(f)). The average 
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grain size of sample AM1h (Fig. 3-17) also becomes a smaller value of 128 μm. One possible 

reason for the further refinement of grain size in sample AM12h compared with AM1h is the small 

recrystallized grains in sample AM1h grow during homogenization and consume other larger 

recrystallized grains, of which the grain boundaries are further pinned by NbC formed during 

recrystallization. After 12 h homogenization, the average grain size value in sample AM12h 

decreases further down to 113 μm (Fig. 3-17). The grain size distribution of AM12h is close to 

unimodal (Fig. 3-17(f)). The grain size is not significantly increased after 12 h homogenization at 

1180°C from sample AM1h to sample AM12h, especially when compared to that in the cast alloys. 

This is due to the Zener pinning effects introduced by the NbC particles [112]. 

The Zener pinning effect [16,18,112,115] of the fine carbide particles, NbC, at the grain 

boundaries was confirmed by the TEM characterization on sample AM12h, as shown in Fig. 3-

17(k). It was found that dispersed NbC particles distributed along and near grain boundaries, 

indicating that the fine NbC carbides precipitating along with recrystallization at or near grain 

boundaries can impede grain boundary movement effectively and hence refine the grain size. 

Contrarily, no pinning effect was found in suction-cast alloys mainly due to the large NbC particle 

size in the early stage of homogenization and their even distribution inside of the matrix of the 

grains.  
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Figure 3-18. GOS distribution of (a) suction-cast alloys; and grain orientation spread (GOS) maps from 

EBSD of suction-cast Inconel 718 alloys with (b) as-cast state, AC; and with homogeneous states at 1180oC for 

(c) 20 min, AC20m; (d) 1 h, AC1h; (e) 12 h, AC12h. GOS distribution of (f) LPBF alloys; and GOS maps of 

LPBF Inconel 718 alloys with (g) as-built state, AB; and with homogeneous states at 1180°C for (h) 20 min, 

AM20m; (i) 1 h, AM1h; (j) 12 h, AM12h. 
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Grain orientation spread (GOS) generated from EBSD analysis is useful for quantifying 

microstructure attributes during recrystallization [116,117,126,118–125]. The average GOS [126] 

of one grain i is defined as 

 

 GOS(𝑖) =
1

𝐽(𝑖)
∑𝜔𝑖𝑗

𝑗

 (3-1) 

 

of which J(i) represents the pixel numbers of the grain i, ωij is the misorientation angle between 

the orientation of pixel j and the mean orientation of grain i.  

The GOS value represents the degree of distortion inside a grain. A larger distortion within 

one grain leads to a higher GOS value. The GOS value for recrystallized grains should be low 

since less stored energy saved in these grains [119]. As reviewed by Hadadzadeh et al. [119], the 

threshold of the GOS can be selected between 1~5o for identifying recrystallized grains. 

Nevertheless, the GOS values are relatively low in the present study, since the samples are free 

from external deformation. Therefore, it is hard to determine the recrystallized grains by solely 

defining a threshold of the GOS. Alternatively, the recrystallization behaviors can be studied 

through a combined analysis of both grain morphology and GOS. The GOS distribution and 

mapping diagrams of the homogenized samples are presented in Fig. 3-18. The GOS maps with 

2500 μm × 2500 μm mapping areas for samples AC1h and AC12h are shown in the subfigures of 

Figs. 3-18(d)&(e), respectively. The area-weighted GOS distribution was used following the same 

reasons proposed in grain size distribution analysis. 

A further investigation on the GOS of suction-cast alloys (Figs. 3-18(a)-(e)) shows that it 

experiences an increase from sample AC to sample AC20m, and then decreases slightly in sample 

AC1h. The increase of GOS in sample AC20m can be attributed to the strains introduced by grain 



 70 

growth and dissolution processes of the Laves_C14 phase, of which the phase fraction reduces 

from 13.13% in the as-cast state to 0.73% in the 20 min homogenized state (Table 3-4). With 1 h 

homogenization, both GOS and phase fraction of Laves_C14 get reduced. After 12 h 

homogenization, the GOS in sample AC12h increases, which is due to the increased grain size 

[126] caused by abnormal grain growth.  

The GOS evolution observed in LPBF alloys experiences a decrease from sample AM20m 

to AM1h, while it slightly increases in sample AM12h, as shown in Figs. 3-18(f)~(j). Sample 

AM20m has relatively high GOS values because of the distortion accumulation due to residual 

stress introduced during the LPBF process [127]. Sample AM1h shows the lowest and uniform 

GOS distribution (Figs. 3-18(f)&(i)), indicating almost all grains are continuously recrystallized 

and the residual stress has been removed. The GOS in sample AM12h (Figs. 3-18(f)&(j)) increases 

slightly compared with sample AM1h, whereas it is still at a low level. The reason for such a 

change is attributed to the deformation induced by Nb accumulation to form more NbC carbides 

with significantly increased particle size, as shown in Table 3-4 and Fig. 3-14(h). 

3.2.3 Dislocation Behaviors in Homogenized Inconel 718 

For the homogenized LPBF alloys, a large number of dislocations were found in the 

vicinity of NbC carbides and grain boundaries. The interactions of dislocation-carbide and 

dislocation-grain boundary can influence the precipitation and grain boundary hardening 

remarkably. Figure 3-19 shows multiple dislocation behaviors observed in sample AM12h by 

TEM. A considerable amount of parallel dislocation arrays/loops are present in the vicinity of 

larger NbC carbides around 200~300 nm in diameter. However, the dislocation arrays/loops 

surrounding small NbC carbides are rarely found. This is because small NbC carbides have 
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coherency with γ matrix, as demonstrated by the selected area electron diffraction shown in the 

inset of Fig. 3-19(b). The small NbC carbides have similar diffraction patterns to the matrix, with 

the preferred orientation relationship of (02̅2)𝑁𝑏𝐶 [2̅33]𝑁𝑏𝐶 /⁄ (11̅1)𝛾[1̅12]𝛾. The comparison of 

the number of dislocations between carbides with various sizes indicates the generation of 

dislocations around large NbC carbides results from the loss of coherency of NbC/γ phase 

boundaries during the growth of carbides particles, as illustrated in Figs. 3-19(a)&(c), which is 

consistent with other reported experiments [128–130]. Furthermore, the relief of residual stress 

during the homogenization process can generate local strains inside of the matrix, while once the 

local strain field encounters impediment from NbC carbides, dislocations can be emitted to reduce 

the energy [131]. These two factors contribute to the generation of dislocations and make large 

NbC carbides be the dislocation sources. Direct evidence of NbC carbides being dislocation 

sources is noted in Fig. 3-19(a) by the yellow arrow, of which dislocation loops are emitted from 

NbC carbides with a larger size, about 200 nm in diameter. 
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Figure 3-19. TEM micrographs of sample AM12h (homogenized on LPBF alloy at 1180oC for 12 h): (a) grain 

boundary NbC carbides and dislocation-precipitate interaction; (b) selected area electron diffraction pattern 

of NbC carbides; (c) planar dislocation arrays; (d) interaction between dislocations and grain boundaries. 
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behaviors can be changed depending on various conditions for the range of stacking fault energy 

in Inconel 718. 

The interactions between dislocations and precipitates in sample AM12h were found to 

follow both Orowan bowing and dislocation cutting mechanisms. As indicated by the red arrows 

in Fig. 3-19(a), dislocations cut through small particles and bow around large particles while 

moving to grain boundaries. The dislocation arrays are impeded by grain boundaries then pile up 

(Figs. 3-19(a)&(d)). According to Kondo et al. [134], the interactions between dislocations and 

grain boundaries are related to the rotation of the Burgers vector when the dislocation is to cross 

the grain boundaries, leaving a residual dislocation. The formation of the residual dislocation 

requires additional energy, making the process energetically unfavorable. Consequently, 

dislocations are prone to pile up at grain boundaries. Further dislocation pileup leads to new 

dislocation generation in the adjacent grain, as marked by the red arrows in Fig. 3-19(d), the 

activation of new dislocations can release local strains and lower the possibility of propagation of 

cracks. 
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4.0 Phase Transformations During Continuous Cooling 

This chapter is modified from the submitted journal paper: Y. Zhao, L. Hao, Q. Zhang, W. 

Xiong, Phase transformations during continuous cooling in Inconel 718 alloys manufactured by 

laser powder bed fusion and suction casting, submitted to Science and Technology of Advanced 

Materials. 

 

The study in Chapter 3 has shown that the homogenization process can significantly 

influence the microstructure in both LPBF and suction-cast Inconel 718 alloys, hence, revealing 

how the manufacturing methods and homogenization conditions affect the phase transformations 

during continuous cooling is important. Therefore, this chapter aims at a comprehensive evaluation 

of the phase transformations during continuous cooling processes of Inconel 718 alloys processed 

by LPBF. The suction-cast alloys were chosen as a reference for comparison for the reasons 

mentioned in Chapter 3. Both alloys fabricated by LPBF or suction casting were subject to different 

homogenization conditions and continuously cooled at various cooling rates. Microstructure 

analysis and quenching dilatometry were conducted on samples to determine CCT diagrams and 

to investigate the phase transformation behaviors. Microhardness of alloys after cooling were 

studied to help understand the microstructure-property correlations under different cooling 

conditions.  
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4.1 Experiments and Theoretical Analysis   

4.1.1 Experiments 

The LPBF and suction-cast alloys were fabricated as described in Chapter 2.1. Both alloys 

were sectioned by EDM wire cutting into cuboids with a dimension of 4×4×10 mm for dilatometry 

measurements. The length (10 mm) of the cuboids of LPBF alloys was along their build directions.  

 

Table 4-1. Sample notations and heat treatment conditions in the present work. 

LPBF samples  Suction-cast samples 

Sample 

notation* 
Homogenization 

Cooling 

rate, K/s 
 

Sample 

notation 
Homogenization 

Cooling 

rate, K/s 

AM20m-01 

1180oC for 20 min 

0.1  AC20m-01 

1180oC for 20 min 

0.1 

AM20m-1 1  AC20m-1 1 

AM20m-2 2  AC20m-2 2 

AM20m-5 5  AC20m-5 5 

AM20m-7 7  AC20m-7 7 

AM20m-10 10  AC20m-10 10 

AM20m-15 15  AC20m-15 15 

AM12h-01 

1180oC for 12 h 

0.1  AC12h-01 

1180oC for 12 h 

0.1 

AM12h-1 1  AC12h-1 1 

AM12h-2 2  AC12h-2 2 

AM12h-5 5  AC12h-5 5 

AM12h-7 7  AC12h-7 7 

AM12h-10 10  AC12h-10 10 

AM12h-15 15  AC12h-15 15 

* AM20m is used to note a set of alloys with the same homogenization (1180°C for 20 min) but different cooling 

rates, and thus include seven alloys: AM20m-01, AM20m-1, AM20m-2, AM20m-5, AM20m-7, AM20m-10, and 

AM20m-15. The same way of notation applies to other alloys.  

 

The cuboid samples were subject to dilatometry with an S-type thermocouple. For each 

alloy, two groups of samples were further divided with respect to different homogenization 
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conditions, i.e., 1180oC for 20 min and 12 h, respectively. Samples of each group were then put 

into a DIL805A quenching dilatometer for the homogenization and subsequent cooling processes 

to room temperature. The cooling rates were 0.1, 1, 2, 5, 7, 10, and 15 K/s. The sample notations 

and heat treatment conditions in the present work are summarized in Table 4-1. It should be pointed 

out that, the samples to be homogenized for 12 h were firstly encapsulated into quartz tubes with 

backfilled Argon and were then homogenized into the furnace at 1180oC for 11 h. These 11 h 

homogenized samples were then quenched into ice water and were put into the dilatometer for the 

remaining 1 h homogenization at 1180oC. This can improve the efficiency of the heat treatment 

and avoid a long-time experiment in the dilatometer. The continuous cooling processes with 

different rates were conducted on these samples subsequently.  

By checking the similarity of the obtained dilatation curves, typical as-cooled samples were 

selected from each group for microstructure characterization. These samples were polished using 

metallographic methods for SEM and EDS characterization. The samples were also etched using 

a solution of 50 mL C3H6O3+30 mL HNO3+2 mL HF to reveal the existence of Nb-rich γ″ and γ′ 

phases [135].  

The CCT diagrams were determined through the combined microstructure and dilatometry 

analysis. The microstructure was characterized to investigate the phase transformations that occur 

during cooling, and the signals obtained from dilatation curves can be interpreted accordingly. The 

analysis of sample AM12h-5 was taken as an example, as shown in Fig. 4-1. The SEM micrograph 

(Fig. 4-1(a)) on the longitudinal plane parallel to the build direction of sample AM12h-5 shows 

block-shaped NbC carbides and needle-shaped δ precipitates form along the grain boundaries of γ 

matrix. Neither γ″ nor γ′ phase was observed in the etched sample AM12h-5, as their precipitation 

was suppressed by the fast cooling.  
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Figure 4-1. Microstructure characterization and dilatometry analysis of sample AM12h-5. (a) SEM 

micrograph on the longitudinal plane of AM12h-5. (b) Dilatation curve of sample AM12h-5 and its first 

derivative curves for determining the inflection points of phase transformations for (c) NbC ending; (d) δ 

starting; and (e) δ ending. 

 

The starting and ending temperatures of phase transformations during continuous cooling 

were determined by the dilatometry analysis. As indicated by Fig. 4-1(b), the dilatation is plotted 

as a function of temperature. The slope changes in the dilatation curve represent the occurrence of 

phase transformations. Because of the small fraction (less than 1% in total) of the precipitates 

formed during cooling processes, the slope change of dilatation in this work is small, which can 

reduce the accuracy of the measurement of phase transformation temperature. Hence, the phase 

transformation temperatures were evaluated to correlate the inflection points which represents the 

slope change of the dilatation curve. The inflection points locate in where the first derivative of 
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the dilatation curve reaches the maximal/minimal values, which can be determined by solving the 

zero points of the second derivative of the dilatation curve [136]. From Figs. 4-1(c)~(e), it can be 

seen from the 1st derivative curves of the dilatation curve of sample AM12h-5 that there are two 

inflection points for each curve segment indicating the NbC precipitation ending point, the δ 

precipitation starting point, and the δ precipitation ending point, respectively. It should be noted 

that, from Fig. 3-4(a), as the NbC is stable at 1180oC with γ matrix, the formation of NbC carbides 

should have started during homogenization processes at 1180oC. The starting temperature of NbC 

carbides during the cooling process is not available, and only the ending temperature can be 

determined. Therefore, it can be deduced that for the starting of precipitation during the cooling 

process, the inflection point at higher temperature should indicate the phase transformation point 

since the dilatation slope should keep constant before the phase transformation happens; on the 

contrary, for the ending point of precipitation, the transformation point should be indicated by the 

inflection point at the lower temperature, because the dilatation slope should be a constant after 

the ending of the precipitation.  

In sample AM12h-5 (Fig. 4-1(b)), the ending temperature of NbC precipitation was 

determined to be 957oC at which the second slope change occurs. Similarly, the first change of the 

slope at 877oC was determined as the starting temperature of δ precipitation. The ending 

temperature of δ precipitation was determined as 764oC. The phase transformation temperatures 

for the rest samples experiencing continuous cooling were determined using the same methods.  
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4.1.2 Theoretical Analysis 

4.1.2.1 TC-PRISMA Simulation Setup 

 

Table 4-2. Parameters of the δ phase precipitation simulation for analyzing the effects of Nb homogeneity. 

Conditions Composition, wt.% Nucleation sites, /m3 

High Nb homogeneity 

(e.g., AM20m) 

Ni-18.26Fe-18.87Cr-2.97Mo 

-4.99Nb 
3E22 

Low Nb homogeneity 

(e.g., AM12h) 

Ni-18.26Fe-18.87Cr-2.97Mo 

-6.00Nb 
3E21 

 

As will be discussed later in Chapter 4.2, the δ phase was found to be the main precipitate 

during continuous cooling and its precipitation was impacted by Nb homogeneity in the matrix. In 

order to understand the underlying physics of the δ phase formation observed in experiments of 

this work, precipitation simulation was performed to qualitatively validate the effects of Nb 

homogeneity in the matrix near NbC carbides on the CCT diagrams. The simulation was conducted 

on the TC-PRISMA module implemented in the Thermo-Calc software using the TCNI8 and 

MOBNI4 databases. The simulation parameters are summarized in Table 4-2, where a lower Nb 

content of 4.99 wt.% and a higher nucleation site number of 3E22 m-3 were used to simulate the 

condition of high Nb homogeneity similar to sample AM20m; whereas a higher Nb content of 6.00 

wt.% and a lower nucleation site number of 3E21 m-3 were used to simulate the condition of low 

Nb homogeneity similar to the case of alloy AM12h. A model system Ni-Fe-Cr-Nb-Mo instead of 

the actual Inconel 718 alloy was considered to improve the simulation efficiency. This would still 

gain enough insights into the multiphysical influence, particularly Nb homogeneity, on the CCT 
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diagram of Inconel 718 under different homogenization conditions. A detailed discussion about 

the simulation results will be given in Chapter 4.3.3. 

4.1.2.2 Key Equations in Classical Nucleation and Growth Theory 

The classical nucleation theory was applied in this work to gain insights into the 

mechanisms of phase transformations during cooling processes. The determination of the 

nucleation rate 𝑁𝑟 in this work was based on the classical nucleation theory [137,138]. Assume 

the nucleation process is steady, 𝑁𝑟 is expressed as 

 

 𝑁𝑟 = 𝑍𝛽∗𝑁0exp (−
Δ𝐺∗

𝑘𝐵𝑇
) (4-1) 

 

where 𝑍 is the Zeldovich factor, which gives the probability of a nucleus to form a new phase, 𝛽∗ 

is the attachment rate of atoms to the critical nucleus, 𝑁0 is the number of potential nucleation sites 

of the δ phase, Δ𝐺∗is the nucleation barrier, 𝑘𝐵 is the Boltzmann constant, 𝑇 is temperature. From 

the expressions of the Z and 𝛽∗ [139], at a certain temperature and given a certain phase in an 

alloy, the two factors can be considered as constants. Hence, according to Eq. 4-1, both increased 

𝑁0 and decreased Δ𝐺∗can enhance the nucleation rate Nr.  

In addition to the nucleation rate, 𝑁𝑟 , the growth rate can also affect the precipitation 

kinetics. The growth rate of the δ particle 𝐽𝑟 is expressed by [140] 

 

 𝐽𝑟 =
𝛥𝑋0

𝑁𝑏

2(𝑋𝛿
𝑁𝑏 − 𝑋𝑒

𝑁𝑏)
(
𝐷

𝑡
)

1
2
 (4-2) 

 



 81 

of which 𝛥𝑋0
𝑁𝑏 = 𝑋0

𝑁𝑏 − 𝑋𝑒
𝑁𝑏  is the supersaturation of Nb in the matrix, 𝑋0

𝑁𝑏  is the Nb 

concentration in the matrix, 𝑋𝑒
𝑁𝑏 is the Nb equilibrium concentration in the matrix adjacent to the 

δ particles. 𝑋𝛿
𝑁𝑏 is the Nb concentration in equilibrium δ phase, D, and 𝑡 are the interdiffusion 

diffusivity of Nb and diffusion time, respectively. Since the δ phase is an intermetallic with the 

formula of Ni3Nb, and local equilibrium in the interface is assumed [140], the concentration of Nb 

in the δ phase and the γ matrix can be considered as constant. Therefore, the diffusivity of Nb, D, 

is independent of composition and can be regarded as a constant under a certain temperature.  

According to Eq. 4-2, it is deduced that when the supersaturation 𝛥𝑋0
𝑁𝑏 increases, the growth rate 

𝐽𝑟 is increased. 

During phase transformation analysis in this work, we applied the above equations to 

comprehend how the Nb homogeneity in the matrix around NbC carbides influence the nucleation 

site 𝑁0 , nucleation barrier Δ𝐺∗ , the supersaturation 𝛥𝑋0
𝑁𝑏  to determine their effects on 

precipitation kinetics. 
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4.2 CCT Diagrams of LPBF and Suction-Cast Alloys 

 

Figure 4-2. Effects of homogenization on the CCT diagrams of (a) LPBF alloys homogenized for 20 min and 

12 h; and (b) suction-cast alloys homogenized for 20 min and 12 h. The solvus temperature of the δ phase is 

predicted using the Thermo-Calc software TCNI8 database. Cooling rates in the unit of K/s (from 0.1 to 15) 

are indicated in cooling curves superimposed to the CCT diagram plot. 

 

Figure 4-2 summarizes the experimental CCT diagrams of Inconel 718 processed by LPBF 

and suction casting after homogenization at 1180oC with different durations.  NbC and δ phases 

are the two major precipitates observed in samples after cooling. Since the signal of the γ″/γ′ 

formation was undetectable in the dilatation curves, the CCT curves of γ″/γ′ are not given in Fig. 

4-2. This is distinctly different from the work by Garcia et al. [62], in which multiple phases (i.e., 

the Laves phase, the M(C, N) phase, the δ phase, and the γ″/γ′ phases) were found to precipitate in 

sequence during cooling as shown in Fig. 1-8.  One of the reasons for such a difference can be the 

large casting ingot (with a diameter of 530 mm) used in Garcia’s work, of which the segregation 

of Nb was much higher than that in the present work due to the slow cooling rate. The higher Nb 
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segregation degree caused faster precipitation kinetics for the phases such as the γ″/γ′. The 

formation of the Laves phase during the cooling process in [62] remains a question because it 

usually forms during the solidification process [1,25] and no evidence of their formation during 

the solid-solid phase transformations has been reported to the best of the author’s knowledge.  

In this work, the solvus temperatures of the δ phase in the suction-cast alloys were 

calculated to be 1034oC by the TCNI8 database, and it was used to represent the δ solvus 

temperature for both LPBF and suction-cast alloys as they have identical compositions.  This is 

considered as the limitation during the CCT diagram construction for the case, of which the slowest 

cooling rate approaches to equilibrium (Figs. 4-2(a)&(b)).  

According to Fig. 4-2, the phase transformation ending curves of NbC show a small 

difference in all CCT diagrams. These curves tend to lower temperature with a slower cooling rate 

because the longer heating durations from a slow cooling rate can promote the precipitation of 

NbC more sufficiently. However, a remarkable difference between CCT curves of the δ phase in 

the alloys under different homogenization durations can be observed (Fig. 4-2). It should be 

pointed out that although the δ phase was observed in sample AM20m-15, no phase transformation 

signals can be detected by dilatometer, which is because of the little phase fraction formed. 

Therefore, the CCT curve of alloy AM20m is extrapolated to the cooling rate of 15 K/s (Fig. 4(a)). 

Moreover, the manufacturing methods are also found to influence the CCT diagrams of the δ phase, 

as shown in Fig. 4-3. These findings indicate that the homogenization and manufacturing 

conditions can have significant effects on the phase transformation of the δ phase during 

continuous cooling. Such effects will be discussed in detail in the following sections. 
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Figure 4-3. Effects of manufacturing methods on the CCT diagrams of (a) LPBF & suction-cast alloys 

homogenized for 20 min; and (b) LPBF and suction-cast alloys homogenized for 12 h. The solvus temperature 

of the δ phase is predicted using the Thermo-Calc software TCNI8 database. Cooling rates in the unit of K/s 

(from 0.1 to 15) are indicated in cooling curves superimposed to the CCT diagram plot. 

4.3 Effects of Homogenization on the δ Phase Transformation upon Cooling 

4.3.1 Nb Homogenization in Alloys 

According to Fig. 4-2, Table 4-3 summarizes the influence of homogenization on the phase 

transformation starting temperature, phase formation range, and critical cooling rate (as defined in 

Fig. 1-8(a), Chapter 1.3) of the CCT curves of the δ phase. Long (12 h) and short (20 min) 

homogenization has opposite effects on the characteristics of CCT curves.  
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Table 4-3. Comparison of the effects of homogenization durations on the CCT characteristics of the δ phase. 

Experimental Information  Phase Formation and Growth Analysis  CCT Diagram Characteristics 

Sample* 
Homogenization 

Time 
 

Nb 

Homogeneity 

Nucleation 

Potency 

Growth 

Rate 
Supercooling  

Starting 

Temperature 

Formation 

Range 

Critical 

Cooling 

Rate ♦  

AM20m 20 min  Higher + Higher + Lower ‒ Larger +  Lower ‒ Smaller ‒ Highest + 

AM12h 12 h  Lower ‒ Lower ‒ Higher + Smaller ‒  Higher + Larger + Lowest ‒ 

AC20m 20 min  Lower ‒ Lower ‒ Higher + Smaller ‒  Higher + Larger + Medium ○ 

AC12h 12 h  Higher + Higher + Lower ‒ Larger +  Lower ‒ Smaller ‒ Medium ○ 

* AM20m and AM12h are homogenized samples manufactured by laser powder bed fusion, AC20m and AC12h are homogenized samples manufactured by suction casting.  

♦ Critical cooling rates are rough values reading from the evaluated CCT diagram based on experimental data.  
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As summarized in Table 4-3 and Fig. 4-2(a), when comparing two LPBF alloys, i.e., 

AM20m and AM12h, the CCT curve of alloy AM20m has a lower starting temperature and a 

smaller formation range of the  phase, but higher critical cooling rate. However, such effects of 

homogenization time on the starting temperature and the formation range of suction-cast alloys are 

reversed, as shown in Table 4-3 and Fig. 4-2(b). It should be noted that the difference in critical 

cooling rates between two suction-cast alloys, AC20m and AC12h, are found to be negligible.  

Although the determined CCT diagrams by Garcia et al. [62] are distinctly different from 

this work, the homogenization condition clearly shows a significant impact on the solid-solid phase 

transformation during continuous cooling. In addition, as discussed in Chapter 3.2.1, the Nb 

homogeneity degrees in the vicinity of NbC particles in Inconel 718 can vary with different 

manufacturing methods and homogenization conditions. As shown in Fig. 4-4, for the LPBF 

alloys, the Nb homogeneity will decrease with extended homogenization durations (Figs. 4-

4(a)&(b)), whereas, in the suction-cast alloys, the Nb homogeneity will increase during 

homogenization with longer time (Figs. 4-4(c)&(d)). As the major element of the δ phase, Nb 

content and its homogeneity level in the matrix can affect the nucleation and precipitation kinetics 

of the δ phase. 
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Figure 4-4. (a) AM20m, the LPBF alloy with homogenization for 20 min; (b) AM12h, the LPBF alloy with 

homogenization for 12 h; (c) AC20m, the suction-cast alloy with homogenization for 20 min; (d) AC12h, the 

suction-cast with homogenization for 12 h. All the homogenizations are done at 1180oC. Dashed black 

squiggles profile the NbC carbides. The Nb concentration contour maps are developed using the EDS point 

identification with a grid size of 10 × 10 μm. 

  

Figure 4-5 takes the comparison between alloys AM20m and AM12 as an example to 

illustrate the way Nb homogeneity affecting the precipitation kinetics. As shown in Fig. 4-5, the 

homogenized sample AM20m has a higher Nb homogeneity than sample AM12h, thus each Nb 

atom in sample AM20m shares the same probability of becoming the potential nucleation site, 

which increases 𝑁0, and the nucleation rate 𝑁𝑟  in Eq. 4-1 rises accordingly. Nevertheless, the 
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relatively high Nb homogeneity around the nuclei leads 𝑋0
𝑁𝑏  in Eq. 4-2 to be low as the 

concentration fluctuation of Nb will be negligible. The supersaturation 𝛥𝑋0
𝑁𝑏 in Eq. 4-2 is hence 

reduced, resulting in a decrease in the growth rate. Therefore, the δ phase formation in alloy 

AM20m during continuous cooling primarily depends on the nucleation process while limited by 

the growth process. It is noteworthy that, some other defects, such as dislocations or stacking 

faults, can also act as heterogeneous nucleation sites during isothermal phase transformations [141] 

for the precipitates since the nucleation barrier can be effectively reduced and the diffusion of the 

solute atoms can be promoted. However, in the present work, the continuous cooling processes 

offer the driving force for the nucleation and limit the diffusion of the atoms, which is different 

from the case in the isothermal phase transformations. Therefore, it can be presumed that the effect 

of defects on the phase transformations during continuous cooling processes is not as important as 

that in the isothermal phase transformations, and it is reasonable to apply a homogenous nucleation 

mechanism for analysis.  
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Figure 4-5. Illustration of the effects of Nb homogeneity in the matrix near the NbC particles on precipitation 

kinetics of the δ phase (taking alloys AM20m and AM12h as an example). 

4.3.2 Analysis Based on Classical Nucleation and Growth Theory 

From Eq. 4-1, the nucleation rate 𝑁𝑟  can be significantly influenced by the nucleation 

barrier Δ𝐺∗ , which can be reduced through obtaining an increased supercooling during the 

nonequilibrium cooling process. In alloy AM20m, the starting temperature of the CCT curve of δ 

was found to be lower than that in AM12h, as shown in Table 4-3 and the CCT diagram in Fig. 4-

5. It indicates that the alloy AM20m has a larger supercooling degree during cooling when the δ 

phase starts to form, which is beneficial to the nucleation process. This is because of the low Nb 

supersaturation in this alloy, with which a larger supercooling should be achieved to provide 

enough nucleation driving force to decrease the nucleation barrier. In addition, when the cooling 
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rates for AM20m become faster, the supercooling of δ precipitation further increases with a higher 

driving force for nucleation. Because the precipitation in alloy AM20m mainly depends on the 

nucleation process, a higher cooling rate can hence promote nucleation by offering a higher 

nucleation driving force to reduce the nucleation barrier, making the nucleation easier. This allows 

the δ phase to form at high cooling rates, which explains the higher critical cooling rate observed 

for the δ phase in alloy AM20m (Table 4-3 and Fig. 4-5). In contrast, since the growth process of 

the δ phase is limited in alloy AM20m during cooling, the precipitation process finishes faster, 

leaving a relatively smaller formation range (Table 4-3 and Fig. 4-5). 

In alloy AM12h, as can be seen in Fig. 4-5, due to the lower Nb homogeneity, the number 

of potential nucleation sites 𝑁0 is less, as the Nb atoms close to the center of the Nb-rich area are 

more likely to become the nucleation sites. However, the local supersaturation around the nuclei 

can be higher. The growth process becomes the promoting factor of the precipitation, while the 

nucleation process limits the phase transformation. The precipitation kinetics of δ depends more 

on the precipitate growth in alloy AM12h during cooling. Under such circumstances, a small 

supercooling degree is beneficial to the diffusion of solute atoms during the growth process. 

Accordingly, in experiments, the CCT curve of the δ phase in alloy AM12h has a smaller 

supercooling, leading to a higher starting temperature comparing with that in alloy AM20m. The 

growth process in alloy AM12h can also last a longer time, and the formation range is thus larger 

(Table 4-3). In addition, when the cooling rates become higher in alloy AM12h, the phase 

transformation will be suppressed due to the diffusion of solute atoms is retarded, causing a lower 

critical cooling rate of 7 K/s (Table 4-3 and Fig. 4-5).  

For the suction-cast alloys, AC12h and AC20m, a similar explanation of the difference of 

the CCT curves can be applied. As can be seen in Figs. 4-4(c)&(d), Nb homogeneity increases 
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with longer homogenization durations, so that the alloy AC12h has a higher Nb homogeneity than 

alloy AC20m. According to the analysis above, for the suction-cast alloys homogenized for 20 

min, the growth process dominates the precipitation process of the δ phase, while for the suction-

cast alloys homogenized for 12 h, the nucleation process dominates the precipitation kinetics of δ 

phase. This is opposite to the case in the LPBF alloys, as shown in Table 4-3. 

4.3.3 Analysis Based on Precipitation Simulation 

Figure 4-6 is the simulated CCT diagram of the δ phase performed using TC-PRISMA 

according to the introduction in Chapter 4.1.2.  It shows that the low Nb homogeneity in the alloy, 

similar to AM12h, has higher starting temperatures and a lower critical cooling rate than the 

condition like AM20m with high Nb homogeneity. The simulation results agree reasonably well 

with the experimental observation shown in Fig. 4-2(a). This proves that the Nb homogeneity can 

affect the CCT diagrams of the δ phase in the way depicted by Fig. 4-5. It is noted that the 

difference of formation range observed in experiments (Fig. 4-2(a)) is not reflected by the 

simulation. This is because the whole precipitation system in the precipitation simulation was 

considered homogeneous (either for the case of 4.99 or 6.00 wt.% Nb). Therefore, the more 

sufficient diffusion of Nb in sample AM12h compared with sample AM20m at a lower temperature 

due to the higher Nb supersaturation cannot be captured by the simulation. However, in the 

practical case, the lower Nb homogeneity in sample AM12h increases the Nb supersaturation, 

leading to a higher diffusion driving force and allowing Nb to diffuse at a relatively lower 

temperature to form δ phase.  
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Figure 4-6. Precipitation simulation of the δ phase for the qualitative analysis of Nb homogeneity effects on 

the CCT diagrams. AM12h and AM20m represent the conditions of low Nb homogeneity and high Nb 

homogeneity, respectively. 

 

In summary, with the same manufacturing method, the homogenization durations can 

affect the phase transformation behaviors of the δ phase during continuous cooling processes. This 

effect is achieved by varying the Nb homogeneity. For the LPBF alloys, extending the 

homogenization duration leads to the reduction of Nb homogeneity, making the precipitation 

kinetics of the δ phase depends more on the growth process, yet for the suction-cast alloys, the 

extension of homogenization durations results in an increase of Nb homogeneity, and the 

precipitation kinetics mainly depends on nucleation process.  
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4.4 Effects of Manufacturing Methods on the CCT Diagrams of δ Phase 

The manufacturing methods were also found to influence the precipitation of the δ phase 

in the alloys subject to the same homogenization durations. As shown in Figs. 4-3(a)&(b) and 

listed in Table 4-3, with the same homogenization duration of 20 min (Fig. 4-3(a)), the CCT curve 

of δ phase in the LPBF alloy (AM20m) has a lower starting temperature, smaller formation range, 

but higher critical cooling rate compared with the suction-cast alloy (AC20m). However, under 

homogenization for 12 h (Fig. 4-3(b)), the LPBF alloy (AM12h) has a higher starting temperature, 

larger formation range, but a lower critical cooling rate than the suction-cast alloy (AC12h).  

Such a difference can be readily explained through the Nb homogeneity analysis similar to 

Section 4.3. Figures 4-4(a)&(c) indicate alloy AM20m has a higher Nb homogeneity than alloy 

AC20m; therefore, it can be inferred that the nucleation process is the main factor contributing to 

the precipitation of δ phase in alloy AM20m. The supercooling degree in alloy AM20m should 

thus be large to provide sufficient nucleation driving force, which causes the reduction of starting 

temperature and increased critical cooling rate, as listed in Table 4-3. Meanwhile, the growth rate 

in AM20m is limited attributed to a lower Nb supersaturation, which leads to a smaller formation 

range. The effects of manufacturing methods on the CCT curves of samples homogenized for 12 

h listed in Table 4-3 can be interpreted in the same way. 

In general, with the same homogenization durations, the manufacturing methods can 

influence the precipitation kinetics of the δ phase during continuous cooling by generating 

different Nb homogeneities. For the short duration of homogenization (20 min), the LPBF alloy 

has a higher Nb homogeneity, and the precipitation kinetics of the δ phase depends more on the 

nucleation process, yet the Nb homogeneity is lower in the suction-cast alloy, and the precipitation 
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is more dependent on the growth process. The circumstances for long durations of homogenization 

(12 h) are reversed. 

4.5 Effects of Cooling Rates on Microhardness 

The Microhardness of alloys after continuous cooling was investigated by Vickers 

microhardness testing, and the results are presented in Fig. 4-7. For the tested alloys, as illustrated 

in Figs. 4-7(a)~(d), the cooling rates of 1~15 K/s result in comparable hardness values (229.5 HV 

to 272.1 HV) with the as-homogenized samples. However, the hardness values achieved in the 

samples cooled at 0.1 K/s are evidently higher. Sample AM20m-01 exhibits the highest hardness 

of 421.1 HV, whereas the hardness values of the rest three samples cooled at 0.1 K/s vary from 

349.8 HV to 402.8 HV. This indicates some significant microstructure differences among these 

samples. 

Since the samples cooled at 0.1 K/s all have relatively high hardness (Fig. 4-7) compared 

to other samples cooled at higher cooling rates, these samples were etched for microstructure 

observation. In the etched microstructures, a large number of δ precipitates can be found to form 

along grain boundaries in all these samples, as seen in the subfigures of Figs. 4-8(a)~(d). Moreover, 

the appearance of subgrain boundaries can be observed in all samples with a cooling rate of 0.1 

K/s (Fig. 4-8). Such subgrain boundaries were not observed in the samples cooled at higher rates, 

which implies they may be related to the high hardness in the samples cooled at 0.1 K/s. The 

subgrains is deduced to form through the tangling of dislocations, which are generated through the 

loss of coherency of δ/γ phase boundaries during the precipitation of the δ phase [129,142]. The δ 

particles can further pin the subgrain boundaries and regard their movement. As a result, small 
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subgrains form due to the δ precipitation, and the hardness is elevated accordingly. Conversely, 

precipitation of the δ phase is more limited at cooling rates faster than 0.1 K/s, so the subgrains 

are less likely to form. This explains the lower hardness obtained in the rest as-cooled samples.  

 

 

Figure 4-7. Vickers hardness testing results of continuously cooled Inconel 718 samples after homogenization 

at 1180oC with 20 min or 12 h: (a) alloy AM20m; (b) alloy AM12h; (c) alloy AC20m; (d) alloy AC12h. AC 

means the alloys are prepared using suction casting and AM is noted for the samples prepared by LPBF. 
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Figure 4-8. SEM micrographs on etched Inconel 718 samples cooled at 0.1 K/s: (a) sample AM20m-01; (b) 

sample AM12h-01; (c) sample AC20m-01; (d) sample AC12h-01. 

 

Moreover, the precipitation strengthening due to γ″/γ′ formation could be one of the reasons 

that cause the sample AM20m-01 to have the highest hardness values among all the samples cooled 

at 0.1 K/s (Fig. 4-7). As shown in Fig. 4-8(a), a trace of γ″/γ′ nuclei can be observed in sample 

AM20m-01, although their dilatation signals are too weak to be detected. Geng et al. [69] reported 

that the γ″ precipitation was observed at cooling rates between 0.1~20 K/min (0.0017~0.33 K/s), 

which is consistent with the observation in sample AM20m-01. However, in Figs.4-8(b)~(d), no 

γ″/γ′ nuclei can be observed in samples AM12h-01, AC20m-01, and AC12h-01.  Hence, the 

occurrence of γ″/γ′ nuclei can explain the highest hardness in sample AM20m-01 among all 
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samples cooled at 0.1 K/s. The exclusive precipitation of γ″/γ′ in sample AM20m-01 is due to the 

homogenized alloy AM20m has the largest amount of Nb dissolved into the matrix, since the least 

amount of Nb-rich phases, i.e., Laves_C14 and NbC carbides, was found in this alloy (Chapter 

3.2.1). Consequently, it leads to a higher Nb concentration in the γ matrix of sample AM20m-01 

compared to other homogenized alloys shown in Fig. 4-8 and makes the γ″/γ′ precipitate readily. 
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5.0 Microstructure and Mechanical Property Evolution During Isothermal Aging Processes 

The previous chapters have shown that high-temperature homogenizations at 1180oC can 

effectively introduce recrystallization, remove columnar grain texture, and reduce the residual 

stress level in LPBF Inconel 718 alloys. Meanwhile, the homogenization conditions were found to 

affect the phase transformation behaviors during continuous cooling processes. Nevertheless, 

whether such high-temperature homogenizations are conducive to improving the mechanical 

property of LPBF Inconel 718 alloys after aging needs more verification, and how the 

homogenization process affects microstructure evolution during aging is not well studied. 

Therefore, specific research should be done to address the problems and to assist with optimizing 

the heat treatment for LPBF Inconel 718. In this chapter, in order to investigate the homogenization 

effects on the microstructure and property change after subsequent aging processes, two different 

homogenizations were firstly performed on LPBF Inconel 718 alloys and their effects on 

microstructure and property in aged samples were studied. The first homogenization process was 

selected at 1180oC for 1 h because it can effectively reconstruct grain morphology, reduce residual 

stress, and simultaneously keep refined grain size within a short time compared with other 

homogenization conditions, as shown in Chapter 3.2.  It also has a relatively low phase fraction of 

NbC, indicating that a large amount of Nb is released into the γ matrix, which allows more 

strengthening phases to form during aging. It is thus presumed that the homogenization at 1180oC 

for 1 h can improve the anisotropy of microstructure and mechanical properties of the aged 

samples. In addition, the homogenization at 1065oC for 2 h was employed as a benchmark for 

comparison, because it is a representative homogenization process used for wrought or cast Inconel 

718 alloys in industry, and the temperature is lower than the recrystallization temperature of 
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1100oC for LPBF Inconel 718. A single-step aging process at 718oC for 10 h was performed after 

each homogenization process to achieve a better understanding of the homogenization effects on 

the aging process.  Based on the research results, an optimized heat treatment method was 

proposed, and the mechanical properties were investigated. 

5.1 Impact of Homogenization on Microstructure-Property Relationships 

This chapter is modified from the submitted journal paper: Y. Zhao, F. Meng, C. Liu, S. 

Tan, W. Xiong, Impact of homogenization on microstructure-property relationships of Inconel 718 

alloy prepared by laser powder bed fusion, submitted to Mater. Sci. Eng. A.  

5.1.1 Grain Structure Evolution 

5.1.1.1 Grain Texture in the As-built Condition 

In the present work, EBSD characterization was used to study the evolution of grain 

morphology and grain size. The sample notations in the work discussed in Chapter 5.1 are listed 

in Table 5-1.  Figure 5-1 presents the grain morphologies of the as-built, homogenized, and aged 

samples along different directions. The grain morphologies in the as-built sample differ much on 

the different planes, which are shown in Figs. 5-1(a)&(b). On the XY plane (Fig. 5-1(a)), i.e., 

perpendicular to the build direction Z, the grains demonstrate an equiaxial shape. The large grains 

with diameters of around 70.5 μm are enclosed by small grains. Due to the strong temperature 

gradient in melting, on the XZ plane, i.e., along the build direction Z (Fig. 5-1(b)), the grain 

morphology is dominated by columnar shape with an average length of about 263.5 μm. As 
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mentioned in Chapter 3.1.1, the relatively larger columnar grains on the XZ plane consist of 

smaller sub-columnar and sub-equiaxial grains with Nb segregating along the grain boundaries 

and the Laves_C14 phase forming. The columnar grain texture developed can cause anisotropic 

mechanical properties with differences along directions parallel and perpendicular to the build 

direction [49,50]. 

 

Table 5-1. Sample notations and heat treatment conditions of the present work. 

Sample/heat treatment notations Heat treatment conditions 

#AB As-built 

#H1180 1180oC-1h 

#H1065 1065oC-2h 

#HA1180 1180oC-1h+718oC-10h 

#HA1065 1065oC-2h+718oC-10h 
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Figure 5-1. The Inverse Pole Figures (IPF) of the Inconel 718 samples. (a) XY plane, and (b) XZ plane of the 

as-built sample; (c) XY plane, and (d) XZ plane of sample #H1180 with 1180oC-1 h homogenization; (e) XY 

plane, and (f) XZ plane of sample #HA1180 with 718oC-10 h aging after 1180oC-1 h homogenization; (g) XY 

plane, and (h) XZ plane of sample #H1065 with 1065oC-2 h homogenization; (i) XY plane, and (j) XZ plane of 

sample #HA1065 with 718oC-10 h aging after 1065oC-2 h homogenization. The microstructures of the aged 

samples are shown in the SEM-BSE micrographs on the right-hand side of figures (e), (f), (i), and (j). The 

annealing twins in sample #H1180 are shown in Figs. 5-1(c)&(d). 
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5.1.1.2 Grain Texture Evolution After Homogenization 

After homogenization under 1180oC for 1 h, according to Figs. 5-1(a)&(c) and Table 5-2, 

the average grain diameter of 29.5 μm on the XY plane of the sample #AB (as-built, Fig. 5-1(a)) 

increases significantly to 88.4 μm in sample #H1180 (Fig. 5-1(c)), whereas the grains keep the 

equiaxial shape. On the XZ plane, as shown in Figs. 5-1(b)&(d), the columnar grain texture in the 

as-built sample #AB (Fig. 5-1(b)) disappears after 1 h homogenization at 1180oC with the 

formation of the new equiaxial grains (Fig. 5-1(d)). The grain morphology change indicates the 

recrystallization has occurred and is almost finished after the homogenization. Hence, it can be 

inferred that the homogenization at 1180oC for 1 h leads to the equiaxial grain on both the XY and 

the XZ planes.  

 

Table 5-2. Average grain size (diameter, μm) of samples on different planes. 

 

Moreover, some annealing twins can be readily observed after homogenization on both XY 

and XZ planes, as shown in the insets of Figs. 5-1(c)&(d). These twins can improve the strength 

and ductility of the materials [95,143], and can act as the nucleation sites of recrystallized grains 

Sample condition As-built  1180oC-1 h  
1180oC-

1h+718oC-10 h 
 1065oC-2 h  

1065oC-2 

h+718oC-10 h 

Observed plane Perpendicular to the build direction Z (noted as XY plane) 

Sample label with 

plane 
#AB-XY 

 

#H1180-

XY 
 

#HA1180-XY 

 

#H1065-

XY 
 

#HA1065-XY 

Average grain 

size 
29.5±19.2 88.4±50.9 92.0±56.9 32.7±22.4 30.7±19.2 

Observed plane Along the build direction Z (noted as XZ plane) 

Sample label with 

plane 
#AB-XZ 

 

#H1180-

XZ 
 

#HA1180-XZ 

 

#H1065-

XZ 
 

#HA1065-XZ 

Average grain 

size 
61.4±38.0 129.1±67.3 94.5±54.3 49.0±31.6 54.1±41.5 

Grain aspect ratio   1.46  1.03     
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during homogenization to promote grain refinement [56]. However, a large number of twins will 

be harmful to the fatigue life of the materials [144] because cracks can easily nucleate at the twin 

boundaries. In addition, Zhang et al. [145] reported that twin boundaries in a Ni-based superalloy 

can be the sites where γ″ can precipitate abnormally as a V-shape with a coarsened size. This 

precipitation behavior can cause premature dislocation activities and pronounced strain 

localization at the twin boundaries, and consequently initiates cracks. 

In order to quantitatively evaluate the grain morphology, the ratio of the average grain 

diameters on the XZ and XY planes of the homogenized sample #H1180 (1180oC for 1 h) was 

defined as the grain aspect ratio (GAR) and was used to determine the anisotropy of grain 

morphology. From Table 5-2, the GAR value of the homogenized sample #H1180 is 1.46, 

indicating that even though the recrystallization occurs in sample #H1180, the grains are still 

elongated to some extent along the build direction, the anisotropy of the recrystallized grains is 

not removed completely. 

#HA1180 is the aged sample after homogenization at 1180oC for 1 h (#H1180). As shown 

in Figs. 5-1(e)&(f), the grain of sample #HA1180 remains equiaxial on both XY and XZ planes 

after aging at 718oC for 10 h. Table 5-2 shows that the average grain diameter on the XY plane in 

sample #HA1180 is 92.0 μm, which is close to the grain diameter of 88.4 μm on the XY plane of 

sample #H1180. Nevertheless, on the XZ planes, the grain diameter in #HA1180 is 94.5 μm, which 

is smaller than that in sample #H1180 that has an average grain diameter of 129.1 μm. The grain 

refinement observed after aging in sample #HA1180 is because the smaller recrystallized grains 

continuously grow during aging and consume the volume of larger grains of which the grain 

boundaries have been pinned by NbC particles and the grain growth is limited, as discussed in 

Chapter 3.2.2. The GAR value of sample #HA1180 is 1.03, which is smaller than that of 1.46 in 
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sample #H1180. The reduced GAR value in sample #HA1180 indicates that the anisotropy of grain 

morphology is further reduced after the aging process.  

Similarly, the microstructure evolution in sample #H1065 (1065oC for 2 h) and its 

correspondingly aged sample #HA1065 (1065oC-2 h+718oC-10 h) are also analyzed. As shown in 

Figs. 5-1(g)&(h), the grain morphologies on XZ and XY planes in sample #H1065 are quite similar 

to that in the as-built sample #AB. Equiaxial and columnar grains are dominant on the XZ and XY 

planes, respectively. The results demonstrate that the homogenization at 1065oC for 2 h is not able 

to introduce recrystallization and reconstruct the grain morphology effectively. Figures. 5-1(i)&(j) 

show that after the further aging step at 718oC for 10 h, the grain morphology remains the same. 

Besides causing the various grain morphology and grain size, the different heat treatments 

can also result in the change of grain boundary amount. Here, a parameter named grain boundary 

density (GBD) is used to study the evolution of grain boundary amount under different heat 

treatments, which is defined as 

 

 𝐺𝐵𝐷 = 𝐿𝐺𝐵 𝑆⁄  (5-1) 

 

where LGB represents the total grain boundary length within a specific scan area and can be 

obtained from the EBSD results, and S represents the scan area. 
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Table 5-3. Grain boundary density (GBD, /m) of samples on different planes. 

Sample condition As-built  
1180oC-1 

h 
 

1180oC-1 

h+718oC-10 h 
 

1065oC-2 

h 
 

1065oC-2 

h+718oC-10 h 

Observed plane Perpendicular to the build direction Z (noted as XY plane) 

Sample label with 

plane 

#AB-

XY 
 

#H1180-

XY 
 

#HA1180-XY 

 

#H1065-

XY 
 

#HA1065-XY 

Grain boundary 

density 
21.15E4 8.31E4 7.97E4 20.39E4 20.00E4 

Observed plane Along the build direction Z (noted as XZ plane) 

Sample label with 

plane 
#AB-XZ 

 

#H1180-

XZ 
 

#HA1180-XZ 

 

#H1065-

XZ 
 

#HA1065-XZ 

Grain boundary 

density 
15.25E4 5.19E4 7.72E4 17.19E4 16.55E4 

 

Table 5-3 summarizes the GBD values on different planes of each sample. Regarding 

homogenized samples, on the XY plane, the GBD decreases from 21.15E4 /m of the as-built 

sample #AB (#AB-XY) to 8.31E4 /m of the sample #H1180 (#H1180-XY); on the XZ plane, the 

GBD value decreases from 15.25E4 /m of the as-built sample #AB (#AB-XZ) to 5.19E4 /m of the 

sample #H1180 (#H1180-XZ). After further aging at 718oC for 10 h, the GBD value on the XY 

plane in sample #HA1180 (#HA1180-XY) is 7.97E4 /m, which is comparable with the value of 

8.31E4 /m in the homogenized sample #H1180 (#H1180-XY). However, on the XZ plane, the 

GBD value of sample #HA1180 (#HA1180-XZ) is 7.72E4 /m, which is increased from the 5.19E4 

/m of sample #H1180 (#H1180-XZ). It is intriguing that, in contrast to the observation in samples 

#H1180 and #HA1180, the GBD shows a negligible reduction in samples #H1065 and #HA1065, 

which are homogenized at 1065oC for 2 h. According to Table 5-3, the GBD on the XY and XZ 

planes of sample #H1065 (#H1065-XY: 20.39E4 /m, #H1065-XZ: 17.19E4 /m) are close to the 

corresponding values in sample #AB (#AB-XY:21.15E4 /m, #AB-XZ: 15.25E4 /m). This indicates 

the homogenization heat treatment at 1065oC for 2 h does not change the GBD of the sample. After 

the aging step, the GBD values in sample #HA1065 are also similar to their counterparts in sample 
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#H1065. A further comparison between the aged samples after different homogenization 

conditions from Table 5-3 indicates that the GBD on the XY and XZ planes in sample #HA1065 

are 20.00E4 /m and 16.55E4 /m, respectively, which are more than double of the corresponding 

values in sample #HA1180 (#HA1180-XY: 7.97E4 /m, #HA1180-XZ: 7.72E4 /m).  Overall, the 

change of GBD is consistent with the grain size evolution in different heat treatment steps, and 

fine grains are prone to have higher GBD. Moreover, the homogenization at 1180oC enables more 

effective grain morphology reconstruction and anisotropy elimination. 

In order to investigate the relationships between the secondary phase precipitation and 

grain morphology, the SEM-BSE images of the aged samples are given on the rightest side of Fig. 

5-1. As can be seen in the SEM figures, the detrimental δ precipitates form along grain boundaries 

during the aging processes [22,142]. On the XZ plane, the number density of δ particles of sample 

#HA1180 is 9.54±2.7E8 /m2, which is less than the value of 4.96±0.54E9 /m2 in sample #HA1065. 

The reduction of δ particles in sample #HA1180 is mainly due to the lower GBD value than that 

in sample #HA1065. The same conclusions can also be made on the XY plane. Therefore, it can 

be concluded that the homogenization at a higher temperature of 1180oC can efficiently suppress 

the precipitation of the δ phase with improved material properties. 

5.1.2 Evolution of the Residual Stress 

The cyclic rapid heating and cooling of LPBF with large temperature gradients can easily 

introduce residual stresses [40,146], which will promote crack propagation and thus degrade the 

material properties. Therefore, isothermal heat treatments [42] are usually applied to reduce the 

residual stress, which can be evaluated using grain orientation spread (GOS) [147–149] through 

EBSD characterization.  
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The GOS maps and the average GOS values of each sample obtained from EBSD are 

shown in Fig. 5-2 and Table 5-4, respectively. The as-built sample #AB has a relatively higher 

residual stress level. Its XY plane (#AB-XY in Table 5-4) has an average GOS value of 2.10o, and 

the XZ plane (#AB-XZ) has an average value of 2.39o. After homogenization at 1180oC for 1 h 

(Figs. 5-2 (c)&(d)), the GOS level is notably reduced due to the recrystallization, which implies 

the residual stress has been decreased by the homogenization at 1180oC. In sample #H1180, the 

average GOS value becomes 0.63o and 0.57o (Table 5-4) on the XY plane and XZ plane, 

respectively. The reduction of GOS on the XZ plane after the homogenization is more significant 

than that on the XY plane. After the aging process at 718oC for 10 h, the GOS values on the XY 

and XZ planes (#HA1180-XY: 0.35o, #HA1180-XZ: 0.34o) are further decreased in sample 

#HA1180 compared with that in sample #H1180, indicating the aging process is also contributing 

to the residual stress reduction.  
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Figure 5-2. The Grain Orientation Spread (GOS) of the Inconel 718 samples. (a) XY plane, and (b) XZ plane 

of the as-built sample; (c) XY plane, and (d) XZ plane of sample #H1180 with 1180oC-1 h homogenization; (e) 

XY plane, and (f) XZ plane of sample #HA1180 with 718oC-10 h aging after 1180oC-1 h homogenization; (g) 

XY plane, and (h) XZ plane of sample #H1065 with 1065oC-2 h homogenization; (i) XY plane, and (j) XZ 

plane of sample #HA1065 with 718oC-10 h aging after 1065oC-2 h homogenization. 
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Table 5-4. Average grain orientation spread (GOS, o) of samples on different planes. 

 

In contrast to the significant GOS reduction in the samples after homogenization at 1180oC 

for 1 h, from Fig. 5-2 and Table 5-4, the GOS values in sample #H1065 homogenized at 1065oC 

for 2 h are comparable with the as-built sample on both XY (Fig. 5-2(g)) and XZ (Fig. 5-2(h)) 

planes (#H1065-XY: 2.39o, #H1065-XZ: 2.4o). After the following aging process, the GOS level 

of sample #HA1065 (#HA1065-XY: 2.19o，#HA1065-XZ: 2.28o) is still close to that of the as-

built sample and sample #H1065. The GOS evolution in homogenized samples #H1065 

demonstrates that the lower-temperature homogenization is not able to effectively eliminate the 

residual stress in the LPBF Inconel 718 alloys. 

5.1.3 Phase Transformations during Aging Processes 

The strengthening phases of γ″ and γ′ usually precipitate during aging of Inconel 718 at the 

intermediate temperature (around 718oC) [150–152]. The γ″ phase forms as the principal 

strengthening particle [8], which tends to grow along the [100] and [010] directions, whereas the 

growth along the [001] direction is limited. Because the lattice mismatches along [100] and [010] 

Sample condition As-built  1180oC-1 h  
1180oC-1 

h+718oC-10 h 
 1065oC-2 h  

1065oC-2 

h+718oC-10 h 

Observed plane Perpendicular to the build direction Z (noted as XY plane) 

Sample label with 

plane 
#AB-XY 

 

#H1180-

XY 
 

#HA1180-XY 
 

#H1065-

XY 
 

#HA1065-XY 

Average GOS 2.1±0.91 0.63±0.18 0.35±0.23 2.39±1.03 2.19±1.09 

Observed plane Along the build direction Z (noted as XZ plane) 

Sample label with 

plane 
#AB-XZ 

 

#H1180-

XZ 
 

#HA1180-XZ 
 

#H1065-

XZ 
 

#HA1065-XZ 

Average GOS 2.39±1.04 0.57±0.14 0.34±0.26 2.40±1.14 2.28±1.08 
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directions usually have the smallest level of ~0.56% comparing with the [001] direction, which 

can approach ~3% [53]. Such growth characteristics lead the γ″ to be plate-shaped [53], which is 

simply sketched in Fig. 5-3(a). The three possible variants of γ″ with their orientation relationships 

with the γ matrix are:  

Type I: (100)γ″[001]γ″//(100)γ[001]γ  

Type II: (100)γ″[001]γ″//(010)γ[100]γ 

Type III: (100)γ″[001]γ″//(100)γ[010]γ 

As shown in Fig. 5-3(b), three variants of γ″ particles with different orientations are usually 

observed in Inconel 718 prepared by conventional manufacturing. It is found by Qin et al. [53] 

that, when external tension is applied, the stress applied to the Inconel 718 alloys during the aging 

process can promote the growth of the γ″ precipitates with the short axis parallel to the tensile 

direction as illustrated in Fig. 5-3. From Fig. 5-3(c), such an applied tension increases the lattice 

constant of γ matrix along the tensile direction (i.e., [001] in Fig. 5-3(c)) with reduced lattice 

mismatch with the [001] direction of the type I γ″ precipitate. Therefore, only the type I precipitate 

will grow during the coarsening stage, and types II and III will dissolve gradually. Such an 

intriguing orientation preference of precipitation formation can be also observed in samples after 

homogenization in this work. As shown in Fig. 5-4, the γ″ precipitates form during homogenization 

under 1180ºC (sample #HA1180) show three variants (Fig. 5-4(a)), whereas only one variant of γ″ 

is dominant under 1065oC (sample #HA1065) (Fig. 5-4(c)). Although no external tension has been 

applied to both samples, the residual stress evaluated through the GOS maps (Fig. 5-2) is inferred 

to be the main cause for such a difference. Homogenization at 1180oC can effectively release 

residual stress (Figs. 5-2(c)&(d)), while the high residual stress with the homogenization at 1065oC 

for 2 h promotes the coarsening of γ″ with monotonic increase of aspect ratio. 
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Figure 5-3. Schematic of the single variant γ″ coarsening process under applied stresses. (a) Stress states of 

the three variants of γ″ under tension in the γ matrix; (b) magnified schematic of the stress states of the γ″ 

variants; (c) stress states of the unit cell of a Type I γ″ particle. 
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Figure 5-4. TEM analysis for aged alloys at 718oC for 10 h after different homogenizations. (a) Dark field 

image and (b) selected area electron diffraction pattern of sample #HA1180, which has been homogenized at 

1180oC for 1 h; (c) Dark field image and (d) selected area electron diffraction pattern of sample #HA1065, 

which has been homogenized at 1065oC for 2 h. 

(a) #HA1180

γ″

γ″

(c) #HA1065

γ″

    

    

          

      

   

      

    

   4

    

     

γ matrix

γ'' variant 1

γ'' variant 2
γ'' variant 3

     

     )          //(    ) [    (b) #HA1180

   

    

    

    

    

    

   

γ matrix

γ" variant 1

    )         //(    ) [    (d) #HA1065



113 

5.1.4 Mechanical Properties 

 

Figure 5-5. Illustration of the process-structure-property relationships of the LPBF Inconel 718 tensile bars. 

(a) Demonstration of the vertically and horizontally printed tensile bars; illustration of the relationships 

between grain morphology and tensile direction for (b) vertical and (c) horizontal tensile bars (taking the as-

built samples as examples); (d) engineering yield strength and (e) engineering elongation of horizontal and 

vertical tensile bars with various heat treatments. 

 

As sketched in Fig. 5-5(a), tensile bars were manufactured both horizontally (perpendicular 

to the build direction) and vertically (parallel to the build direction). Heat treatments of #HA1180 

and #HA1065 listed in Table 5-1 were performed on both types of tensile bars. Tensile tests were 

conducted to further quantify the processing impacts on mechanical properties. The as-built tensile 
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bars were used to benchmark the tensile tests. Figures 5-5(d)&(e) indicate the dependence of 

mechanical properties on build direction. The yield strength of the horizontal samples is higher 

than that in the vertical samples. Meanwhile, the elongation shows a reversed trend from Fig. 5-

5(e) due to the strength-ductility trade-off.  

Although phase stability is similar without notable difference in both horizontally and 

vertically built tensile bars, Figs. 5-5(b)&(c) taken by EBSD show a distinct difference of grain 

morphology on the planes parallel to the tensile direction, which leads to anisotropic mechanical 

properties. According to Fig. 5-5(b), the grain morphology on the XZ plane of the vertical sample 

will determine its tensile properties, whereas the grain morphology on the XY plane (Fig. 5-5(c)) 

will impact the tensile properties of the horizontal sample. From Figs. 5-5(b)&(c) and Table 5-2, 

the average grain size (29.5 μm) on the XY plane of the horizontal sample #AB is smaller than 

that (61.4 μm) on the XZ plane in the vertical sample #AB; thus, the horizontal sample has a higher 

yield strength than the vertical sample (Fig. 5-5(d)) due to the Hall-Petch effect. Because of the 

same reason, the higher GBD (21.15E4 /m, #AB-XY in Table 5-3) on the XY plane in the 

horizontal sample #AB (Fig. 5-5(c)) compared with that (15.25E4 /m, #AB-XZ in Table 5-3) on 

the XZ plane in the vertical sample #AB (Fig. 5-5(b)) can increase the probability of opening 

cracking [50] and promotes failure of the horizontal sample #AB during the tensile test, which 

results in a lower elongation of this sample.  

Moreover, the comparison between Figs. 5-5(d)&(e) indicates the tensile properties of 

samples with the same build direction can be influenced by different heat treatments.  It can be 

found from Fig. 5-5(d) that, due to γ″ precipitation during aging, yield strength gets improved in 

both heat treatments of 1180oC-1 h+718oC-10 h (#HA1180) and 1065oC-2 h+718oC-10 h 

(#HA1065). Additionally, since the aged sample #HA1065 has a smaller average grain size than 
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that of the sample #HA1180 (Table 5-2), the heat treatment with a low-temperature 

homogenization at 1065oC for 2 h can result in the highest yield strength values in both the 

horizontal and vertical samples as indicated by Fig. 5-5(d).   

The elongation results shown in Fig. 5-5(e) present that the highest elongation (28.2%) 

among the horizontal samples is achieved in the as-built sample, whereas the heat treatment of 

sample #HA1065 leads to the lowest elongation (18.9%). For the vertical samples, the as-built 

condition still leads to the highest elongation of 32.9%, whereas the heat treatment of 1065oC-2 

h+718oC-10 h (#HA1065) introduces a higher elongation than the heat treatment of 1180oC-1 

h+718oC-10 h (#HA1180). This is because the elongation direction of the columnar grains on the 

XZ plane in vertical samples #HA1065 is parallel to the tensile direction, which is similar to the 

case shown in Fig. 5-5(b), impeding the initiation and propagation of the opening cracking and 

thus leads the sample to be more ductile. Besides, as discussed by Koyama et al. [50,153], the 

roughness-induced crack termination mechanism can also retard the cracking and improve the 

ductility of the vertical samples #HA1065 with the heat treatment of 1065oC-2 h+718oC-10 h. 

The anisotropic property was evaluated through the ratios of the mechanical properties 

between horizontal and vertical tensile bars as shown in Figs. 5-5(d)&(e). Such a ratio value 

equaling 1 represents an ideal isotropic case. Evidently, sample #HA1180 subject to 1180oC-1 

h+718oC-10 h can cause the highest isotropy on both yield strength and elongation. The as-built 

samples have the intermediate anisotropy, whereas the heat treatment of 1065oC-2 h+718oC-10 h 

makes the sample #HA1065 own the highest anisotropy. The higher anisotropy of tensile property 

in sample #HA1065 than the as-built sample #AB can be explained by the contribution from the 

single γ″ variant observed in sample #HA1065 (Fig. 5-4(c)), as these two kinds of samples share 
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similar grain morphologies. This observation implies the growth of γ″ along a single variant under 

the residual stress could increase the property anisotropy of LPBF fabricated Inconel 718. 

5.2 Optimization of Heat Treatment 

In this chapter, the post-heat treatment strategies of Inconel 718 processed by LPBF were 

optimized based on the results of Chapter 5.1 and industrial heat treatments. The microstructure 

evolution and mechanical properties of the heat-treated alloys were studied. 

5.2.1 Post-Heat Treatment Optimization Based on Microhardness Testing 

As shown in Fig. 5-6, the optimization of the heat treatment was based on the 

homogenization of 1180oC for 1 h, which was found to effectively remove the columnar grain 

texture introduced during the laser melting process and initiate recrystallization to reduce residual 

stress and improve the isotropy of grain morphology, as discussed in Chapters 3.2 and 5.1. 

Following the traditional two-step aging strategy of Inconel 718 alloy, this work re-optimized the 

combination of the aging temperature and time for the LPBF alloys. For the first aging process, 

two aging temperature candidates, i.e., 760oC and 718oC were selected based on the traditional 

aging processes [27–29]. Aging times of 5 h, 10 h, and 15 h were studied under each aging 

temperature and the Vickers hardness testing of each condition was conducted to determine the 

optimal aging strategy for the aging step. These three aging times were selected to cover the time 

ranges that are usually utilized in industry and meanwhile to avoid an overlong duration for energy 

efficiency. Based on the results of the first-step aging process, various combinations of temperature 
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and time were tested for the second aging step and the one resulting in the highest hardness was 

determined as the optimized heat treatment strategy. 

 

 

Figure 5-6. Temperature profiles of the heat treatment optimization process. 

 

The Vickers hardness testing results are summarized in Fig. 5-7. From Fig. 5-7(a), under 

the homogenization condition of 1180oC for 1 h, the temperature and time combination that results 

in the highest hardness during the first step of aging was determined to be 718oC for 15 h, which 

could generate a hardness value of 481 HV. Figure. 5-7(b) shows that the second step of aging at 

650oC for 10 h can generate the highest hardness with a value of 499.5 HV, which is significantly 

higher than that in the wrought or cast Inconel 718 alloys treated by various standards [20,27,154]. 

Hence, it can be concluded that the optimized post-heat treatment strategy under the 

homogenization of 1180oC-1 h is determined as 1180oC-1 h+718oC-15 h+650oC-10 h. 
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Microstructure characterization was conducted on the samples after optimized heat treatments with 

1 or 2-step aging processes. The sample/heat treatment notations are listed in Table 5-5.  

 

 

Figure 5-7. Hardness testing results for heat treatment optimization. 

 

Table 5-5. Sample notations and heat treatment conditions. 

Sample/Heat treatment notation Heat treatment conditions 

HA1180 1180oC-1 h+718oC-15 h 

HAA1180 1180oC-1 h+718oC-15 h+650oC-10 h 

 

5.2.2 Microstructure after Optimized Heat-Treatment 

The grain morphologies of the optimized aged samples are demonstrated in Fig. 5-8. From 

Figs. 5-8(a)&(c), the grains in the samples HA1180 and HAA1180 become completely equiaxed 

and no columnar grain texture can be found. This is because the homogenization process at 1180oC 

for 1 h has effectively introduced the recrystallization and removed the columnar grain texture, as 
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discussed in Chapters 3.2 and 5.1. The grain sizes of the two aged samples are comparable with 

each other, with 167.53±114.97 μm for sample HA1180, and 156.74±88.98 μm for sample 

HAA1180, respectively (Table 5-6), indicating a further decrease in grain size happens after the 

second step of aging. However, the grain size of the aged samples was found to be larger than that 

in the 1180oC-1 h homogenized sample (129.1 μm, Table 5-2), indicating the aging processes in 

the current work can increase the grain size moderately. 

 

 

Figure 5-8. (a) Inverse Pole Figure (IPF) and (b) Grain Orientation Spread (GOS) map of sample HA1180 

with 718oC-15 h aging after homogenization of 1180oC-1 h; (c) IPF and (d) GOS map of sample HAA1180 

with 718oC-15 h+650oC-10 h after homogenization of 1180oC-1 h. 
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Table 5-6. Summary of grain and precipitate properties in the optimized aged samples. 

Sample 
Average 

grain size, μm 

Average 

GOS, o 

Mean particle 

length of γ″, nm 

γ″ particle 

number density, /m2 

HA1180 167.53±114.97 0.31±0.19 16.5±3.2 6.56E14 

HAA1180 156.74±88.98 0.27±0.05 18.5±3.4 8.76E14 

 

The residual stress of the heat-treated samples was revealed by the GOS obtained from 

EBSD. It can be clearly seen from Figs. 5-8(b)&(d) and Table 5-6 that the aged samples HA1180 

and HAA1180 have low average GOS values of 0.31o and 0.27o, respectively, which means these 

aged samples after homogenized at 1180oC for 1 h are almost stress-free. Moreover, the GOS 

values after the aging processes are further reduced compared to that of 0.57o in the 1180oC-1 h 

homogenized sample (Chapter 5.1.2), inferring the aging process can further assist with reducing 

the residual stress, which is consistent with the observation discussed in Chapter 5.1.2. 

The SEM and TEM characterizations are conducted to further investigate the phase 

transformations in aged samples. As can be seen in Fig. 5-9, the Nb-rich phases (shown as bright 

phases in the SEM-BSE images), i.e., the NbC carbides and δ phase, are observed to form in the 

aged samples, and the δ mainly precipitates along grain boundaries. The phase fractions of the 

NbC and δ keep almost unchanged after the 2-step aging compared to that in the 1-step aged 

sample, whereas the fractions of these phases are low in both samples.  
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Figure 5-9. SEM images of (a) sample HA1180 with 718oC-15h aging after homogenization of 1180oC-1h; (b) 

sample HAA1180 with 718oC-15h+650oC-10h after homogenization of 1180oC-1h. 

 

The precipitation attributes of the major strengthening γ″ phase were investigated by TEM 

characterization, as shown in Fig. 5-10, in which the “coffee-bean” contrast in the images indicates 

the γ″ precipitates in the aged samples are coherent or semi-coherent with the γ matrix, which 

generates a strain field around the particles and introduces the strengthening effects. It should be 

noted that the typical sphere-shaped γ′ phase was not observed in the current study. The mean 

particle length and particle number density of γ″ phase are listed in Table 5-6. It can be found that 

the mean particle length of γ″ increases slightly from 16.5 nm of sample HA1180 to 18.5 nm of 

sample HAA1180 after 2-step aging, while it is still limited to a small value. However, the number 

density of the γ″ precipitates increases about 34%, i.e., from 6.56E14 /m2 to 8.76E14 /m2 with the 

2-step aging applied. This is because the equilibrium status in the γ matrix is changed with the 

application of the second aging step at a decreased temperature, for which more hardening particles 

could precipitate [6]. Moreover, considering the slight particle growth after the second-step aging, 

the hardness increase observed in the samples with the second-step aging (Fig. 5-6) should mainly 

result from the increase of the number density of the strengthening particles. 
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Figure 5-10. Brigh-field TEM images of (a) sample HA1180 with 718oC-15 h aging after homogenization of 

1180oC-1 h; (b) sample HAA1180 with 718oC-15 h+650oC-10 h after homogenization of 1180oC-1 h. 

5.2.3 Tensile Properties after Optimized Heat-Treatment 

The mechanical properties of the two-step aged samples with the optimized parameters 

were evaluated by tensile testing. Both vertical and horizontal tensile bars were printed in the same 

way introduced in Chapter 5.1.4 to determine the anisotropy of mechanical properties. The 

definition of anisotropy has been given in Chapter 5.1.4. The optimized heat treatment of 1180oC-

1 h+718oC-15 h+650oC-10 h (HAA1180) was applied to both vertical and horizontal tensile bars. 

The tensile properties of the samples are summarized in Table 3, which shows both the vertical 

and horizontal tensile bars own good yield strength and are superior to the as-built alloys as shown 

in Fig. 5-5(d). Meanwhile, good elongation properties are retained. The yield strength of the 

horizontal sample (1147.8 MPa) is higher than that of the vertical sample (1092.5 MPa), whereas 

the vertical sample has a better elongation because of the strength-ductility trade-off. Table 3 

shows that the uncertainties of mechanical properties of the vertical sample are relatively low, with 
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0.8 MPa of the yield strength and 0.1% of elongation, respectively. However, although the 

horizontal sample has a low uncertainty of 0.6 MPa of yield strength, the uncertainty for the 

elongation property has a high value of 1.8%. The heat treatment HAA1180 results in a low 

anisotropy (1.05) of yield strength while the anisotropy of elongation is relatively higher (0.8). The 

high elongation anisotropy may be related to the high elongation uncertainty in the samples, but 

an ad-hoc study on this phenomenon should be further conducted.  

  

Table 5-7. Tensile properties of samples with the optimized heat treatment. 

Sample 
Printing 

direction 

Yield strength 

(YS), MPa 

Elongation 

(EL), % 

Anisotropy of 

yield strength 

Anisotropy of 

elongation 

HAA1180 Vertical 1092.5±0.8 20.6±0.1 
1.05 0.8 

HAA1180 Horizontal 1147.8±0.6 16.5±1.8 

 

 

Figure 5-11 illustrates the comparison of the mechanical properties of additively 

manufactured Inconel 718 alloys obtained from this work and the literature [3,155–159]. As can 

be seen in Fig. 5-11, the optimized heat treatment of 1180oC-1 h+718oC-15 h+650oC-10 h in this 

work can achieve good combinations of yield strength and elongation properties compared to other 

work in literature and retains low anisotropy properties among the alloys. Consequently, the heat 

treatment strategy proposed in this work can effectively improve the mechanical properties of 

Inconel 718 fabricated by LPBF and provides new perspectives for the post-processing design. 
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Figure 5-11. Comparison of the mechanical properties between the optimized heat treatments from this work 

and other studies in the literature. 
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6.0 Acceleration of Heat Treatment Development Using High-Throughput Experiment 

This chapter is modified from the published journal paper: Y. Zhao, N. Sargent, K. Li, W. 

Xiong, A new high-throughput method using additive manufacturing for alloy design and heat 

treatment optimization, Materialia, 13 (2020) 100835 [160]. 

 

Composition design and post-heat treatment optimization are the two main aspects of 

materials development [19,161]. Materials Genome highlights the importance of the rapid 

generation of the database to accelerate materials development [19,162]. Therefore, high-

throughput (HT) modeling and experiment are critical to design efficiency [163]. In additive 

manufacturing, the feedstock materials design becomes more important since more processing 

parameters can directly impact the structure-property relationships of the as-fabricated materials. 

In this chapter, an HT experiment was developed by coupling the LPBF technique with the gradient 

temperature heat treatment (GTHT) process [161,164] to effectively accelerate the post-heat 

treatment design of Inconel 718. The same concept and experimental setup can also be used for 

the post-heat treatment optimization of other alloys.  

6.1 The Setup of the High-Throughput Experiment 

In this work, a long-bar Inconel 718 sample was fabricated using the LPBF technique, as 

shown in Fig. 6-1(a). The Inconel 718 build was designed with twenty-three evenly distributed 

holes. These holes provided flexibility when choosing monitoring locations. In addition, the holes 
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increased the surface area of the sample and further improved the convection heat transfer, which 

reduced the variation in the sample temperature relative to the air temperature. As a result, the air 

temperature calibration became more representative of the real sample temperature, allowing the 

preemptive selection of the monitoring locations in the sample according to the actual needs. The 

flexibility of the setup of the high-throughput experiment was increased by adopting additive 

manufacturing methods for sample fabrication. Using this methodology, the current work 

significantly reduced the total time needed for heat treatment. 

 

 

Figure 6-1. Setup of high-throughput experiments. (a) Inconel 718 build printed by LPBF; (b) setup of 

temperature record and illustration of sample cutting for microstructure characterization (taking sample 

HT825 as an example; the sample notations and the corresponding heat treatment are shown in Fig. 6-2); (c) 

setup of the furnace for the high-throughput experiment; (d) experimental temperature distribution inside 

the bar-sample. 
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The long bar build was firstly encapsulated in a quartz tube with a backfilled Ar protective 

atmosphere and then homogenized at 1180oC for 1 h to eliminate the microsegregation and the 

columnar grain texture from the LPBF process. The microstructures of the as-built sample and the 

sample homogenized at 1180oC for 1 h were discussed in Chapter 3. Afterward, the sample was 

quenched into ice water. Before conducting the HT aging heat treatment, eight K-type 

thermocouples were fixed into eight equidistantly distributed holes using conductive high-

temperature cement, as shown in Fig. 6-1(b). The thermocouples were connected to a computer 

via a data acquisition system to record the aging temperatures at each location throughout the aging 

process. The uncertainty of the temperature control is ±0.75%. The aging heat treatment was then 

carried out in a tube furnace with one end open to introduce gradient temperatures at different 

locations in the sample, as illustrated in Fig. 6-1(c). The furnace settings necessary to achieve the 

desired temperature gradient were calibrated by measuring the temperature as a function of 

position with a K-type thermocouple. Calibration of the temperature profile was kind of time-

consuming as several attempts may be needed to find a good combination of the furnace settings 

and the plug location to obtain the desired temperature gradient. Thus, the HT experimental 

method described in this work mainly saves time for long-term heat treatments. It is important to 

note that the achievable temperature gradient will change depending on the furnace. Therefore, if 

an experiment must be reproduced, the same furnace and settings should be used. The furnace 

temperature settings and the position of the sample inside of the furnace tube had been deliberately 

calibrated to acquire a temperature gradient of 600~800oC, within which the δ, γ′, and γ″ phases 

can precipitate during the aging processes [165]. The temperature gradient during the aging 

process was stable without fluctuation, and the distribution of temperatures achieved at each 

monitored location is illustrated in Fig. 6-1(d). From Fig. 6-1(d), the experimentally obtained 
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temperature gradient was within 605~825°C, which agreed well with our expectation. The aging 

process lasted 15 h, followed by quenching into ice water thereafter. The temperature diagram of 

heat treatment in the present work and the corresponding sample notations are summarized in Fig. 

6-2. The alloy located adjacent to each thermocouple (as shown in Fig. 6-1(b) with a highlighted 

case for HT825) were sectioned individually for microstructure characterization to determine the 

effect of different aging temperatures. 

 

 

Figure 6-2. Temperature diagram of heat treatment with the corresponding sample notations used in this 

work. 
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6.2 Microstructure and Mechanical Property Characterization 

EBSD characterization was performed on each aged sample to observe the grain 

morphology.  As presented in Figs. 6-3(b)~(i), coarse grains can be found to form in all aged 

samples. The average grain diameters measured by EBSD, in a range of 160~210 μm, are plotted 

as a function of the corresponding aging temperatures in Fig. 6-3(a). The grain size is shown to be 

independent of the aging temperature. Such observation elucidates that the chosen aging 

temperatures do not cause significant effects on the grain size and morphology, which has not yet 

been observed in the studies on Inconel 718. Additionally, the relatively large grain size achieved 

after heat treatment in this study has little contribution to the microhardness variation. 

According to the microhardness testing results shown in Fig. 6-3(a), three representative 

samples were selected for further microstructure investigation to understand the structure-property 

relationships: (1) the sample HT605 having the lowest microhardness of 248.4 HV; (2) the sample 

HT716 having the highest microhardness of 477.5 HV; and (3) the sample HT825 owning the 

lowest microhardness of 332.2 HV in the high-temperature gradient. As shown in the 

microstructure under SEM and TEM, Figs. 6-4(a)&(b), except a small amount of NbC carbides, 

no γ″/γ′ and δ precipitates can be observed in the sample HT605. In sample HT716 (Fig. 6-4(d)), 

the 716oC-aging causes a small amount of the δ phase to precipitate along grain boundaries. 

However, a large number of plate-shaped γ″ particles were observed in the TEM micrographs 

(Figs. 6-4(e)&(f)). These γ″ particles are very fine with a mean particle length of 13.8±4.2 nm 

through image analysis. The typical γ′ phase with spherical shape was not found to precipitate in 

sample HT716. This indicates that the precipitation of γ″ preceded the formation of γ′ in the current 

study. Therefore, the strengthening effect is dominated by γ″ with fine particle size. Figure 6-4(g) 

and its inset present significant precipitation of the δ phase along the grain boundaries in sample 
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HT825. As pointed out by the red arrows in the inset of Fig. 6-4(g), some δ particles were observed 

not to have habit planes parallel to the grain boundaries, and their growth is usually accompanied 

by grain boundary migration. Hence, the corresponding grain boundaries have a jagged 

appearance, as discussed in Ref. [142]. Figure 6-4(h) shows the γ″ particles in sample HT825 are 

significantly coarsened with a mean particle length of 303.9±183.2 nm. Similarly to sample 

HT716, the γ′ phase was not observable in sample HT825, which suggests the precipitation of γ′ 

is still surpassed by γ″ during the aging at 825 C.  

 

 

Figure 6-3. (a) Results of Vickers microhardness and average grain size measurements. IPFs of the aged 

samples with (b) HT605; (c) HT664; (d) HT716; (e) HT751; (f) HT779; (g) HT798; (h) HT816; (i) HT825. 
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Figure 6-4. Microstructures of HT605 characterized by (a) SEM-BSE; (b) bright-field TEM; (c) selected-

area-electron-diffraction (SAED). Microstructures of HT716 characterized by (d) SEM-BSE; (e) bright-field 

TEM; (f) SAED. Microstructures of HT825 characterized by (g) SEM-BSE; (h) bright-field TEM; (i) SAED. 

The different γ″ variants in (f) and (i) are shown by different colors, and the corresponding zone axes are 

indicated. 

 

It is obvious that the different microhardness among the aged samples is due to the various 

phase transformation behaviors. According to Oblak et al. [166], the coherency strengthening 

stems from the γ″ phase is the primary mechanism for the hardening effects in Inconel 718. The 

coarsening of the γ″ precipitates can lead to coherency loss and can weaken the hardening effects 

[167,168]. The critical mean particle length of the γ″ for coherency loss was reported to be 80~120 

nm [76,167–169]. Consequently, it can be inferred that the very fine γ″ particles with a mean 

particle length of 13.8 nm obtained in 716oC-aging primarily contribute to the highest 
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HT825 is mainly attributed to the coherency loss of γ″ [167,168], which is owing to the precipitates 

coarsening.  Besides, the large amount of δ phase formed in sample HT825 is also considered to 

reduce the microhardness, because the δ precipitates have incoherent phase boundaries with the γ 

phase, which degrades the hardening effect in the alloy. However, in sample HT605, it is the 

absence of the strengthening phases that leads to the dramatically reduced microhardness, and this 

result suggests that the aging process at 605oC for 15 h is insufficient for the precipitation 

hardening in LPBF Inconel 718.  

The aging temperature of 716oC with optimal microstructure is close to the widely used 

values of 718 or 720oC in the heat treatment of Inconel 718 [20,30], proving the validity in 

microstructure engineering of the proposed HT method. This work demonstrated that the high-

throughput experiment coupling LPBF technique with GTHT can serve as an effective tool with 

flexibility to accelerate the post-heat treatment optimization and new alloy development for 

advanced manufacturing, especially for LPBF components. 
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7.0 Conclusions and Future Work 

In this dissertation, the microstructure engineering during heat treatment of Inconel 718 

Ni-based superalloys processed by laser powder bed fusion was studied using both modeling and 

experiments. The following conclusions can be drawn: 

• Using DICTRA simulation, the homogenization time of the as-built Inconel 718 

alloy was reasonably predicted. The calculated homogenization time from single-

phase models with the composition of the Laves_C14 phase obtained using results 

from either EDS or calculation using the lever rule as input matched reasonably 

well with experimental observation. The predicted value is closer to the 

experimental value if the composition of the Laves_C14 phase is determined 

accurately. However, the single-phase model with the segregation profile 

determined from the Scheil simulations as the inputs could not give a reliable 

prediction. This is inferred to be due to the repeated thermal cycling during the 

LPBF process that results in a modified segregation profile, which deviated from 

that of the single solidification process predicted by Scheil simulation. The moving 

boundary simulations underestimated the homogenization time due to the lack of 

mobility data for the Laves_C14 phase for LPBF alloy. This necessitates the need 

for determining the mobility parameters for describing the Laves_C14 phase to 

extend the applicability of kinetic simulations using DICTRA to effectively 

estimate the homogenization time for different processing. 

• A comparative analysis of the microstructure evolution at 1180oC in Inconel 718 

alloys processed by suction casting and LPBF was performed. The initial 
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microstructures of the as-cast and as-built samples were different. Such a difference 

can influence the Nb homogeneity of the matrix. The Nb homogeneity increased in 

suction-cast alloys; whereas it decreased in LPBF alloys with increasing time 

during isothermal heat treatment at 1180oC. In suction-cast alloys, the Laves_C14 

phase remained during 1 h (short-time) homogenization and dissolves after 12 h 

(long-time) homogenization. In LPBF alloys, the Laves_C14 phase dissolved 

completely within homogenization of 20 min accompanied by the growth of the 

NbC carbides, which continued during the entire homogenization process. 

Abnormal grain growth was observed in suction-cast alloys with increased 

homogenization time due to the dissolution of the Laves_C14 phase, while the grain 

growth was impeded, and the average grain size was even refined in LPBF alloys 

for longer homogenization durations. The grain refinement was attributed to 

recrystallization and the Zener pinning effect by NbC carbides. The columnar grain 

texture formed during the LPBF process can be removed effectively after 1 h 

homogenization at 1180oC. Multi-types of dislocation behaviors were observed in 

the homogenized LPBF alloys. The coherency loss due to the growth of NbC 

carbides and the release of local strains during homogenization process are two 

major factors contributing to the dislocation generation. Dislocations generated in 

the homogenized LPBF alloys were found to be arrays or loops, which can be 

interpreted by the intermediate stacking fault energy of Inconel 718. Both Orowan 

bowing and dislocation cutting mechanisms were found regarding the dislocation-

precipitate interaction. The pileup of dislocations at grain boundaries can activate 
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new dislocation arrays in the adjacent grain, which is conducive to local strain relief 

and preventing the initiation of cracks. 

• The CCT diagrams of LPBF Inconel 718 alloys after homogenizations at 1180oC 

for 20 min and 12 h were established based on microstructure characterization and 

dilatometry analysis. Corresponding CCT diagrams of suction-cast alloys were 

determined for comparison using the same method. NbC carbides and δ phase were 

found to precipitate during the continuous cooling process in all alloys at 

appropriate cooling rates. Both homogenization durations and manufacturing 

methods can affect the phase transformation behaviors, i.e., the starting 

temperature, the precipitation formation range, and the critical cooling rate, of the 

δ phase during cooling by changing the Nb homogeneity. The precipitation kinetics 

of the δ phase during cooling depended more on the nucleation process in alloys 

with higher Nb homogeneity, while the growth process was predominant in alloys 

with lower Nb homogeneity. Compared to the samples cooled at higher rates, the 

cooling rate of 0.1 K/s can achieve the highest hardness in all alloys with different 

homogenization durations and manufacturing conditions. This is deduced to be due 

to the formation of subgrains as a result of the abundant precipitation of δ phase. 

This work indicates that the ad-hoc design of a post-heat treatment for 

microstructure engineering of LPBF alloys is essential. A careful analysis of 

microstructure influenced by cooling processes is critical for the heat treatment 

design of LPBF alloys. Moreover, due to the effects of different homogenization 

and manufacturing on the CCT diagrams, for phase transformation modeling, the 

CCT diagram may not be the best choice to integrate with other thermal modeling 
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simulations to understand the microstructure evolution of Inconel 718 alloys in 

additive manufacturing with cyclic heating and cooling. 

• The influence of homogenization conditions on the microstructure-property 

relationships during the subsequent aging processes in LPBF manufactured Inconel 

718 was studied. It was found that the homogenization at 1180oC for 1 h can 

introduce complete recrystallization and removal of columnar grain texture. 

Meanwhile, the residual stress generated during the additive manufacturing process 

can be removed by the homogenization heat treatment, three variants of γ″ 

strengthening phase can precipitate during the aging process at 718oC for 10 h after 

homogenization, and the mechanical properties became isotropic. On the contrary, 

the traditional homogenization at 1065oC for 2 h and the following aging at 718oC 

for 10 h cannot change the grain morphology from the as-built sample, neither can 

the heat treatments effectively reduce the residual stress. During the aging process 

after 1065oC-2 h homogenization, one variant of the γ″ phase was found to be 

dominant, which is due to the relatively higher residual stress. The tensile tests 

demonstrated that under the same heat treatment conditions, the tensile bars printed 

horizontally had higher yield strength but lower elongation than the tensile bars 

printed vertically. The heat treatment of 1065oC-2 h+718oC-10 h achieved the 

highest yield strength among the sample tested, while the heat treatment of 1180oC-

1 h+718oC-10 h achieved the highest isotropic mechanical properties. The results 

revealed that the homogenization conditions can significantly influence the 

microstructure evolution, affect the phase transformations during the aging steps, 

and change the isotropy of mechanical properties in LPBF Inconel 718 alloys. The 
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effects of homogenization on the microstructure and property evolution should be 

specifically considered when designing the post-heat treatment. 

• The heat treatment of 1180oC-1 h+718oC-15 h+650oC-10 h was optimized based 

on the traditional heat treatments and the phase transformation research in the 

current work. It was found that the second aging step can improve the alloy 

hardness due to the increase in the number density of γ″ particles whereas the mean 

particle size only increased slightly. A good combination of strength and ductility 

were achieved in samples through the heat treatment of 1180oC-1 h+718oC-15 

h+650oC-10 h;  while good isotropy of tensile properties was maintained.  

• A high-throughput experiment was designed by introducing a gradient temperature 

within LPBF Inconel 718 systems. The optimized aging temperature for the LPBF 

Inconel 718 was determined to be 716oC, which can result in the highest 

microhardness and is close to the industrial aging temperature of 718oC for wrought 

Inconel 718 alloys. The hardening effect at 716oC mainly stemmed from the refined 

particles of the principal strengthening phase γ″; whereas the coarsened particle 

size at high aging temperature or the slow precipitation kinetics at the low 

temperature of the γ″ phase degraded material hardness. Grain size was found to be 

independent of aging temperature between the investigated temperature range of 

605oC to 825oC. This high-throughput method proved to be an effective tool for 

post-heat treatment optimization. The flexibility of the LPBF methods in printing 

various dimensions and geometries of samples can further expand its applicability 

in high-throughput experiments for new alloy development.  
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• In general, the present work was a comprehensive study on the microstructure 

engineering for LPBF Inconel 718 superalloy and revealed the process-structure-

property relationships during various heat treatments. The microstructure and 

property evolution of LPBF Inconel 718 differed evidently from that of traditionally 

manufactured alloys. New post-heat treatment strategies should be specifically 

designed and optimized for LPBF Inconel 718 based on its microstructure 

characteristics to achieve improved material properties. The high-throughput 

method is a promising solution to accelerate post-heat treatment development. The 

additive manufacturing technique can be leveraged as a useful tool for the 

implementation of high-throughput experiments. 

More work is suggested in the future to expand the research: 

• By assuming the diffusion-controlled process of homogenization, an improved 

diffusion database with the Laves_C14 phase involved should be developed to 

guide the design of post-heat treatment better. Moreover, the interfacial effects 

during Laves_C14 dissolution can be taken into consideration to further enhance 

the accuracy of the model-prediction.  

• Although the variation of oxidation and carbon content due to the manufacturing 

processes were not identified with a notable impact on microstructure and 

mechanical properties in this work, the extent of oxidation and carbon loss can be 

quantified and their potential influence can be further studied, which will support 

uncertainty quantification.  

• The homogenization temperature and time can be further optimized to achieve a 

balance of manufacturing cost and materials properties. The current work only 
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studied the homogenization at 1180oC, which can be potentially lowered, and the 

homogenization time can be moderately extended to obtain similar microstructure 

and properties. A set of high-throughput experiments using the method proposed in 

Chapter 6.0 can be performed to efficiently optimize the combination of 

temperature and time for the homogenization process. 

• Research on the residual stress in Inconel 718 alloys and how it impacts the phase 

transformation of the γ″ phase should be done in more detail. The type and level of 

residual stress at various locations and their effects on the precipitation kinetics, 

preferred orientation, and particle morphology of the γ″ phase should be studied 

both theoretically and experimentally. 

• The mechanism of the relatively higher elongation anisotropy of the samples with 

the two-step optimized aging process is still unclear. Further dedicated work should 

be done to elucidate the underlying mechanisms. 
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Appendix A Calculation and experimental results of abnormal grain growth rate for the 

suction-cast sample homogenized at 1180oC for 12 h, AC12h 

According to Kusama et al. [114], the grain growth rate can be expressed as: 

 

 
𝑑𝑅

𝑑𝑡
= 𝑀𝑔𝑏 ∙ Δ𝐺 Appendix (A-1) 

 

of which R is the radius of a grain, t is the time, Mgb is the grain boundary mobility, ΔG is the 

driving pressure of the grain growth.  

The ΔG includes two contributions: ΔGs, which represents the driving pressure from 

subgrain boundaries, and ΔGh, which is the driving pressure from pre-existing high-angle grain 

boundaries. In this work, no subgrains are observed. Hence ΔG becomes 

 

 Δ𝐺 = Δ𝐺ℎ = 𝜎ℎ𝑉𝑚(
𝐶𝑛
𝑅𝑛

−
𝐶𝑎
𝑅𝑎
) Appendix (A-2) 

 

where σh is the grain boundary energy, which is not readily available. The only reported value for 

the grain boundary energy in Inconel 718 is considered as 0.424 J/m2 from Nishimoto et al. [170] 

during the study of grain boundary liquation. This value is comparable with other work for the 

Inconel alloys [171]. Vm is the molar volume of Inconel 718 and is calculated to be 7.38×10-6 

m3/mol using the TCNI8 database. Rn and Ra are the mean radii of normal grains and abnormal 

grains, respectively. The value of Rn is taken as 113.5 μm (representing the left peak of grain size 
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distribution in sample AC1h, Fig. 3-16(i)), and Ra is estimated to be 406.6 μm (representing the 

weighted average grain size of abnormal grains in sample AC12h).  Cn and Ca are constants, and 

are taken as 1.5 and 1, respectively, for 3D growth case and when Rn ≪ Ra [114]. The value of ΔG 

is calculated as 0.0337 J/mol. 

The grain boundary mobility Mgb is calculated by: 

 

 𝑀𝑔𝑏 =
𝐷𝑔𝑏

𝛿𝑅𝑇
 Appendix (A-3) 

   

where δ is the grain boundary thickness and is used as 5×10-10 m [114,172,173], R is the constant 

of the ideal gas, T is the temperature, i.e., 1453.15 K (1180oC). Dgb is the diffusivity of the grain 

boundary. Due to the lack of experimental data of Dgb in Inconel 718, experimental parameters 

measured by Cermak [172] in a Ni-10.04Fe-18.98Cr (in wt.%) alloy are adopted. The Dgb is 

estimated by [172,173]:  

 

 𝐷𝑔𝑏 =
1

𝑠 ∙ 𝛿
{𝑠𝛿𝐷𝑔𝑏}0exp (−

𝑄𝑔𝑏

𝑅𝑇
) Appendix (A-4) 

 

where s is the segregation factor, which equals the ratio of the concentrations of an element i in 

the grain boundary and in the matrix near the grain boundary. It is found that when the content of 

Cr approaches to about 20 wt.%, the gradients of elemental concentrations near grain boundaries 

are small, and the values of s of Cr and Fe can be considered as 1 [172]. In our case, the 

concentration of Cr in Inconel 718 is about 19 wt.%, which is close to the threshold of 20 wt.% in 

[172]. Additionally, it is reasonable to speculate that the high-temperature and long-time 
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homogenization applied on the alloys can reduce the grain boundary segregation to a relatively 

low level. Therefore, s=1 is an acceptable assumption. {sδDgb}0 is the pre-exponential factor and 

Qgb is the activation energy of grain boundary self-diffusion [172,173]. The values of {sδDgb}0 and 

Qgb are taken as 1.349×10-10 m3/s and 2.187×105 J/mol from [172], respectively. These values are 

for the diffusion of Fe in the grain boundaries of the Ni-10.04Fe-18.98Cr (in wt.%) alloy, since 

the diffusion of Fe was found to be slower than that of Cr, as reported in [172], becoming a 

controlling factor of grain boundary movement. The Dgb is calculated to be 3.71×10-9 m2/s. 

The Mgb is estimated to be 6.142×10-4 mol∙m/(J∙s). Hence, the theoretically predicted 

abnormal grain growth rate is dR/dt=2.067×10-5 m/s. 

The experimental abnormal grain growth rate for the suction-cast sample homogenized at 

1180oC for 12 h, i.e., the sample AC12h, is determined as follows. The grain growth from the 

beginning (0 h) to 12 h can be described by: 

 

 𝑅(𝑡)2 − 𝑅0
2 = 𝑘𝑡 Appendix (A-5) 

   

where R(t) is the average abnormal grain radius at time t, and R0 is the initial grain radius at the 

time t0. In this case, R(t) is Ra, and R0 is the average grain radii (16 μm) in the as-cast sample, 

respectively. k is a constant and calculated as 3.82×10-12 m2/s, and t=12 h. Thus the experimental 

value of dR/dt(t=12 h) is 4.7×10-9 m/s. 
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